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12 We investigate the degradation mechanisms during redox cycling of directionally freeze-cast, lamellar Fe 

13 foams containing 0, 7, 19, or 25 at. % Ni, relevant to applications in solid-oxide Fe-air batteries and 

14 chemical looping processes. In pure Fe, the oxidation/reduction cycle causes a net outward Fe mass flux. 

15 This imbalance, left untreated, leads to irreversible microstructural changes: growth of internal 

16 microporosity in Fe lamellae and formation of a dense, gas-blocking shell at the foam exterior surface. 

17 We propose and demonstrate a novel strategy of alloying Fe with Ni to make reversible the oxidation and 

18 reduction pathways, creating a self-healing effect for redox cycling by H2O/H2 at 800 °C (representative 

19 of a solid-oxide Fe-air battery). During oxidation, each Fe-Ni lamella transforms, in situ, into a composite 

20 structure with a Ni-rich alloy core and FeO/Fe3O4 surfaces. The internal Ni-rich scaffold imparts 

21 mechanical stability against oxide fracture and spallation typical of Fe redox materials. During subsequent 

22 reduction, the Ni-rich scaffold maintains adhesion to the FeO/Fe3O4 surfaces, and Ni catalyzes Fe 

23 reduction at the metal/oxide interface. From this interface, Fe diffuses inward to the Ni-rich core, 

24 reversing the diffusive flux of the oxidation half-cycle, and Fe-Ni re-homogenization eliminates the 

25 microporosity formed within the lamellae during oxidation. Foams are redox-cycled and their 

26 microstructural changes are examined by metallography, SEM/EDS, and X-ray diffraction. In pure-Fe 
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27 foams, the channel porosity necessary for gas flow decreases from 63 to 27 vol. % after 5 redox cycles, 

28 while the deleterious microporosity increases from 3.6 to 13.7% of the lamellae volume. In contrast, Fe-

29 25Ni foams maintain 54 vol. % channel porosity and develop microporosity of only 6.7% of the lamellae 

30 volume, with mechanically stable microstructures for at least 20 redox cycles.

31

32 1. Introduction

33 A promising new technology for energy conversion and storage is the solid-oxide Fe-air battery 1–4, a 

34 high-temperature device similar to a reversible solid oxide fuel cell (RSOFC). RSOFCs have been 

35 proposed for buffering the intermittency of solar and wind power generation, by operating in fuel cell 

36 mode when solar and wind production dips, or electrolysis mode when solar and wind provide excess 

37 electricity supply 5. This concept requires large-scale storage of H2 (and H2O) used by the RSOFCs, as 

38 well as efficient heat recuperation 6. The solid-oxide Fe-air battery avoids these complications by instead 

39 using much smaller volumes of H2/H2O to reversibly oxidize Fe and reduce its oxides 1,2, since the redox 

40 potentials for Fe/FeO and FeO/Fe3O4 are within the range of oxygen partial pressure typical of RSOFC 

41 anodes at 550-900 °C 7,8. Sending the RSOFC exhaust gas directly to the Fe-based redox material in a 

42 plug-flow reactor design would be inefficient, due to incomplete gas conversion. Instead, an Fe-air battery 

43 is created by filling the RSOFC anode chamber with Fe-based energy storage material (ESM) and 

44 hermetically sealing it, with the enclosed H2/H2O atmosphere enabling Fe oxidation (battery discharging) 

45 and FeO/Fe3O4 reduction (battery charging) as the H2/H2O composition changes in response to the cell 

46 potential, alternating between H2O- and H2-rich mixtures, respectively 1,4,9.

47  As with any secondary battery, two key performance metrics relate to reversibility: (i) 

48 reversibility of the oxidation/reduction reactions, to minimize overpotentials and obtain high roundtrip 

49 energy efficiency, and (ii) reversibility of redox-induced changes in the active material’s microstructure, 

50 to maintain consistent storage capacity and rate capability over the battery lifetime. Iron-air batteries face 

51 substantial challenges in the latter category: the Fe-based ESM degrades quickly during redox cycling 

52 2,7,10–12. One degradation path is densification 7,13, driven by sintering and the large molar volume changes 
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53 associated with redox (e.g., 114% expansion of Fe to Fe3O4), which diminishes the open porosity 

54 necessary for H2/H2O gas transport. Additions of redox-inactive oxide particles, such as Al2O3 14, TiO2 15, 

55 ZrO2 7, Y2O3 7, and CeO2 16, inhibit sintering, but the necessary amount of inactive material (typically > 

56 30 vol. %) drives cost up and energy density down. Battery operation at lower temperatures, 550 or 650 

57 °C 8,17, also decreases degradation effects, while aligning with technological progress in intermediate-

58 temperature SOFCs 18.

59 The second, thornier, degradation effect is the growth of a gas-blocking exterior shell around the 

60 active material 13,19,20, which arises from the irreversible mass flux of Fe inherent to its oxidation and 

61 reduction 21. Iron oxidation is mediated by diffusion of cation vacancies through FeO and Fe3O4, since 

62 oxygen ion diffusivity is several orders of magnitude smaller than that of iron ions 22,23. During the 

63 oxidation half-cycle, Fe ions diffuse from the interior of the material through the oxide surface layer and 

64 react with H2O at the free surface to form new FeO. This process corresponds to an extreme Kirkendall 

65 effect 24–26 – a large imbalance between Fe and O ion interdiffusion – and results in nucleation and growth 

66 of Kirkendall micropores at the internal Fe/FeO interface 19. In contrast, the subsequent reduction half-

67 cycle is a surface-controlled process: Fe islands form on the surface of FeO/Fe3O4, and, as they grow, the 

68 volume contraction of oxide to metal exposes more oxide for further reaction 27. There is no driving force 

69 during reduction to eliminate the Kirkendall micropores, so with repeated redox cycling the micropores 

70 accumulate and Fe mass continues to migrate to the material exterior, which forms the dense gas-blocking 

71 shell 19,21. Shells also form on ESM containing sintering inhibitors 28,29, since the redox-inactive phase 

72 addresses densification but not the underlying, irreversible Fe ion mass flux.

73 Recently, we demonstrated the use of directional freeze-casting to create highly porous (~ 70 vol. 

74 %), lamellar Fe foams for use in Fe-air batteries (Figure 1) 13. Compared to conventional packed powder 

75 beds 30 or pellets with random porosity 2, the foam’s lamellar structure is designed to prevent sintering, as 

76 colonies of parallel Fe lamellae separated by macropore channels can accommodate the large redox 

77 volume changes of each individual Fe lamella. Furthermore, the low tortuosity of the long channels is 

78 advantageous for gas transport, as compared to powder beds 31,32. Still, the Kirkendall effect causes a 
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79 decrease in channel porosity, since the expansion/contraction of individual lamellae are not reversible: the 

80 net outward Fe flux leads to formation of internal microporosity within the lamellae, which make contact 

81 with each other thus creating a gas-blocking shell 19. Iron foams with a dendritic architecture 33,34, rather 

82 than lamellar, do not show substantial improvement 35, and while addition of sintering inhibitors such as 

83 Y2O3-stabilized ZrO2 has somewhat improved structural stability 29, substantial mechanical stabilization 

84 of these foams during redox cycling has so far proved elusive.

85 Here, we report on a novel approach in improving the structural stability of Fe-based foams as 

86 ESM for Fe-air batteries. Aiming to address the irreversibility of redox microstructural changes, we 

87 fabricate and test freeze-cast Fe foams alloyed with Ni. Nickel was selected as a promising candidate for 

88 alloyed foams because it has a wide solid solution range with Fe, and Ni does not oxidize under Fe-air 

89 battery operating conditions 7. Cobalt also meets these criteria, though Ni was chosen for this 

90 investigation due to its lower cost and higher natural abundance. Because Ni remains metallic during the 

91 oxidation half-cycle, it forms in situ a ductile network throughout the lamellae of the foam, helping to 

92 stabilize the FeO/Fe3O4 layers. During reduction, freshly reduced Fe rapidly diffuses back into the Ni-rich 

93 network, and the re-homogenization process eliminates Kirkendall micropores. The overall result is a 

94 cycle of microstructural changes that is self-healing (nearly fully reversible), maintaining the desirable 

95 open channels between lamellae and avoiding the growth of micropores within lamellae, thus preventing 

96 the gas-blocking shell formation.

97 The superior mechanical stability of Ni-alloyed Fe foams promises to greatly improve material 

98 lifetime and, consequently, retention of capacity and rate capability in solid-oxide Fe-air batteries. Similar 

99 high-temperature redox processes, such as chemical looping combustion 36,37 and the steam-iron process 

100 11, could also benefit from this materials design approach applied to operation with different redox gases 

101 (e.g., oxidation by air). Recently, Trocino et al. 3,38 demonstrated a solid-oxide Fe-air battery in which the 

102 ESM is directly joined to the anode, which could eliminate entirely the need for an H2/H2O atmosphere. 

103 However, one major limitation is that, when iron is oxidized, the electronic conductivity throughout the 

104 anode/ESM composite is diminished, so only a fraction of the ESM is utilized. By preserving a 
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105 continuous network of metallic Ni even during the oxidation half-cycle, the Fe-Ni foams demonstrated 

106 here could enable full utilization of the Fe-air battery design by Trocino et al.

107

108 2. Experimental

109 2.1. Fe-Ni foam fabrication

110 Iron-nickel lamellar foams were prepared via directional freeze casting of an aqueous suspension, freeze 

111 drying, and reduction and sintering under flowing H2 (Ts = 1000 °C, 3.5 h). The fabrication process was 

112 the same as detailed in previous work 29, except using suspensions containing submicron α-Fe2O3 (99.9%, 

113 325 ± 130 nm, Reade Advanced Materials), nanometric NiO powders (99.5%, 45 ± 15 nm, SkySpring 

114 Nanomaterials), polyethylene glycol binder (Mn = 3350, Sigma Aldrich), and Zephrym PD 4974 

115 dispersant (Croda, Inc.). Foams were prepared from suspensions with different ratios of Fe2O3:NiO, all 

116 with a total of 10 vol. % powder in the suspension (Table S1). These “as-prepared” Fe-Ni foams 

117 contained 0, 6.6, 19.0, or 25.0 at. % Ni.

118

119 2.2. Redox cycling and characterization

120 Foams were tested individually using redox conditions simulating the operation of a solid-oxide Fe-air 

121 battery at 800 °C, with cyclical oxidation by H2O and reduction by H2. Each foam (~0.5 g) was placed on 

122 an alumina plate in a tube furnace and heated at 10 °C min-1 under 100 sccm flowing H2. Once 

123 equilibrated at 800 °C, the gas was switched to 120 sccm Ar flowed through a 93 °C H2O bubbler (Psat = 

124 0.78 bar) for 60 min of oxidation. The gas was then switched to 200 sccm H2 for 90 min of reduction, and 

125 these half-cycles were then repeated. After redox cycling was complete, foams were cooled at 10 °C min-1 

126 under 100 sccm H2. For each Fe-Ni composition, three unique foams were tested, each for 5 redox cycles. 

127 Additional foams were removed after interrupted cycling (i.e., partway through the first oxidation or 

128 reduction) by cooling at 20 °C min-1 under 20 sccm 3% H2 (dry Ar balance) to minimize further redox 

129 reactions during cooling. The 60 and 90 min half-cycle durations were selected based on preliminary 

130 testing to ensure complete oxidation/reduction reactions between Fe and Fe3O4, measured by mass 
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131 changes and X-ray diffraction of foams removed after single oxidation or single oxidation/reduction. 

132 Foam densification was calculated from diameter and height measurements before and after testing.

133 After cycling, foams were vacuum-mounted in epoxy (Epothin 2, Buehler) and polished using 

134 standard metallographic techniques, with a final vibratory polishing step with 60 nm colloidal silica. In 

135 addition to the cycled foams, three as-prepared foams of each composition were mounted and analyzed. 

136 Porosity was measured from optical micrographs of cross-sections perpendicular to the freezing direction, 

137 at approximately half of the foam height. Since redox structural stability is characterized by retention of 

138 desirable channel porosity and avoidance of Kirkendall micropores, images were processed to distinguish 

139 between channels (macropores between lamellae) and microporosity (within lamellae) 13.

140 For porosity calculations, the areal fractions from microscopy images are assumed to accurately 

141 represent volume fractions, which is justifiable for perpendicular cross-sections of highly directional, 

142 lamellar structures. The total volume of each image ( ) was treated as comprising lamellae ( )  𝑉𝑡𝑜𝑡𝑎𝑙 𝑉𝑙𝑎𝑚

143 and channel domains ( ), with the lamellae domain subdivided into solid ( ) and micropores (𝑉𝑐ℎ𝑎𝑛𝑛𝑒𝑙 𝑉𝑠𝑜𝑙

144 ). First, a threshold was applied to binarize each image, followed by removal of single pixel 𝑉𝑚𝑖𝑐𝑟𝑜

145 outliers to eliminate noise. The channel and micropore domains (i.e., dark pixels) were then analyzed 

146 using the BoneJ Thickness algorithm in ImageJ 39, from which  and  were measured by 𝑉𝑐ℎ𝑎𝑛𝑛𝑒𝑙 𝑉𝑚𝑖𝑐𝑟𝑜

147 counting pixels belonging to pores larger and smaller than 4 μm diameter, respectively. Channel- and 

148 micro-porosity were calculated by:

𝑝𝑐ℎ𝑎𝑛𝑛𝑒𝑙 =
𝑉𝑐ℎ𝑎𝑛𝑛𝑒𝑙

𝑉𝑡𝑜𝑡𝑎𝑙
(1a)

𝑝𝑚𝑖𝑐𝑟𝑜 =
𝑉𝑚𝑖𝑐𝑟𝑜

𝑉𝑙𝑎𝑚𝑒𝑙𝑙𝑎𝑒
=

𝑉𝑚𝑖𝑐𝑟𝑜

𝑉𝑡𝑜𝑡𝑎𝑙 ― 𝑉𝑐ℎ𝑎𝑛𝑛𝑒𝑙
(1b)

149 To sample over macrospatial variations in lamellae structure and colony organization,  of each 𝑝𝑐ℎ𝑎𝑛𝑛𝑒𝑙

150 foam was calculated from three micrographs covering a total area of 6.0 mm2 (0.68 μm pixels). To 
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151 accurately resolve microporosity,  was measured from four higher magnification micrographs per 𝑝𝑚𝑖𝑐𝑟𝑜

152 foam (0.51 mm2 total area, 0.17 μm pixels).

153 Mounted and polished cross-sections of foams were also analyzed using scanning electron 

154 microscopy (Hitachi SU8030) and energy dispersive spectroscopy (SEM/EDS), with an accelerating 

155 voltage of 15 kV. The three-dimensional structure of a pure-Fe foam was reconstructed from X-ray 

156 computed microtomography (Zeiss Versa 520) using (1.0 μm)3 voxels. The chemical phases of Fe and Fe-

157 25Ni foams were identified using X-ray diffraction (Scintag XDS2000) of mounted foam cross-sections 

158 as-prepared, after the first oxidation, and after 5 redox cycles. The X-ray beam sampled a ~5 mm wide 

159 strip across the entire cross-section. Phase fractions were calculated using Jade software (Materials Data, 

160 Inc.).

161

162 2.3. Fe-Ni foils

163 Fe-Ni foils were prepared and redox-cycled to provide a controlled geometry comparison analogous to the 

164 lamellae in Fe-Ni foams. Iron foils 25 μm thick (99.5%, Goodfellow) were cut to approximately 12  15 ×

165 mm and cleaned with acetone, then isopropanol, and dried in air. Nickel was electrodeposited onto the Fe 

166 foil strips using a Watts bath 40, pH ~ 3.4, and Ni foil (99+%, Alfa Aesar) counter electrode. The bath was 

167 preheated to 50 °C with gentle stirring, and deposition was controlled galvanostatically with a current 

168 density of ~20 mA cm-2. After 7 min of electrodeposition, ~4.4 μm of Ni was deposited on each side of 

169 the Fe strip, as measured by SEM of mounted and polished cross-sections. 

170 The Fe-Ni bimetallic strip was heated to 1100 °C under flowing 3% H2 (dry Ar balance) and 

171 homogenized for 18 h, with 10 °C min-1 heating and cooling rates. The strip was then cut into three 

172 pieces, and one piece was used for EDS to confirm full homogenization and measure Ni content. The 

173 remaining two pieces (~ 4  10 mm) were used for redox cycling, one for a single oxidation and the ×

174 other for a single oxidation/reduction cycle, using the same experimental procedures as described earlier.

175
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176 3. Results and Discussion

177 3.1. Freeze casting of Fe-Ni foams

178 Iron-nickel foams are prepared by directional freeze casting 41,42 of aqueous suspensions containing 

179 submicron Fe2O3 and nanometric NiO powders. Following ice sublimation, the Fe2O3/NiO green bodies 

180 are reduced, homogenized, and sintered under H2 to obtain Fe-Ni foams with lamellar structures 

181 characteristic of ice templating. By varying the ratio of Fe2O3:NiO in the suspension (Table S1 in the 

182 Electronic Supplementary Information (ESI)), Fe-Ni foams of various compositions are prepared: 0, 6.6, 

183 19, or 25 at. % Ni in the reduced state (referred to as pure-Fe, Fe-7Ni, Fe-19Ni, and Fe-25Ni, 

184 respectively). As shown in Figure 1, foams comprise dense lamellae, 8-16 μm in width and spanning 

185 several mm in length and height, separated by channels 10-30 μm in width, which are interconnected and 

186 open to the foam surface. Each foam consists of several misaligned colonies of lamellae (Figure 1b), 

187 originating from separate colonies of ice primary dendrites during freeze casting. Individual Fe-Ni 

188 lamellae typically have stubs on one of their two sides (Figure 1c), which are templated from the ice 

189 secondary dendrites 43,44. 

190

191
192 Figure 1. Pure-Fe foam as-prepared via freeze casting of aqueous Fe2O3 suspension, followed by 
193 reduction and sintering. (a) A partial volume of foam reconstructed from X-ray micro-tomography; (b) 
194 optical micrograph of foam cross-section perpendicular to the freezing direction; (c) scanning electron 
195 micrograph of same cross-section at higher magnification.
196

197 Pure-Fe and Fe-7Ni, -19Ni, and -25Ni foams exhibit comparable initial architectures in terms of 

198 channel porosity and size of lamellae and channels (Figure 2a-b). The Ni concentrations of the foams 
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199 match the target values for the freeze casting suspensions (Table S1) within ± 0.3 at. %, as measured by 

200 energy dispersive spectroscopy (EDS) on several locations throughout the foams. Within individual 

201 lamellae, Fe and Ni form a fully homogenous solid solution.

202

203
204 Figure 2. Comparison of structure in pure-Fe and Fe-Ni foams (a-b) as-prepared and (c-d) after 5 redox 
205 cycles, showing cross-sections perpendicular to freeze casting direction. As-prepared foams exhibit (a) 
206 similar lamellae and channels at low-magnification and (b) minimal microporosity within lamellae (red 
207 arrows) at high-magnification. After 5 cycles, increasing Ni content is associated with (c) less constriction 
208 of the channels and (d) less microporosity. Annotations mark lamellae buckling (yellow boxes) and 
209 residual oxide (blue arrows).
210

211 3.2. Foam evolution during redox cycling

212 3.2.1. Structure and porosity

213 Since this study focuses on ESM structural evolution, testing of a full Fe-air battery is not necessary. 

214 Foam channel porosity, desirable and necessary for gas flow, and lamellae microporosity, deleterious and 

215 leading to shell formation, are instead used as indicators for battery performance metrics (e.g., capacity 
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216 retention and rate capability). The Fe-Ni foams are redox-cycled under conditions that simulate the full 

217 discharge and charge of an Fe-air battery at 800 °C: oxidation by H2O for 60 min, and reduction by H2 for 

218 90 min. Based on Fe-Ni-O thermodynamics (discussed later), these reactions result in almost complete Fe 

219 conversion between metallic Fe and Fe3O4, while Ni remains in a metallic phase. Foams of each 

220 composition are individually tested for 5 redox cycles, and their structure and porosity are then compared 

221 with as-prepared (i.e., uncycled) foams. Testing on such a small number of cycles is relevant given that (i) 

222 800 °C is a condition of accelerated degradation testing, given recent progress in lowering battery 

223 operation temperature to 550-650 °C 8,17,38, and (ii) the most substantial capacity fade and corresponding 

224 ESM mechanical degradation occur in the earliest battery cycles. 

225 As shown in Figure 3, all as-prepared foams have similar channel porosity, 62-67% of the total 

226 foam volume, regardless of Ni content. All as-prepared foams also show similar microporosity, 1.7-3.6% 

227 of the lamellae volume, arising from incomplete sintering of the reduced Fe2O3/NiO green bodies (Figure 

228 2b, annotated with red arrows). After 5 redox cycles, however, substantial differences emerge among 

229 foams of different Ni content. Consistent with previous work 13, the pure-Fe foams (Fe-0Ni) lose the 

230 majority of their desirable channel porosity, decreasing to 27% after 5 cycles. Fe-7Ni behaves similarly to 

231 pure-Fe, while Fe-19Ni and Fe-25Ni show significantly enhanced retention of channel porosity. For Fe-

232 25Ni, channel porosity has decreased only to 54 vol. % after 5 cycles, which represents a dramatic 

233 stabilization effect of the foam structure compared with pure-Fe. Macroscopic shrinkage of foam 

234 diameter, height, and volume upon cycling all decrease with increasing Ni content (Figure S1 in the ESI), 

235 indicating less foam densification in agreement with the channel porosity data in Figure 3.

236 A similarly advantageous trend with increasing Ni content is observed for microporosity after 5 

237 redox cycles (Figure 3): pure-Fe microporosity increases from 3.6 to 13.7% of the lamellae volume, while 

238 Fe-25Ni increases to only 6.7%. Since microporosity growth is driven by the irreversibility of the redox 

239 microstructural changes, the smaller rise in microporosity for Fe-25Ni again suggests a mechanical 

240 stabilization effect imparted by Ni making the structural changes more reversible during redox cycling. 

241
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242
243 Figure 3. Effect of Ni content on porosity in Fe-Ni foams as-prepared (dashed lines) and after 5 redox 
244 cycles (solid lines). Desirable channel porosity (blue markers, left vertical axis) and deleterious 
245 microporosity (orange markers, vertical axis) are similar in all as-prepared foams. After 5 cycles, channel 
246 porosity is preserved better and microporosity is formed less in foams with higher Ni content. Error bars: 
247 ± std. error (N = 3).
248

249 This trend is clear when comparing micrographs of the foam cross-sections after 5 redox cycles, 

250 shown in Figure 2c-d. In addition to changes in channel- and micro-porosity, the pure-Fe and Fe-7Ni 

251 foams also show widespread buckling of lamellae (Figure 2c, yellow boxes), evidenced by their 

252 undulating morphology compared with the planar lamellae in the as-prepared foams. Lamellae are prone 

253 to buckling due to their large geometrical aspect ratio 45,46, and buckling can be triggered by stress 

254 associated with spatial variations in redox reaction rates or mechanical constraints, such as an exterior 

255 shell 29. Lamellar buckling also contributes to foam densification by bringing neighboring lamellae into 

256 contact, after which they sinter together irreversibly. Another degradation effect caused by channel 

257 porosity loss is constriction of gas flow and incomplete utilization of the Fe material, as evidenced in 

258 pure-Fe foams by the presence of residual oxide domains (Figure 2c, blue arrows).

259 In contrast to pure-Fe and Fe-7Ni, the lamellar structure of Fe-19Ni after 5 cycles still resembles 

260 the as-prepared foam, albeit with more microporosity and more scalloped surfaces on individual lamellae. 

261 Fe-25Ni shows some slight buckling of lamellae, but otherwise the foam structure is nearly unchanged 

262 from the as-prepared state. After 10 or 20 redox cycles of Fe-25Ni, the channel porosity, microporosity, 

Page 11 of 30 Journal of Materials Chemistry A



263 and structure continue to remain stable (Figure 4a-b), suggesting that the Fe-25Ni foam could maintain 

264 consistent capacity and rate capability of an Fe-air battery in long-term cycling, especially if operating at 

265 lower temperatures where degradation occurs more slowly. 

266

267
268 Figure 4. (a) Evolution of porosity in Fe-25Ni foams for up to 20 redox cycles (using 90 min reduction 
269 half-cycles), showing desirable channel porosity (blue markers, left vertical axis) and deleterious 
270 microporosity (orange markers, right vertical axis); the foam tested for 20 cycles with 10 min reduction 
271 half-cycles shown with diamond markers. Channel porosity of other foams after 5 redox cycles shown for 
272 reference (light blue). Error bars for 0 and 5 redox cycles: ± std. error (N = 3). (b) Fe-25Ni foam cross-
273 sections after 20 redox cycles (90 min reduction half-cycles). (c) Fe-25Ni foam cross-sections after 20 
274 redox cycles (10 min reduction half-cycles) corresponding to diamond markers in (a).
275

276 3.2.2 Phase equilibria and transformations

277 Given the superior reversibility of Fe-25Ni foams, it is important to verify that the Fe-Ni-O 

278 thermodynamics are suitable for typical operating conditions of Fe-air batteries or similar redox 

279 processes, such as chemical looping combustion. The Fe-Ni-O ternary phase diagram at 800 °C is given 

280 in Figure 5a, calculated using Thermo-Calc software, with the initial Fe-Ni foam compositions marked 

281 with blue dots. At 800 °C, Fe-Ni alloys forms a γ-FCC solid solution for Ni content > 4 at. %, so the three 

282 alloyed foams begin as γ-phase (FCC) and the pure-Fe foam begins as α-phase (BCC). Pure-Fe oxidizes 

283 first to FeO and then to Fe3O4. For Fe-Ni foams, an example oxidation pathway is marked in Figure 5a 

284 with a dashed red arrow for Fe-25Ni. Oxidation begins by formation of FeO (tie line with Fe-25Ni 

285 marked in dotted teal), in which Ni has minimal solubility (< 0.51 at. % Ni 47). The (Fe,Ni) solid solution 
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286 becomes richer in Ni (purple arrow) as Fe is transformed to FeO. Once the metallic phase reaches 71 at. 

287 % Ni, the system enters a three-phase region of Fe-71Ni, FeO, and Fe3O4. All FeO is then oxidized to 

288 Fe3O4 (purple arrow), which is in equilibrium with Fe-71Ni (tie line marked in dashed teal). NiO and 

289 Fe2O3 do not form under the oxidation conditions here.

290
291 Figure 5. (a) Fe-Ni-O ternary phase diagram, 800 °C isotherm. Annotations mark distinct phases (orange 
292 labels), tie lines (green), three-phase regions (light red), initial foam compositions (blue circles), and 
293 oxidation pathway for Fe-25Ni: overall trajectory (dashed red arrow) and endpoint (red dot), initial and 
294 final tie lines (dotted and dashed teal) with corresponding pathways for the (Fe,Ni) and oxide phases 
295 (purple arrows). (b) Equilibrium phases of the Fe-Ni foams in different H2/H2O gas mixture compositions 
296 at 800 °C 48. 
297

298 The oxidation and reduction half-cycle times (60 and 90 min, respectively) were selected to 

299 ensure “full” transformation of Fe between the metallic and Fe3O4 phases, verified by preliminary testing, 

300 in which foams were removed after a single oxidation (1/2 cycle) or a single oxidation/reduction (1 

301 cycle). Freeze-cast foams have low specific surface area (~1 m2 g-1) compared to nanostructured materials 

302 common in batteries and fuel cells, so it is important to verify that the test conditions result in complete 

303 cycling. After oxidation, XRD patterns of pure-Fe and Fe-25Ni (Figure S2b) show only the Fe3O4 phase, 

304 and Fe3O4 and γ-phases, respectively. Although it is possible for NiFe2O4 to also form in solid solution 

305 with Fe3O4 (Figure 5a), this is ruled out by EDS of oxidized Fe-25Ni, which shows Ni is fully absent 

306 from the Fe3O4 domains. The mass changes upon oxidation of the Fe-7Ni, -19Ni, and -25Ni foams 
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307 indicate 96, 92, and 87% of Fe is transformed to Fe3O4, respectively, corresponding to final (Fe,Ni) 

308 phases with 34, 25, and 28 at. % Fe. These compositions are in close agreement with the tie line between 

309 (Fe,Ni) with 29 at. % Fe and Fe3O4 (Figure 5a, dashed teal), which is the endpoint for “full oxidation” 

310 (red dot, for the Fe-25Ni oxidation pathway). The pure-Fe foam mass change indicates 99% of Fe is 

311 oxidized to Fe3O4, in agreement with XRD. The foams removed after a single oxidation/reduction show 

312 no mass change, indicating full reduction back to metallic (Fe,Ni). 

313 Thus, in the context of an Fe-air battery, switching from pure-Fe to Fe-25Ni decreases the storage 

314 material’s specific energy density primarily by replacing Fe with non-oxidizing Ni, with an additional 

315 slight decrease in the Fe fraction participating in redox. Nickel also introduces much higher materials cost 

316 compared to Fe, but nevertheless, Fe-25Ni is a promising advancement given the significant benefits to 

317 microstructural stability and material lifetime. Furthermore, the introduction of Ni should not change the 

318 battery operating voltage, based on phase equilibria over the pertinent range of oxygen partial pressure 

319 (pO2), or, equivalently, H2/H2O mixture compositions (Figure 5b). In an Fe-air battery, the cell potential 

320 is determined by the difference in oxygen chemical potential between the anode and cathode (air) 

321 according to the Nernst equation. The anode potential corresponds to the phase boundaries of either 

322 Fe/FeO (pO2 = 7  10-20 atm, H2/(H2+H2O) = 69%) or FeO/Fe3O4 (pO2 = 1  10-18 atm, H2/(H2+H2O) = × ×

323 32%) 9,49. As shown in Figure 5b 48, the gas mixture compositions for these phase boundaries are nearly 

324 the same for all Fe-Ni compositions, proving that, from a thermodynamic perspective, they are “drop-in” 

325 replacements for pure-Fe at 800 °C. 

326

327 3.3. Mechanisms of redox reversibility and structural stabilization

328 Understanding the mechanisms by which Ni imparts redox reversibility can guide future research and, 

329 more broadly, indicate if the alloying approach is a promising strategy, using other alloying elements. To 

330 reveal the role of Ni in the redox process, several pure-Fe and Fe-25Ni foam specimens were removed at 

331 various times throughout the first oxidation and reduction.

332
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333 3.3.1. Oxidation

334 As explained in the Introduction, the oxidation of pure-Fe lamellae by H2O occurs via outward Fe 

335 diffusion (i.e., inward Fe vacancy diffusion) through the FeO surface layer, leading to nucleation and 

336 growth of Kirkendall micropores along the Fe/FeO interface 23,50–52. Figure 6 shows sequential scanning 

337 electron micrographs (SEM) of this process in pure-Fe, illustrating the shrinking Fe core (light gray) and, 

338 in the fully oxidized state, lamellae that are split or contain significant microporosity (Figure 6d, red 

339 arrows) 19. 

340 The evolution of lamellae in Fe-25Ni is quite different, following the oxidation pathway 

341 described earlier. Both FeO and Fe3O4 form on the lamella surfaces by outward Fe diffusion from the 

342 metallic core, which becomes Ni enriched and, in the fully oxidized state, forms a network of Ni-rich 

343 alloy within the lamellae cores (Figure 6k, light gray; EDS maps provided in Figure S3). Micrographs of 

344 fully oxidized Fe-7Ni and -19Ni lamellae are provided in Figure S4, for comparison. This ductile network 

345 surrounded by Fe3O4 provides a composite structure much more resistant to bending, buckling, and 

346 fracture as compared with Fe3O4 alone for the pure-Fe foam. Fe-25Ni also forms much less microporosity 

347 (Figure 6k, red arrows), which can be explained by two factors. First, Kirkendall microporosity does not 

348 begin forming until the growing FeO reaches some threshold thickness, since Fe vacancies can initially be 

349 removed by plastic deformation of FeO via dislocation climb 53–56. Once FeO becomes thicker, however, 

350 its deformation rate slows and vacancies accumulate and precipitate into micropores. Because of the 

351 ductile network in the lamella core of Fe-25Ni, the FeO layers do not ever become as thick as in pure-Fe, 

352 which may explain the decrease in observed microporosity. Second, Fe vacancies could also be removed 

353 via dislocation climb in the metal core, which is present throughout the oxidation of Fe-25Ni lamellae, but 

354 shrinks and eventually disappears in pure-Fe, becoming unavailable as a vacancy sink.

355
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356
357 Figure 6. Microstructural evolution of lamellae in (a-g) pure-Fe and (h-n) Fe-25Ni, showing SEM of 
358 cross-sections from foams removed at various times throughout the first redox cycle. Metal and oxide 
359 phases are light- and dark-gray, respectively; pores are black. Annotations mark Kirkendall micropores 
360 and lamellae splitting (red arrows), internal Fe reduction (yellow arrows), and outside surface Fe 
361 reduction (blue arrows). (Two lamellae are shown in each (b) and (d); all others show a single lamella.)
362

363 This in situ formation of a ductile Ni-rich network during oxidation of Fe-Ni alloys by H2O has 

364 also been observed in bimetallic anode catalysts for solid oxide fuel cells (SOFCs) 48 and in Fe-air 
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365 batteries 57. Traditional SOFC anodes use Ni as a catalyst and electronically-conducting phase, but 

366 addition of Fe (nearly equiatomic with Ni) has been demonstrated to improve thermal expansion 

367 coefficient matching with YSZ, lower the anodic overpotential, and mitigate Ni deactivation 58,59. Iron is 

368 also useful for lowering the device cost for metal-supported SOFCs. Depending on the operating 

369 potential, the Fe in these catalysts can be oxidized to FeO/Fe3O4 and results in a core-shell microstructure 

370 48 like those observed here, though not intentionally for cycling applications.

371

372 3.3.2 Reduction

373 The reduction process in pure-Fe initiates, unexpectedly, in the interior of individual lamellae, as 

374 evidenced by islands of Fe (Figure 6e, yellow arrows). Reduction of the lamella interior requires gas 

375 access, which is likely provided by the many fractures and fissures through the FeO/Fe3O4 surface layers. 

376 Although this access is more restricted than gas reaching the lamellae outside surfaces, a possible 

377 explanation is that reduction is kinetically controlled by a surface reaction 27, at least initially 60,61. Since 

378 the interior has very high surface roughness due to the microporosity, the internal reaction rate could 

379 initially be higher than that at the smooth outside surface. Shortly into the reduction process, Fe islands do 

380 form and grow at the outside surfaces of the lamellae (Figure 6f, blue arrows), but thorough investigation 

381 by SEM revealed no locations where reduction on the outside preceded the interior. Fe3O4 shrinks in 

382 volume as it transforms to FeO and then Fe, and since there is no driving force to eliminate the 

383 micropores, the fully reduced lamella still contains significant microporosity (Figure 6g). This 

384 microporosity continues to accumulate in later cycles.

385 In Fe-25Ni, reduction also begins in the lamellae interiors (Figure 6l, yellow arrows) and occurs 

386 much more rapidly than in pure-Fe, likely due to the high catalytic activity of Ni and bypassing the step of 

387 Fe island nucleation and growth. Reduction of the outer lamellae surfaces is not observed (Figure 6l-m), 

388 suggesting that the Ni catalytic effect is sufficiently fast that reduction occurs only at the metal/oxide 

389 interface. This difference in reduction mechanism underlies the reversibility that Ni imparts to redox 

390 microstructural evolution. The presence of the Ni-rich core maintains adhesion of the FeO/Fe3O4 surface 
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391 layers, preventing fracture and spallation, and as reduction occurs at the metal/oxide interface, the 

392 adhesion is never lost. The few Kirkendall micropores that formed during the oxidation half-cycle are also 

393 eliminated by re-homogenization of the Fe-Ni alloy, as Fe diffuses back inward from the metal/oxide 

394 interface to the core. Since the elemental diffusivities of Fe and Ni are nearly equal in Fe-25Ni 62, no 

395 additional Kirkendall microporosity develops during re-homogenization. 

396 In pure-Fe, the outward Fe mass flux during oxidation is not reversed during reduction, and the 

397 split cores of lamellae are never healed. In contrast, the lamellae in Fe-25Ni are reduced via a pathway 

398 that reverses the Fe flux, creating a self-healing effect and returning the lamellae to a fully dense state 

399 (Figure 6n).

400

401 3.3.3 Re-homogenization effects

402 Complete chemical re-homogenization within individual Fe-Ni lamellae is a crucial step in maintaining 

403 reversibility of the microstructural evolution. Qin et al. 63 investigated the structural changes in 

404 equiatomic FeNi single particles (10-30 μm dia.) after redox cycling via air and H2 at 700 °C. After 5 

405 cycles, these particles exhibited less Kirkendall microporosity than pure-Fe particles, consistent with the 

406 results presented here, and the Fe-Ni particles had developed Ni-rich cores and Fe-rich shells. This 

407 elemental segregation, without re-homogenization, is reminiscent of the irreversibility of pure-Fe redox 

408 materials and will ultimately lead to dense Fe shells that block gas flow. Compared with the redox 

409 conditions in this study, several differences in Qin et al.’s experiments would make re-homogenization 

410 less complete in each redox cycle: lower temperature (700  vs. 800 °C here), larger diffusion lengths (10-

411 30 μm diameter particles vs. 8-16 μm wide lamellae here), shorter reduction time (40 vs. 90 min here), 

412 and different oxidation transformations (forming Fe2O3 and NiO via oxidation by air vs. forming Fe3O4 

413 via H2O here). Still, their observed Fe-Ni segregation is cautionary and merits a closer analysis of the re-

414 homogenization process.

415 Here, the interrupted cycling tests revealed that the entire foam is fully reduced in only 2-10 min 

416 (faster for Fe-25Ni than pure-Fe), which is a small fraction of the 90 min half-cycle time. Based on these 
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417 observations, an additional Fe-25Ni foam was tested for 20 redox cycles, using only 10 min reduction 

418 half-cycles instead of 90 min. The shorter reduction steps provide less time for the re-homogenization 

419 process in each cycle, which results in significantly different microstructural changes. After 20 cycles, the 

420 Fe-25Ni foam under 90 min reduction half-cycles still exhibits dense lamellae, with only minor shell 

421 formation in some areas of the foam exterior (Figure 4b). In contrast, the foam under 10 min reduction 

422 half-cycles has developed significant microporosity and a nearly continuous Fe shell (Figure 4c), which 

423 contains no Ni according to EDS. This foam has less channel porosity and more microporosity (Figure 4a, 

424 diamond markers) compared with the foam under 90 min reduction half-cycles (Figure 4a, circle 

425 markers). Thus, the difference in re-homogenization that occurs in a 10 vs. 90 min reduction results in 

426 major changes to the microstructural reversibility, suggesting that Fe-Ni does not fully re-homogenize 

427 during the shorter reduction time.

428 The XRD pattern of Fe-25Ni after 5 redox cycles (with 90 min reductions) also indicates 

429 incomplete re-homogenization, since it reveals both γ and α phases (Figure S2a). XRD of as-prepared, 

430 fully homogenized Fe-25Ni reveals only α-phase at room temperature, due to the martensitic 

431 transformation from the γ-phase upon cooling 64. Higher Ni content in Fe-Ni alloys stabilizes the γ-phase 

432 during cooling 65, so the observation that Fe-25Ni after 5 cycles contains both α- and γ-phases at room 

433 temperature is consistent with the foam containing, at 800 °C, separate regions that are Ni-poor and Ni-

434 rich. Upon cooling, the former transforms to α-phase and the latter remains stable as γ-phase. The phase 

435 compositions predicted from XRD refinement are α-Fe19Ni1 and γ-Fe3Ni2 in a 57:43 mixture by weight. 

436 Using these values to quantify the degree of homogenization is difficult, however, since at 800 °C the 

437 foam contains a continuum of Fe-Ni compositions (i.e., during interdiffusion), which are frozen into the 

438 two distinct phases upon cooling. Future work will aim to quantify the re-homogenization kinetics and 

439 phase evolution using in situ XRD during redox cycling.

440 Additional information is available in the spatial distributions of Fe, Ni, and O across single 

441 lamellae in the interrupted cycling tests, but they are, unfortunately, inconclusive. As shown in Figure S5, 

442 EDS line scans across Fe-25Ni lamellae reveal uniform Ni content in the metal phase at all time points 
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443 throughout the first redox cycle and even after 20 full cycles (using 90 min reduction half-cycles). This 

444 suggests that re-homogenization is rapid compared to the reduction process, which disagrees with 

445 previously discussed XRD and microstructural evolution from 10 min reduction half-cycles. It is possible 

446 that variations in elemental concentration at small length scales are smoothed out in the EDS line scans 

447 due to the electron probe penetration depth (~1 μm).

448 Finally, re-homogenization data can also be compared with literature on Fe-Ni homogenization 

449 rates. The characteristic interdiffusion time can be estimated from the chemical diffusivity – using the 

450 average of 5.4  10-14 and 7.2  10-14 cm2 s-1 for Fe-20Ni and Fe-30Ni at 800 °C, respectively 66 – and × ×

451 by estimating, from SEM micrographs of a fully oxidized lamella (Figure 6k), a characteristic metal/oxide 

452 feature size of ~1 μm. For bulk diffusion in 3D, these values yield a characteristic time,  = 7.4 𝑡𝑐 = 𝑙2
𝑐/6𝐷

453 h, which is ~5  longer than the reduction half-cycle time of 1.5 h. However, two other factors likely ×

454 contribute to faster interdiffusion than the  estimate. First, during oxidation, the metallic phase may act 𝑡𝑐

455 as a vacancy sink via its plastic deformation (dislocation climb). If this occurs, the Ni-rich phase will have 

456 large plastic strain when reduction begins, which could be relieved by its recrystallization into fine grains. 

457 Additional vacancy diffusion via grain boundaries would shorten the re-homogenization time compared to 

458 the characteristic time predicted from bulk values for diffusivity. Second, the re-homogenization process 

459 may be accelerated by the presence of volatile Ni(OH)2, whose vapor pressure increases with H2O content 

460 in H2/H2O gas atmospheres 67: in SOFC Ni/YSZ anodes, one of the dominant mechanisms of Ni catalyst 

461 coarsening is gas-phase migration of Ni(OH)2 68–70. During reduction of Fe-25Ni lamellae, the local gas 

462 environment near the metal/oxide reduction sites could range between 0 and 67% H2O (Figure 5b), so 

463 Ni(OH)2 could be increasing surface diffusion rates.

464 In summary, full re-homogenization of Fe-Ni during each reduction half-cycle is a necessary 

465 condition for self-healing, reversible redox microstructural changes. Collectively, the data available from 

466 XRD, EDS, literature diffusivity data, and microstructural changes resulting from different reduction half-

467 cycle times all indicate that 90 min is near the threshold for sufficient reduction and re-homogenization 
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468 time in these Fe-25Ni foams. Reduction durations longer than 90 min may further improve foam 

469 structural reversibility. From an application standpoint, this will likely not be a critical issue for Fe-air 

470 batteries installed for grid-tied energy storage, where duty cycles are often partial charge/discharge 

471 spanning several hours, rather than continuous, full capacity cycling. The material could also be 

472 periodically rejuvenated by short treatments at 900 °C to accelerate full homogenization, which should 

473 not incur substantial sintering since the foams were initially sintered at 1000 °C.

474

475 3.4. Redox cycling of Fe-Ni foils

476 In addition to testing Fe-Ni foams, Fe-Ni foils were redox cycled to provide a comparison using a 

477 simplified geometry similar to an individual lamella. These Fe-Ni foils (~ 4  10 mm) were prepared by ×

478 electrodepositing Ni onto 25 μm thick Fe foils, followed by homogenization at 1100 °C for 18 h. These 

479 foils are dense after homogenization (no Kirkendall micropores), again due to the nearly equal 

480 diffusivities of Fe and Ni 62. The foil composition most closely matching the foams was Fe-27Ni, 

481 measured by EDS. The microstructures of pure-Fe and Fe-27Ni foils are compared in Figure 7 in the as-

482 prepared state, after first oxidation (1/2 cycle), and after the first reduction (1 cycle). Microstructural 

483 changes in pure-Fe foil are qualitatively similar to those in the foam lamellae: the initially dense foil 

484 develops Kirkendall microporosity and a central void during oxidation (Figure 7, red arrows), and the 

485 microporosity remains after reduction. 

486 Fe-27Ni foil, however, evolves differently than lamellae in Fe-25Ni foam. During oxidation, Fe-

487 27Ni develops a Ni-rich network in the foil core, but the adhesion between the metallic core and surface 

488 Fe3O4 layers is poor, corresponding to an accumulation of Kirkendall micropores at the metal/Fe3O4 

489 interface (Figure 7, red arrows). Consequently, one of the Fe3O4 layers delaminated from the foil during 

490 metallographic mounting (yellow box). Upon reduction, the interfacial microporosity prevents re-

491 homogenization, and the core and surface layers are reduced separately. Since the core is Ni-rich, its 

492 volumetric shrinkage is much less than the surface layers, so adhesion is completely lost and the surface 

493 layers delaminate. Nickel resides only in the core layer after reduction, as measured by EDS. 
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494
495 Figure 7. Microstructural evolution of pure-Fe and Fe-27Ni foils. SEM of foil cross-sections as-prepared, 
496 oxidized (1/2 cycle), and reduced (1 cycle). Metal and oxide phases are light- and dark-gray, respectively; 
497 pores are black. Annotations mark Kirkendall micropores and lamellae splitting (red arrows), and missing 
498 oxide layer delaminated during metallographic mounting (yellow box).
499

500 The Fe-27Ni foil does not exhibit self-healing due to the larger amount of microporosity at the 

501 metal/oxide interface, as compared with the Fe-25Ni foam lamellae. One explanation for this difference is 

502 a size effect, similar to that reported for the NiTi system: nickel wires coated with titanium develop 

503 increasing amounts of internal microporosity upon Ni-Ti interdiffusion (at 925 °C) as the initial wire size 

504 increases (25, 50, 100 μm dia.), due to a strong Kirkendall effect in the Ni3Ti phase 71. For our foams, 

505 fewer Kirkendall micropores develop for thinner oxide layers, so the larger initial thickness of Fe-27Ni 

506 foil (34 μm, vs. 8-16 μm thick foam lamellae) may be responsible for its poorer redox structural stability. 

507 There may exist an optimum range for characteristic size (e.g. particle diameter, lamella thickness) in Fe-

508 25Ni redox materials. As seen with the foil, materials that are too thick are still prone to Kirkendall 

509 microporosity, disrupting adhesion between the ductile metal core and surface oxide layers during 
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510 oxidation. Materials that are too thin, on the other hand, are more susceptible to sintering or, in the case of 

511 freeze-cast foams, buckling that leads to contact and sintering between neighboring lamellae 13.

512

513 4. Conclusions

514 High-temperature Fe-based redox materials, such as those for Fe-air batteries or chemical looping 

515 combustion, degrade due to sintering, large volumetric changes, and irreversible Fe mass flux arising 

516 from the disparate mechanistic pathways of Fe oxidation and reduction. We address the latter problem by 

517 creating Fe-Ni foams via directional freeze casting and demonstrating the superior reversibility of their 

518 microstructural evolution during oxidation/reduction cycling via H2O and H2 at 800 °C. The highly 

519 porous (62-67 vol. %), lamellar architecture of these foams also accommodates the large redox volume 

520 changes and resists sintering, making them mechanically robust. For up to 25 at. % Ni, Fe-Ni is a drop-in 

521 replacement for Fe-air batteries and will not affect cell voltage, based on phase equilibria in H2/H2O 

522 atmospheres.

523 The addition of Ni, specifically in Fe-25Ni foams, introduces several changes to the redox 

524 process that impart structural redox reversibility via a self-healing effect, as summarized in Figure 8:

525

526 1. In the fully oxidized state of the foam, Ni remains metallic and forms a continuous, ductile 

527 network within the individual lamellae of the foam. The composite structure – Ni-rich metal core 

528 and Fe3O4 surface layers – is more mechanically resistant to buckling and fracture as compared to 

529 only Fe3O4, in the case of pure-Fe foams.

530 2. Less Kirkendall microporosity forms during oxidation of Fe-25Ni as compared to pure-Fe, 

531 diminishing the irreversible widening of lamellae and constriction of channel pores.

532 3. Adhesion between the Ni-rich metal core and surface FeO/Fe3O4 layers is maintained throughout 

533 each redox cycle, preventing irreversible fracture and delamination as observed in pure-Fe 

534 lamellae.
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535 4. During reduction, Fe-Ni re-homogenizes as Fe diffuses inward to the Ni-rich core, reversing the 

536 outward Fe flux of the oxidation half-cycle, thereby eliminating Kirkendall micropores and 

537 returning the lamella to a nearly fully dense state.

538

539
540 Figure 8. Summary schematic of microstructural evolution in single lamellae of pure-Fe and Fe-25Ni 
541 foams. Scale bar is approximate (lamellae begin 8-16 μm thick).
542

543 In Fe-25Ni foams, the channel porosity necessary for gas flow remains stable (≥ 52-54 vol. %), 

544 and the microporosity within lamellae associated with gas-blocking shell formation is avoided, as 

545 demonstrated for up to 20 redox cycles. However, the reduction half-cycle must be allotted sufficient time 

546 for Fe-Ni to re-homogenize (~90 min for these foams and test conditions), or the degradation effects 

547 typical of pure-Fe also occur in Fe-Ni, as Fe becomes increasingly segregated to the surfaces of lamellae 

548 and the foam exterior, sealing it off to gas exchange by forming a solid shell.

549 Alloying of Fe redox materials with Ni demonstrates a new route to improve the reversibility of 

550 microstructural changes during redox cycling. More broadly, the reversibility observed in Fe-25Ni 

551 suggests that the alloying approach may hold promise using other, unexplored alloying elements to 

552 address long-standing problems with redox material lifetime.

553
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Alloying Fe foams with Ni creates a self-healing effect of lamellar structure for extended high-

temperature redox cycling via H2/H2O. 
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