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Abstract

Recent experimental studies show that co-sputtering solutes with Al together can refine columnar 

grain size around few tens nanometers and promote formation and enhance the stability of planar 

defects such as stacking faults (SFs) and grain boundaries (GBs) in Al alloys. These crystal defects 

and fine columnar grains result in high strength, enhanced strain hardening and thermal stability 

of these Al alloys. Using first-principles density-functional theory (DFT) calculations, we studied 

the role of eleven solutes in tailoring kinetics and energetics of adatoms and clusters on Al  {111}

surface, stable and unstable stacking fault energies, and kinetic energy barriers for defects 

migration. The calculations show that most solutes can effectively refine columnar grain size 

through decreasing diffusivity of adatoms and surface clusters. These solutes do not necessarily 

decrease the stacking fault energy of Al alloys, but reduce the formation energy of faulted surface 

clusters and increase the energy barriers for the recovery of faulted surface clusters. 

Correspondingly, the formation of SFs is kinetically promoted during sputtering. Furthermore, 

solutes are segregated into the core of Shockley partial dislocations and play pinning effect on SFs, 

SF arrays and twin boundaries, enhancing thermal stability of these crystal defects. These findings 

provide insights into design of high-strength Al alloys for high temperature applications.

Keywords: Al, impurity, kinetics and energetics, density-functional theory.
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1. Introduction

Mechanical properties of a material, such as strength, ductility and elastic modulus, are 

determined by the constituent phase and microstructure, which can be modified by their 

compositions and the synthesizing and forming processes. Generally, plastic deformation 

associated with generation and reaction of crystal defects changes grain size and texture 1-5, while 

heat treatments further modify microstructure including grain size, texture and formation of 

secondary phases 1, 6-11. Sputtering techniques with unique growth kinetics associated with surface 

diffusion can tailor microstructures and composition through controlling deposition conditions 12-

16. Differing from bulk crystals, the spatial distribution and forms of solutes in sputtered materials 

could be far-from equilibrium state due to surface kinetics 17.

Aluminum (Al) alloys have wide applications in automobile and aerospace industries due to 

their competitive strength-to-weight ratio 18, 19. Typical strengthening mechanisms include 

secondary phase 20-22, grain refinement 23, 24, solid solution strengthening 25, 26 and so on. For 

example, Al-Mg alloys prepared by cryomilling have an average grain size of 26 nm, and a flow 

stress of 750 MPa 23. However, Al alloys cannot be continuously strengthened by refining grain 

size because grain boundary (GB)-mediated activities, such as grain coarsening and GB 

sliding/migration, become dominant when grain size is smaller than a critical value 27-29. Moreover, 

high-angle GBs store high energy 30-32, causing a low thermal stability of the fine grains. 

Microstructure can be stablized by solute segregation induced pinning on GBs 33-35 and/or forming 

low energy GBs, such as twin boundaries (TBs) 36-38. High density of stacking faults (SFs) and 

coherent TBs (CTBs) have been observed in nanotwinned (nt) metals and alloys with low or 

medium intrinsic stacking fault energy (SFE), such as nt Ag 39 (with 16 mJ/m2 SFE), nt Cu 40 (with 

41mJ/m2 SFE) and nt Ni 41 (with 90 mJ/m2 SFE). However, it is hard to introduce high density of 

twins in Al with high SFE (120-166 mJ/m2) 42 by mechanical deformation. Through co-sputtering 

metal solutes with Al together (referred to as Al-X), we have prepared seven binary Al alloys with 

profuse nanotwinned columnar structures, SFs and twins in each column 43-53. More importantly, 

these Al-X alloys exhibit high strengths, enhanced strain hardening and good thermal stability. 

For co-sputtered Al-X alloys, high strength and enhanced strain hardening can be ascribed to 

fine grain size, high density of planar defects, and nanotwins while the good thermal stability arises 

from high kinetic energy barriers for the recovery/motion of these crystal defects. We speculate 
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several reasons for producing and stabilizing such microstructures corresponding to deposition 

process: addition of solutes may reduce the SFE of Al; solutes on surface may modify kinetics and 

energetics for adatoms and clusters on surface; and solutes may stabilize the microstructures 

including Shockley partial dislocations, twin boundaries and grain boundaries via modification of 

kinetic energy barriers for defect motion. However, a solid understanding on the formation and 

stabilization of such microstructures remains missing. In this work, we aim at exploring the role 

of impurity in tailoring microstructures and mechanical properties of co-sputtered Al-X alloys 

based on first-principles density-functional theory calculations and collected experimental results. 

Fig. 1 (a) Schematics showing synthesis of Al and Al alloy film using co-sputtering. (b) Schematics 

showing columnar microstructures with in-column nanotwins, SFs and 9R phase bands of sputtered Al and 

Al-X alloys. Microscopy observations of (c) columnar microstructures, (d) ITBs between two grains and 

(e) in-column SFs and 9R phase bands in Al-5Mg films.

2. Key experimental findings of sputtered Al alloys

Pure Al and binary Al-X alloy films were sputter-deposited (Fig. 1(a)) at room temperature 

using DC magnetron sputtering 43-60. The base pressure before deposition was around 0.5-1.0  

10-7 torr and the Ar pressure was 1  10-3 torr. The deposition rate was in the range of 0.35-0.45 

nm/s. Here, we summarize the key experimental data (microstructures and mechanical properties) 

of pure Al 43-45, co-sputtered Al-Mg 46, Al-Ti 47, Al-Fe 48, 49, Al-Co 50, Al-Ni 51, 52, Al-Zr 53 and Al-
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Ag 49 alloy films. For consistency and simplicity, sputtered Al-X alloy film with m at.% solute is 

referred to as Al-mX alloy.

When solute concentration is less than 10 at.%, sputtered Al-X alloys have columnar 

microstructures as schematically shown in Fig. 1(b). Fig. 1(c)-(e) are typical transmission electron 

microscopy (TEM) images showing cross-sectional view of the sputtered Al alloys. Several 

microstructural features are briefly summarized. First, most sputtered Al-X alloys have columnar 

structures with strong  texture along the growth direction. Second, the energy-dispersive X-{111}

ray spectroscopy (EDS) confirms that all as-deposited Al-X alloys form the complete solid solution 

without secondary phases. Third, these columns hold the twin orientation, and thus these Al-X 

alloys are referred to as nanotwinned (nt) Al-X alloys. Corresponding to the twin orientation 

between columns, GBs are likely to have the character of  incoherent twin boundaries (ITBs) {112}
61. Forth, in general, a greater solute concentration leads to smaller columnar grain sizes in Al-X 

alloys. Fig. 2(a) shows the normalized columnar grain sizes for Al-X alloys (dAl-X/dAl) with respect 

to solute concentration. The average columnar grain size of sputtered pure Al, dAl is about 450 nm. 

It is noted that the average columnar grain size of Al-Ag alloys is greater than pure Al. Fifth, many 

columns contain nanotwins and 9R phase bands, being referred to as twinned columnar structure, 

as revealed by microscopy studies and X-ray diffraction (XRD) pole figure analyses. It is noted 

that Al-Ag alloys are an exception because no twinned columnar structures form. For several nt 

Al alloys, statistics of 9R phase bands were reported in few works 49, 51, 53. Li et al. 49 reported that 

the volume fraction of 9R phase in Al-2.5Fe is 25%, much greater than that in sputtered Al. 

Assuming the volumetric ratio of 9R phase in each column in Al-2.5Fe alloy is less than 50%, the 

fraction of columns containing 9R phase could be more than 50%. Fig. 2(b) plots the fraction of 

columns containing 9R phase with respect to solute concentration in nt Al-Fe 49, Al-Ni 51 and Al-

Zr 53 alloys. With the same concentration, Zr solutes can induce more 9R phase than Ni solutes. 

Also, it can be speculated that Fe solutes can induce more 9R phase than Zr solutes. 
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Fig. 2 Summary of experimental data in sputtered Al-X alloys. (a) The influence of solutes on columnar 

grain size. (b) The fraction of columns containing 9R phase with solute concentration. (c) The hardness of 

as-deposited Al alloys with respect to solute concentration at room temperature. (d) The strain hardening 

rates derived from in situ micopillar compression tests at room temperature. (e) The flow stress of sputtered 

Al-Fe alloy and UFG-Al7075 micropillars at multiple temperatures. (f) The variation of hardness of Al-Fe, 

Al-Co and Al-Ni alloys with respect to annealing temperature.
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Fig. 2(c) shows the indentation hardness of as-deposited Al-X alloy films with respect to solute 

concentration at room temperature. These Al alloy films have much higher hardness than pure Al 

film. Also, with similar solute concentration, Al-Fe, Al-Co and Al-Ni alloys have much higher 

hardness than Al-Mg, Al-Ti, Al-Zr and Al-Ag alloys. The nanoindentation data are comparable 

with the micro-pillar compression data. The hardness is nearly three times the flow stress 

(supplementary Fig. S1). Fig. 2(d) compares the strain hardening rates of pure Al, Al-Fe, Al-Co 

and Al-Ni pillars compressed at room temperature. For similar solute concentration and at the same 

strain level, Al-Fe alloys have higher hardening rates than Al-Co and Al-Ni alloys. The strain 

hardening in nanosized columns is mainly contributed by dislocation-GBs and dislocation-SFs/9R 

phases interactions. Thus, the highest strain hardening rate in Al-Fe alloys is consistent with its 

high volume fraction of 9R phases and the small columnar grain size, as shown in Fig. 2(b). More 

importantly, solutes enhance the thermal stability of Al-X alloys. As shown in Fig. 2(e), Al-Fe 

pillars exhibit much higher flow stress than ultra-fine grained (UFG) Al 7075 pillars when tested 

in the range of 298-473 K. Fig. 2(f) shows the hardness variation of Al-Fe, Al-Co and Al-Ni alloys 

with annealing temperatures. Compared to pure Al, Al-5.5Fe alloys (maintain high strength up to 

553 K) have better thermal stability than Al-5.8Co (maintain high strength up to 473 K) and Al-

4.5Ni alloys (maintain high strength up to 373 K). In addition, It is found that higher solute 

concentration results in better thermal stability.

3. Theoretical calculations

Experimental results clearly show that certain co-sputtering solutes can modify the 

microstructures and improve the thermal-mechanical properties of Al alloys. During deposition, 

one major factor affecting columnar grain size is diffusivity of adatoms. Fraction of 9R phase is 

related to the probability associated with formation and recovery of faulted surface clusters during 

deposition. Strengthening is contributed by solid solution strengthening, grain refinement and SFs. 

Ma et al. 62 estimated the solid solution strengthening with DFT calculations. For instance, 5.9 at.% 

Fe solutes cause ~0.15 GPa increasement in critical resolved shear stress, which is far smaller than 

the measured high flow stress, 1.58 GPa. Therefore, strengthening in sputtered Al alloys is mainly 

contributed by grain refinement and SFs. The strain hardening is mainly caused by obstruction of 

dislocations. GBs, SFs/CTBs and 9R phases can be strong barriers for the movement of 

dislocations 49, 63-65. Alloys with good thermal stability should maintain the super-saturation of 

solutes while prevent the motion of GBs. The activation energy of solute diffusion in bulk Al has 

Page 6 of 31Nanoscale



7

been calculated by Simonovic et al. 66. Herein, first principles DFT calculations will be performed 

to reveal the effect of co-sputtering solutes on adatom diffusivity, energetics and kinetics of surface 

clusters, solute diffusivity in Al matrix and GB segregation. 

Table 1 Valence states of elements and k-mesh used during optimization of lattice parameters and cohesive 

energies, and optimized lattice parameters and cohesive energies.

Element Valence k-mesh Structure Lattice (Å) Cohesive energy (eV)
Al 3s23p1 121212 FCC a=4.040 3.47
Mg 3s2 191911 HCP a=3.189; c=5.194 1.52
Si 3s23p2 999 Diamond a=5.469 4.54
Ti 3p63d24s2 15159 HCP a=2.936; c=4.648 5.31
Fe 3d74s1 171717 BCC a=2.832 4.92
Co 3d84s1 191913 HCP a=2.491; c=4.025 5.17
Ni 3d84s2 131313 FCC a=3.518 5.08
Zn 3d104s2 191911 HCP a=2.637; c=5.072 1.11
Zr 4s24p64d25s2 15159 HCP a=3.232; c=5.169 6.45
Ru 4d75s1 191911 HCP a=2.713; c=4.281 7.97
Pd 4d95s1 121212 FCC a=3.942 3.79
Ag 4d105s1 121212 FCC a=4.146 2.53

Density function theory (DFT) calculations were conducted using the Vienna Ab initio 

Simulation Package (VASP) 67, 68. The generalized gradient approximation (GGA) with Perdew-

Burke-Ernzerhof (PBE) parametrization 69 is used for the exchange and correlation functions. The 

core electrons are replaced by the projector augmented wave (PAW) pseudopotentials 70 with the 

valence states shown in Table 1. A 500 eV cut-off on kinetic energy is used for the plane wave 

basis set. For all DFT calculations, the self-consistent iteration is stopped when the change of total 

energy is smaller than 10-5 eV. The convergence criterion of geometry optimizations are that the 

forces acting on each atom is smaller than 0.01 eV/Å. Lattice parameters and cohesive energies 

are optimized for each element’s thermodynamically stable structure at zero temperature and zero 

pressure. The models used are primitive cells. The associated Monkhorst-Pack (M-P) K-point grid 
71 is summarized in Table 1. The calculated lattice parameters agree well with experiments 72 while 

cohesive energies is consistent with other DFT calculations 73, 74 and comparable to experimental 

results 75. The details of models and setup of K-mesh associated with other calculations will be 

described later.

The microstructure of sputtered alloys is governed by the complex growth processes, involving 

adatom diffusivity 76-78, cluster nucleation rate 79-82, surface cluster diffusivity 83, 84, grain boundary 
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mobility 85-89 and etc. The typical microstructure of sputtered Al and Al-X films is schematically 

shown in Fig. 1(b). These Al films have a sharp  texture due to the low surface energy of {111}

 surface 90. Corresponding to the dominant  texture, the grain size is controlled by the {111} {111}

diffusivities of adatom and clusters on  surface and the mobility of GBs. In each column, SFs {111}

and CTBs can be initiated from faulted surface clusters. The formation probability of faulted 

structures is related to the nucleation rate and recovery rate of faulted surface clusters, and both 

rates are determined by the formation energy and diffusivity of surface clusters 79-84. For these 

columns sharing  tilt axis, Σ3  ITBs with the lowest interface energy are energetically 〈111〉 {112}

favorable 61. Solute segregation 91, 92 often occurs to ITBs with extra free volume 93. In what follows, 

we performed DFT calculations to determine these physical quantities.

3.1 Modify adatom diffusivity on surface via co-sputtering solutes

Atomistic simulations 76-78, 81, 83, 94-98 and experiments 79, 80, 82, 99-102 have shown a high 

diffusivity of adatom and clusters on  surface due to low kinetic barrier. Presence of solutes {111}

can modify the kinetic barriers 16, 103, further tailoring grain size. The change of kinetic barriers by 

solute can be estimated, in the simplest fashion, by the extra energy needed to break neighboring 

bonds before diffusion 103, 104. For example, first principles DFT calculations 105 showed that 

change of Echrlish-Schwoebel (E-S) barrier associated with surface diffusion of a Cu adatom near 

a transition element solute shows a linear trend to the strength of Cu-solute bond. Therefore, we 

calculated the extra binding energy of an Al adatom on a flat  surface due to the presence of {111}

solute element via first principles DFT calculations. It should be noted the extra binding energy 

only reveals a trend but not the exact change in kinetic energy barrier. Fig. 3(a) shows two states 

that an Al adatom is close to and far from the solute on  surface, refer to as “close” and “far” (111)

states, respectively. Both states are represented by models with the dimension of 9.91 Å  27.78 

Å 11.44 Å. Both models contain a substrate composing four  atomic layers and an Al (111)

adatom. The lower three layers contain 48 Al atoms while the top layer contain 15 Al and 1 solute 

atoms. The solute atom locates at a substitution site. For the “close” state, the Al adatom (in dark 

red color) locates at a 1st nearest neighbor (NN) site of the solute (in grey color), and its binding 

to the substrate should be greatly affected by the solute. For the “far” state , the Al adatom (in red 

color) locates at a 6th NN site of the solute (in grey color), and is less affected by the solute. During 

relaxation, the bottom  layer (in blue color) is fixed. The first Brillouin zone was integrated (111)
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by 6×3×6 M-P K-points. By subtracting the system energy associated with “close” state from the 

system energy associated with “far” state, the extra binding energy for an Al adatom and a flat 

 surface due to the solute is calculated. Larger extra binding energy indicates lower adatom {111}

diffusivity near solutes.

Fig. 3 (a1) The atomic model for DFT calculations. Atoms are colored to show atomic layers. The gray 

atom represents the solute atom. The red and dark red atoms indicate two possible sites for adatoms. (a2) 

The top view of the model. A 22 periodic image is used to illustrate the order of nearest neighbor sites. 

(b) Extra binding energy for an Al adatom due to one solute in the first atomic layer.

The extra binding energies associated with solute elements are shown in Fig. 3(b). In the figure, 

the sequence of elements follows number of unfilled electrons. Among 11 solute elements, Fe, Co 

and Ni solutes, which are next to each other on the same row of periodic table, provide the largest 

extra binding energy, suggesting obvious trapping effect on diffusion of Al adatoms. The extra 

binding energy associated with Mg, Si, Zr, Ru and Pd solutes is smaller than that associated with 
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Fe, Co and Ni solutes, indicating relatively weak trapping effect. The extra binding energy is nearly 

zero associated with solutes Ti and Zn and negative associated with Ag. 

3.2 Modify SFE and energy barrier for the SF recovery via co-sputtering solutes

Solutes can modify the SFE of Al alloys 62, 106. DFT calculations usually employed a slab model 

with one solute locating next to the SF and often ignored the statistical effect associated with 

possible distributions of solute atoms. For example, solute atoms may form solute pairs and triplets 

with first, second, third, and even forth order neighboring bonds. Zhang et al. 107 showed that two 

Mg solutes in their 4th order NN positions have the lowest binding energy. Zhao et al. 108 proposed 

a bond breaking and forming model to calculate the SFEs in concentrated solid-solution alloys 

based on the distributions and types of bonds associated with local structure. Here, we estimated 

the SFE via DFT calculations based on the order and distributions of possible solute pairs in co-

sputtered Al-X alloys. 

Two sets of slab models as shown in Fig. 4(a1) (labeled as “perfect” model) and Fig. 4(a2) 

(labeled as “faulted” model) are employed. Each model contains 10 atomic layers, and each layer  

contains 16 atoms. The first Brillouin zone was integrated by 5×1×5 M-P K-points. The “faulted” 

model is obtained by shearing the “perfect” model with one of three partial vectors (1/6 , 1/6[112]

 and 1/6 ) across the shear plane (denoted by the short-dashed line). After the stacking [121] [211]

sequence across a shear plane changes via gliding a partial dislocation, the numbers of different 

order neighboring bonds may vary, altering the solute-solute interaction energy and in turn 

modifying SFE and the energy barrier associated with the change of stacking sequence. Taking 

solute concentration of 6.25 at.% as an example, one Al atom in each  atomic layer is replaced (111)

by one solute. When one solute (grey) is placed in the lower layer next to the shear plane, another 

solute atom in the upper atomic layer next to the shear plane could locate at several positions 

labelled by black numbers for “perfect” model, as shown in Fig. 4(b1). Similarly, positions of the 

solute atom in the upper atomic layer are labelled by red numbers for “faulted” model, as shown 

in Fig. 4(b2). The solutes can be in each other’s 1st, 2nd, 3rd, 5th and 6th order NN positions. The 

“faulted” model can be achieved by shearing the “perfect” model with one of three partial 

dislocations (p1, p2 or p3). Fig. 4(b3)-(b5) show the three faulted structures with black number 

showing the original positions of atoms in lower atomic layer. By comparing Fig. 4(b2) and Fig. 

4(b3)-(b5), we developed the relations  to describe the probability of forming ( )th-NN “faulted” 𝑝(𝑖𝑗) 𝑗
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pair from the “perfect” model containing ( )th-NN solute pair (Table 2). For example, for two 𝑖

solutes (grey atom and the atom enclosed by red circle) as each other’s 1st NN in the “perfect” 

model, shearing via p1 and p2 does not change the order of NN while shearing via p3 causes 2nd 

NN. Thus,  is 0.66 while  is 0.33. We then conduct DFT calculations to relax the 𝑝(11) 𝑝(12)

structures of “perfect” and “faulted” models. The top and bottom layers (in white color) are fixed 

to mimic bulk properties. Intrinsic stacking fault energy (ISFE) can be calculated based on the 

difference in system energies of the two states. 

Table 2 Relation between solute pairs in “perfect” and “faulted” models (with 6.25 at.% solute 

concentration). The probability refers to the chance that certain pair in “faulted” model can be achieved for 

given pair in “perfect” model.  is the number of possible solute pairs in perfect and “faulted” models.𝑁

Pair in “perfect” model Pair in “faulted” model Probability 𝒑(𝒊𝒋)

1st-NN, N=6 0.66𝑝(11) =1st-NN, N=3 2nd-NN, N=3 0.33𝑝(12) =
1st-NN, N=3 0.33𝑝(21) =2nd-NN, N=3 3rd-NN, N=6 0.66𝑝(23) =
2nd-NN, N=6 0.33𝑝(32) =
3rd-NN, N=6 0.33𝑝(33) =3rd-NN, N=6
5th-NN, N=6 0.33𝑝(35) =
3rd-NN, N=6 0.66𝑝(53) =5th-NN, N=3 6th-NN, N=3 0.33𝑝(56) =

6th-NN, N=1 5th-NN, N=3 1.00𝑝(65) =

To statistically estimate the ISFE associated with a given solute pair in a “perfect” model, we 

introduced the probability of N possible solute pairs (as listed in Table 1) in “faulted” model and 

estimated the local ISFE by,

 (1)𝐸(𝑖)
𝐼𝑆𝐹 = (∑

𝑗𝑝
(𝑖𝑗)𝐸(𝑖𝑗)

𝑓𝑎𝑢𝑙𝑡𝑒𝑑 ― 𝐸(𝑖)
𝑝𝑒𝑟𝑓𝑒𝑐𝑡) 𝐴

where  is the system energy of the “perfect” model containg one ( )th-NN solute pair, 𝐸(𝑖)
𝑝𝑒𝑟𝑓𝑒𝑐𝑡 𝑖

 is the system energy of the “faulted” model containing one ( )th-NN solute pair,  is the 𝐸(𝑖𝑗)
𝑓𝑎𝑢𝑙𝑡𝑒𝑑 𝑗 𝑝(𝑖𝑗)

probability of forming ( )th-NN “faulted” pair from the “perfect” model containing ( )th-NN solute 𝑗 𝑖

pair and  is area of the  layer. 𝐴 (111)
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Fig. 4 (a1) and (a2) Atomic models for perfect and faulted structures. (b1) Two adjacent atomic layers in a 

“perfect” structure showing the possible solute pairs and (b2) Two adjacent atomic layers in a “faulted” 

structure showing the possible solute pairs. Illustrations for the change in solute pairs associated with 

shearing the perfect model containing 1-NN solute pair with (b3) p1, (b4) p2 and (b5) p3.
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Fig. 5 (a) The atomic model for DFT calculations. Atoms are colored to show atomic layers. The gray atom 

represents the solute atom. (b) The top view of the model. A 22 periodic image is used to illustrate the 

order of NN sites. (c) The excess energies for 1st, 2nd, 3rd, 5th and 6th order NN pairs.

Considering the probabilities  of forming possible ( )th-NN “perfect” models, the average 𝑃(𝑖) 𝑖

ISFE ( ) is estimated by,𝐸𝐼𝑆𝐹

(2)𝐸𝐼𝑆𝐹 = ∑
𝑖𝑃

(𝑖)𝐸(𝑖)
𝐼𝑆𝐹

The probability of forming the ( )th-NN “perfect” model  is determined based on the 𝑖 𝑃(𝑖)

energetics of solute pairs on surface during deposition. The model shown in Fig. 5(a1) has the 

dimension of 9.91 Å 27.78 Å 11.44 Å, and contains four  atomic layers and a solute (111)

adatom. Each  atomic layer contains 16 atoms. The top layer contains 15 Al and 1 solute (111)

atoms. Fig. 5(a2) indicates the possible sites for the solute atom, denoted by the 1st, 2nd, 3rd, 5th and 

6th order NN sites. The first Brillouin zone was integrated by 6×3×6 M-P K points for the DFT 
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calculation. Two solutes in their 6th order NN positions are treated as two isolated solutes and the 

corresponding system energy is used as reference. The excess energies , , ,  Δ𝐸(1) Δ𝐸(2)  Δ𝐸(3)  Δ𝐸(5)

and  for 1st, 2nd, 3rd, 5th and 6th order NN pairs are plotted in Fig. 5(b). The probability of (i)th-Δ𝐸(6)

NN “perfect” model  is estimated following the Arrhenius relation that,𝑃(𝑖)

(3)𝑃(𝑖) = 𝑒𝑥𝑝( ―
Δ𝐸(𝑖)

𝑘𝐵𝑇 ) ∑
𝑗𝑒𝑥𝑝( ―

Δ𝐸(𝑗)

𝑘𝐵𝑇 )
 is the Boltzmann constant.𝑘𝐵

Table 3 Values of  and estimation of  at 300 K for different solutes for cases with 6.25 at.% solute Δ𝐸(𝑖) 𝑃(𝑖)

concentration.

1st NN 2nd NN 3rd NN 5th NN 6th NNElement 𝚫𝑬(𝟏) 𝑷(𝟏) 𝚫𝑬(𝟐) 𝑷(𝟐) 𝚫𝑬(𝟑) 𝑷(𝟑) 𝚫𝑬(𝟓) 𝑷(𝟓) 𝚫𝑬(𝟔) 𝑷(𝟔)

Mg 0.16 0.00 -0.07 0.74 -0.03 0.13 -0.01 0.08 0 0.05
Si -0.05 0.68 -0.01 0.15 0.02 0.05 0.03 0.03 0 0.10
Ti -0.18 0.98 -0.04 0.01 0.00 0.00 -0.05 0.01 0 0.00
Fe -1.18 1.00 0.62 0.00 0.03 0.00 0.53 0.00 0 0.00
Co -1.11 1.00 0.08 0.00 0.00 0.00 0.02 0.00 0 0.00
Ni -0.72 1.00 0.07 0.00 0.02 0.00 0.02 0.00 0 0.00
Zn 0.06 0.03 0.01 0.16 -0.01 0.35 0.00 0.21 0 0.24
Zr 0.12 0.00 -0.15 0.96 -0.03 0.01 -0.07 0.03 0 0.00
Ru 0.39 0.00 -0.03 0.01 -0.14 0.98 0.01 0.00 0 0.00
Pd 0.47 0.00 0.05 0.06 0.02 0.22 0.02 0.23 0 0.48
Ag 0.16 0.00 0.04 0.10 0.02 0.20 0.01 0.29 0 0.41

Here, we take the Al-6.25Fe system as an example to show the estimation of average SFEs, 

and compare the results of Al-6.25Fe and pure Al. The system energies of “perfect” models with 

1st, 2nd, 3rd, 5th and 6th order NN pairs are -597.59, -597.60, -597.56, -597.63 and -597.51 eV. The 

system energies of “faulted” models with 1st, 2nd, 3rd, 5th and 6th order NN pairs are -596.64, -

596.55, -596.50, -596.57 and -596.50 eV. With area  equal to 113.37 Å2, the local ISFEs , 𝐴 𝐸(1)
𝐼𝑆𝐹

, ,  and  are estimated with Eq. (1) to be 139.10, 148.24, 143.78, 159.18 and 𝐸(2)
𝐼𝑆𝐹 𝐸(3)

𝐼𝑆𝐹 𝐸(5)
𝐼𝑆𝐹 𝐸(6)

𝐼𝑆𝐹

133.64 mJ/m2. Table 3 summarizes the values of  and  for different solute pairs at room Δ𝐸(𝑖) 𝑃(𝑖)

temperature. The “perfect” model with 1st NN pair should be dominant since  is nearly one. 𝑃(1)

Following Eq. (2), the average ISFE is 139.10 mJ/m2. 
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Table 4 Possibility  between solutes pairs in “perfect” and “faulted” models with 12.5 at.% solute 𝒑(𝒊𝒋)

concentration. 

𝑝(11) = 0.66 𝑝(21) = 0.50 𝑝(32) = 0.33

𝑝(12) = 0.33 𝑝(23) = 0.50 𝑝(31) = 0.66

Table 5 Values of  and estimation of  at 300 K for different solutes for cases with 12.5 at.% solute Δ𝐸(𝑖) 𝑃(𝑖)

concentration.

1st NN 2nd NN 3rd NNElement 𝚫𝑬(𝟏) 𝑷(𝟏) 𝚫𝑬(𝟐) 𝑷(𝟐) 𝚫𝑬(𝟑) 𝑷(𝟑)

Mg 0.16 0.00 -0.07 0.85 -0.03 0.15
Si -0.05 0.78 -0.01 0.17 0.02 0.05
Ti -0.18 0.99 -0.04 0.01 0.00 0.00
Fe -1.18 1.00 0.62 0.00 0.03 0.00
Co -1.11 1.00 0.08 0.00 0.00 0.00
Ni -0.72 1.00 0.07 0.00 0.02 0.00
Zn 0.06 0.05 0.01 0.30 -0.01 0.65
Zr 0.12 0.00 -0.15 0.99 -0.03 0.01
Ru 0.39 0.00 -0.03 0.01 -0.14 0.99
Pd 0.47 0.00 0.05 0.22 0.02 0.78
Ag 0.16 0.00 0.04 0.34 0.02 0.66

To reveal the effect of solute concentration on ISFE, we also calculated the average ISFE for 

different solute elements with solute concentration of 12.5%. Two sets of slab models are 

employed. Each model contains 10  atomic layers, and each layer contains 8 atoms. The first (111)

Brillouin zone was integrated by 3×1×5 M-P K-points. The “faulted” model is obtained by 

shearing the “perfect” model with one of three partial vectors (1/6 , 1/6  and 1/6 ) [112] [121] [211]

across the shear plane (denoted by the short-dashed line). For solute concentration of 12.5 at.%, 

one Al atom in each  atomic layer is replaced by one solute. Two solutes on two layers next (111)

to shear plane can be in each other’s 1st, 2nd and 3rd order positions. Considering the change in 

stacking sequence via shearing the “perfect” model with one of three partial vectors, we developed 

the relations  as summarized in Table 4. Using the same method, the values of  and  𝑝(𝑖𝑗) Δ𝐸(𝑖) 𝑃(𝑖)

for different solute pairs at room temperature are calculated and summarized in Table 5. Then, all 

possible “perfect” and “faulted” models are relaxed, and the average ISFE was estimated according 

to Eq.(2). 
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The average ISFE were plotted in Fig. 6(a). For Al-6.5X system, these solutes do not 

significantly modify the ISFE. The maximum decrease of the ISFE is 20.64 mJ/m2 for the Al-

6.25Ti system, and the maximum increase of the ISFE is 6.64 mJ/m2 for the Al-6.5Pd systems. 

When the solute concentration is increased up to 12.5%, the change in the ISFE is obvious. But 

the maximum decrease is about 54.18 mJ/m2 for the Al-12.5Ti system. Even so, the ISFE is still 

too high to form and stablize SFs. Therefore, the formation and stabilization of SFs during 

deposition should be kinetically facilitated. 

Fig. 6 (a) ISFE in sputtered Al alloys with 6.25 at.% and 12.5 at.% solute concentration. (b) Variation of 

generalized SFE in pure Al and Al-6.25Fe on  plane. (c) ISF recovery barrier (USFE ISFE) in (111) ―

sputtered Al alloys with 6.25 at.% solute concentration.

To understand the kinetically-facilitated formation of SFs, we further calculated the energy 

profile associated with the transition between the perfect and faulted structures. For a pair of 

“perfect” and “faulted” structures, a chain of five transient states (labeled as “state-k”, k = 1, 2, …, 

5) is produced by linearly interpolating between them. The intermediate state models are relaxed 

while fixing the movement of atoms on the  planes. The SFE associated with “state-k” is (111)

calculated based on the difference in system energies between “state-k” and “perfect” models with 
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similar forms of Eq. (1) and (2). Fig. 6(b) shows the generalized SFEs in pure Al (black curve) and 

Al-6.25Fe (red curve). The ISFEs of pure Al (140.85 mJ/m2) and Al-6.25Fe (139.10 mJ/m2) are 

close, but the unstable stacking fault energy (USFE) of Al-6.25Fe (199.94 mJ/m2) is higher than 

that of pure Al (174.80 mJ/m2). Consequently, the energy barrier associated with the ISF recovery 

(which is the difference between USFE and ISFE) of Al-6.25Fe (60.84 mJ/m2) is higher than that 

of pure Al (33.95 mJ/m2). Using the same method, we calculated the SFE profiles associated with 

different solute elements. 

Fig. 6(c) shows the variation of the energy barrier for ISF recovery with solute element. It is 

found that Mg, Si, Zn, Pd and Ag solutes do not significantly modify the energy barrier for ISF 

recovery. Meanwhile, Ti, Fe, Co, Ni, Zr and Ru solutes can increase the energy barrier for ISF 

recovery to some extent. Among them, Fe solutes have the most significant effect. 

3.3 Modify energetics and kinetics of surface clusters via co-sputtering solutes

A surface cluster is mobile if the time needed to move (cluster) is smaller than the time needed 

to add an additional atom (+1), and is immobile if not. Consequently, high deposition flux that 

reduces +1 and low deposition temperature that increases cluster could stabilize surface clusters. If 

critical sizes of immobile perfect and faulted surface clusters are ( ) and ( ) atoms, the 𝑖 + 1 𝑗 + 1

fraction of the mobile -atoms perfect surface clusters over mobile -atoms faulted surface clusters 𝑖 𝑗

follows the Boltzmann distribution. So, the distribution of immobile surface clusters reflects the 

equilibrium distribution of the mobile -atoms perfect and -atoms faulted surface clusters. 𝑖 𝑗

Immobile faulted surface clusters further develop into SFs and CTBs. Therefore, large fraction of 

SFs and CTBs are resulted from the small energy difference between -atom perfect and -atom 𝑖  𝑗

faulted surface clusters, which requires low energy of faulted stacking of surface cluster or small 

difference between number  and . For a given deposition temperature and flux, the value of  and 𝑖 𝑗 𝑖

 is related to kinetic barriers of perfect and faulted surface clusters. Thus, the probability of 𝑗

forming faulted islands increases with decreasing the energy of faulted stacking of surface clusters 

and increasing the kinetic barrier for the recovery of faulted surface clusters 109, 110.

We investigate energetics and kinetics of surface trimer (three atoms) and surface heptamer 

(seven atoms). For a trimer, there are two types of perfect structures and two types of faulted 

structures. The type-H and the type-T perfect/faulted trimers have the centers on an HCP site and 

an top site. Type-H perfect and faulted trimers are more energetically favored than type-T perfect 
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and faulted trimers 83. The recovery of faulted trimers can be achieved by concerted translation, 

concerted rotation and transformation between compact and linear trimers 83, 84, 111. A type-H 

faulted trimer or a type-T faulted trimer can recover to a type-T perfect trimer or a type-H perfect 

trimer by the concerted translation as indicated by the arrows in Fig. 7(a1) and (a2). For a heptamer, 

there are one perfect and faulted structures, and they can be related by the concerted translation 

denoted by the arrows as shown in Fig. 7(a3) 112. The energetic and kinetics of surface trimers and 

heptamers are calculated with the models shown in Fig. 7(a1)-(a3) that are composed of the 4-layer 

substrate (64 atoms) and a surface cluster. Al adatoms are colored in red and solute adatom is 

colored in grey. We first conducted energy minimization for the faulted structures and the 

recovered structures with the bottom 16 atoms fixed and the first Brillouin zone integrated by 

6×3×6 M-P K-points. Then, a chain of transient states is produced by linearly interpolating 

between the recovered and faulted structures. It should be noted that a perfect linear translation 

may not be associated with the minimum energy path 111. However, the employment of linear 

translation is much more computationally efficient and able to reveal the trend of solutes’ effect 

on diffusivity of surface clusters.

Here, we take the Al-Fe system as an example. Fig. 7(b1) and (b2) shows the variation of the 

excess energy associated with the transition between a perfect trimer and the corresponding faulted 

trimer in pure Al and Al-Fe system. For pure Al, a type-H perfect trimer has the lowest formation 

energy and is used as reference to calculate the excess energy of other structures. Type-T perfect 

trimer, type-H faulted trimer and type-T faulted trimer have the excess energies of 0.04, 0.05 and 

0.09 eV. The trend that type-H perfect/faulted trimers are energetically favorable than type-T 

perfect/faulted trimers is consistent with previous DFT works 84. The slight difference in exact 

values is caused by the different selection of exchange and correlation functions (GGA in this work 

while LDA in ref 84). When the cluster contains one Fe solute, the excess energies of type-T perfect 

trimer, type-H faulted trimer and type-T faulted trimer are 0.13, -0.05 and 0.11 eV. Fe solute 

effectively reduces the excess energy of type-H faulted trimer. The addition of solute may also 

modify the kinetic barrier associated with diffusion of surface trimers. In pure Al, the barrier 

associated with concerted translation from type-H perfect trimer to type-T faulted trimer (inverse 

of path 1 in Fig. 7(a1)) is 0.36 eV, which is higher than the barrier (0.33 eV) associated with 

concerted translation from type-H faulted trimer to type-T perfect trimer (path 2 in Fig. 7(a2)). The 

difference between two barriers is 0.03 eV. In comparison, with one Fe solute, the kinetic barriers 
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associated with inverse of path 1 and path 2 are 0.43 and 0.45 eV, resulting a -0.02 eV difference. 

In other words, presence of Fe solute makes diffusion of all types of trimers hard. Recovery of 

type-H faulted trimers is more difficult than faulting of type-H perfect trimers. As shown in Fig. 

7(b3), the excess energy of a faulted heptamer is 0.32 eV with respect to a perfect heptamer in pure 

Al. The kinetic barrier associated with recovery of a faulted heptamer is 0.32 eV. When the cluster 

contains on Fe solute, the excess energy of a faulted heptamer is reduced to 0.22 eV, but the kinetic 

barrier associated with recovery of a faulted heptamer is increased to 0.73 eV, suggesting easier 

formation and harder recovery of faulted heptamers. In a brief, addition of Fe solute effectively 

reduces the formation energy of faulted surface clusters while increases the kinetic barrier 

associated with the recovery of faulted surface clusters, thus promoting the probability of growing 

faulted islands and facilitating formation of SFs/CTBs.

Using the same method, we calculated the energetics and kinetics of surface clusters with 

respect to solute element. The variation of excess energies of type-H faulted trimer with respect to 

type-H perfect trimer and faulted heptamer with respect to perfect heptamer with solute element is 

shown in Fig. 7(c1). The black and red dashed lines show the excess energies of type-H faulted 

trimer (0.05 eV) and faulted heptamer (0.32 eV) in pure Al. Except Si solute, all solutes reduce 

the excess energy of faulted surface clusters. In general, the excess energy is larger when a surface 

cluster contains more atoms, indicating easier formation of faulted stackings at low deposition 

temperature and with large deposition flux. It is found that the excess energy of type-H faulted 

trimer with one Mg, Fe, Ni, Zn, Ru, Pd or Ag is negative, suggesting that the formation of faulted 

trimers in these systems is energetically favorable. Meanwhile, all faulted heptamers have positive 

excess energy. The effect of Ti, Fe, Co, Zr and Ru solutes on reduction of excess energy of faulted 

heptamer is extraordinary. The reduction is ~45% for Ru solute. It should be noted that Ti and Zr, 

Fe and Ru are in the same group in periodic table, thus having similar effect. The variation of 

recovery barrier of type-H faulted trimer and faulted heptamer is shown in Fig. 7(c2). The black 

and red dashed lines show the recovery barrier of type-H faulted trimer (0.33 eV) and faulted 

heptamer (0.32 eV) in pure Al. Larger faulted surface cluster does not guarantee better stability. 

Addition of Ti, Fe, Co, Ni, Zr, Ru and Pd solutes effectively increase the recovery barrier. Faulted 

surface clusters containing those solutes are very stable once they form. It should be noted that the 

effect of Fe and Ru solutes on increasing the recovery barrier is the most exceptional. 
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Fig. 7 Models used for DFT calculations of energetics and kinetics of faulted surface clusters. (a1) Path 1 

associated with recovery from type-T faulted trimer to type-H perfect trimer. (a2) Path 2 associated with 

recovery from type-H faulted trimer to type-T perfect trimer. (a3) Path 3 associated with recovery from 

faulted heptamer to perfect heptamer. (Al adatoms are colored in red and solute adatom is colored in grey.) 

Energy profiles associated with (b1) path 1, (b2) path 2 and (b3) path 3 in pure Al and Al-Fe system. (c1) 

Excess formation energy of type-H faulted trimer with respect to type-H perfect trimer and faulted heptamer 

with respect to perfect heptamer. (c2) Energy barrier associated with recovery of type-H faulted trimer and 

faulted heptamer.

3.4 Solute segregation at ITBs

For nt Al-X alloys, grain coarsening is accomplished by migration of ITBs. ITB can be treated 

as an array of partial dislocations with total Burgers content equal/nearly zero. ITB migration can 

be resulted from dislocation-ITB interaction 44, or nucleation and glide of discrete partial 

dislocations 113, or collective glide of partial dislocations 113. Disregarding the difference among 

these phenomena, the migration of ITB is accomplished via glide of partial dislocations through 

the start-stop-start mechanism 113 accompanied with the dissociation of a condensed pileup of 

partial dislocations. Lower ISFE will promote the dissociation of the ITB and facilitate its 
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migration. Solute segregation at ITBs may retard or speed up the migration of ITBs because of the 

competition between solute pinning and solute reduced ISFE. Therefore, stable ITBs require high 

ISFE and strong solute segregation.

Fig. 8 Atomic models with ITBs containing (a1) 105 Al atoms (a2) 105 Al atoms and 1 intersitital solute 

atom (possible sites for intersitital solute are labelled by red numbers in circles) or 104 Al atoms and 1 

substitutinal solute atom (possible sites for intersitital solute are labelled by black numbers in circles). (b) 

Variation of segregation energy at ITBs with solute. (c) Diffusion activation energy for solute in FCC Al. 

The segregation energy is computed with slab models with one ITB as shown in Fig. 8(a1) and 

(a2). The model in Fig. 8(a1) contains 105 Al atoms. The model in Fig. 8(a2) contain 105 Al atoms 

and 1 interstitial solute atom or 104 Al atoms and 1 substitutional solute atom. In Fig. 8(a2), five 

possible substitutional sites and two possible interstitial sites are lablled by black and red numbers 
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in circles. With the first Brillouin zone integrated by 4×1×4 M-P K-points, the system energies of 

the two models are calculated and formation energy of substitutional/interstitial solute is estimated 

as . The segregation energy is estimated by , where  is the formation 𝐸(𝐼𝑇𝐵)
𝑠 𝐸(𝐼𝑇𝐵)

𝑠 ― 𝐸(𝑏𝑢𝑙𝑘)
𝑠 𝐸(𝑏𝑢𝑙𝑘)

𝑠

energy of a substition in buk Al. More negative segregation energy suggests stronger segregation. 

The segregation energy with respect to type of solute element is shown in Fig. 8(b). All studied 

elements could produce negative segregation energy, indicating that ITBs are energetically 

preferred sites for solutes. Binary alloys with segregation energy ≤ -0.5 eV/atom are regarded as 

strongly segregating system 114. In this sense, Fe, Co and Ni intersititials can strongly segregate at 

ITBs. Owing to the negative segregation energy, high concentration of solute at/near ITBs is 

expected. Consequently, the ISFE near ITBs could be different from that in the grain interior. Fig. 

6(b) shows the ISFE with different solute elements when solute concentration is 6.25 at.% and 

12.5 at.%. It is found that higher concentration of Mg, Si and Ti solutes induces lower ISFE. 

Meanwhile, higher concentration of Zr, Ru and Pd solutes induces larger ISFE.

It is noted that the co-sputtered Al-X alloys have much higher solute concentration than the 

equilibrium solubility 115, but secondary phases do not form during deposition 46, 49-51. In principle, 

second phases may form when the sputtered Al alloys are annealed at high temperatures. To remain 

the as-deposited microstructures, a high activation energy for solute diffusion is desired. The 

activation energy of solute diffusion in Al has been calculated by Simonovic et al. 66 via first 

principles calculations. Fig. 8(c) shows the variation of solute diffusion activation energy with 

solute elements. It is found that the diffusion activation energy of Ti, Fe, Co, Zr and Ru solutes are 

large. Among them, Fe and Ru solutes are the hardest to diffuse.

4. Discussion

4.1 Strengthen Al-xm alloys via refining grain size 

A large extra binding energy between Al adatom and  surface due to solutes is likely to {111}

increase kinetic barrier associated with surface diffusion of adatoms. Fig. 3(b) shows the variation 

of extra binding energy with solute elements. It is expected that addition of Fe, Co and Ni solutes 

with large extra binding energy may significantly reduce grain size, addition of Mg, Si, Zr, Ru and 

Pd solutes with moderate extra binding energy may have relatively weak effect on grain refinement, 

while addition of Ti, Zn and Ag solutes with nearly zero or negative extra binding energy may 

have ineligible effect on grain refinement. The statistical analysis from experiments in Fig. 2(a) is 
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consistent with the prediction based on the argument of extra binding energy. Ag solute results in 

negative extra binding energy, facilitating diffusion of Al adatoms and resulting a large grain size. 

For the other Al-X alloys, in general, higher solute concentration results in smaller grain size. 

Especially, Fe, Co and Ni solutes significantly refine grain size. Even for a relatively low 

concentration (~2 at.%), the columnar grain size in Al-1.6Fe, Al-1.8Co and Al-2.2Ni alloys is 

significantly reduced about 81%, 95% and 71% of the columnar grain size in sputtered pure Al. A 

high concentration (>6 at.%) leads to more than 95% reduction of columnar grain size. Mg and Zr 

solutes have moderate effect on grain refinement. For example, the reduction of grain size in Al-

5.0Mg and Al-6.0Zr alloys is 78% and 84%. Grain size reduction in Al-5.1Ti alloy is 60%, 

indicating relatively weak effect of Ti solute on grain refinement.

Accompanied with refining grain size, co-sputtered Al-X alloys exhibit improved strength. 

Addition of Fe, Co and Ni solutes significantly improves strength of Al-X alloys. For example, a 

relatively low concentration (~2 at.%) results in large enhancement in hardness (3.1 GPa, 4.2 GPa 

and 4.4 GPa for Al-1.6Fe, Al-1.8Co and Al-2.2Ni alloys). An increase in concentration obviously 

enhance the hardness. Al-X alloys with high concentration (>6 at.%) of Fe, Co and Ni solutes have 

hardness more than 5.5 GPa. In comparison, the hardness of Al-5.0Mg, Al-5.1Ti and Al-6.0Zr is 

2.0, 2.1 and 2.8 GPa, respectively, indicating a weak strengthening effect. This is partially 

attributed to the large columnar grain size due to the small extra binding energy associated with 

solutes Mg, Ti and Zr. It should be noted that grain size is not the only factor affecting the strength 

of co-sputtered Al-X alloys. The density of SFs and 9R phase bands in each column is another 

factor besides solid solution hardening.

4.2 Formation of SFs and 9R phase and strain hardening behavior

DFT calculations revealed that metal solutes reduce the energy difference between faulted and 

perfect surface clusters and increase the energy barriers associated with recovery of faulted surface 

clusters, promoting formation of SFs and kinetically stabilizing the formed SFs. SFs are strong 

barriers to dislocation motion and greatly contribute to strengthening and strain hardening 49, 63-65. 

In experiments, statistics of 9R phase (Fig. 2(b)) indicates that Fe solute is more effective in 

promoting formation of SFs than Zr and Ni solutes. The black curve in Fig. 6(a) shows the variation 

of ISFE with solute elements when solute concentration is 6.25 at.%. It is found that these solutes 

do not significantly modify the ISFE, implying that the formation of SFs during deposition should 
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be kinetically facilitated. As shown in Fig. 7(c1) and (c2), among Fe, Ni and Zr solutes, Fe solutes 

have the most significant effect on reducing the excess energy and increasing the energy barrier 

for the recovery of faulted surface clusters. For surface cluster containing a Zr or Ni solute, type-

H faulted trimer with one Ni solute has lower excess energy and faulted heptamer with one Zr 

solute has lower excess energy. Meanwhile, both faulted trimer and heptamer with Zr solutes have 

higher recovery barrier than faulted trimer and heptamer with Ni solutes. The DFT results 

reasonably account for the statistics of 9R phase (Fig. 2(b)) in Al-Fe, Al-Ni and Al-Zr alloys. High 

density of SFs generally results in high strain hardening rate. For example, DFT results show that 

Fe solute induces smaller excess energy and higher recovery barrier than Co solute and Ni solute. 

This indicates that Al-Fe alloys have higher density of SFs and strain hardening rate than Al-Co 

alloys and Al-Ni alloys, which agrees well with experimental results shown in Fig. 2(d). Based on 

DFT results, Ru solute is another candidate that can significantly promote formation of SFs.

4.3 Enhance thermal and mechanical stability of microstructures

During loading, SFs may annihilate via glide of Shockley partial dislocation while fine 

columnar grains may coarsen via migration of ITBs. Such processes can be facilitated by high 

temperature. It is reasonably believed that higher recovery barrier for faults will stabilize faulted 

structures and retard the annihilation. The recovery barrier is defined as the difference between 

USFE and ISFE. Fig. 6(c) shows the variation of ISF recovery barrier with solute element when 

solute concentration is 6.25 at.%. It is found that Mg, Si, Zn, Pd and Ag solutes do not modify the 

recovery barrier. Meanwhile, Ti, Fe, Co, Ni, Zr and Ru solutes increase the recovery barrier. 

Among them, the effect of Fe solute on increasing recovery barrier is the most remarkable. 

However, the recovery barrier in Al-Fe system is still much smaller than the recovery barrier in 

pure Ni or Cu. Based on first principles DFT calculations, we can speculate that Ti, Fe, Co, Ni, Zr 

and Ru solutes will retard the annihilation of SFs to some extent. However, within the range of 

binary system, great stability of SFs cannot be reached. Correspondingly, very few 9R phases was 

remained in highly deformed region at room temperature 46, 47, 49-51.

High concentration of segregated solutes and high ISFE retard the migration of ITBs. Desired 

solute elements that can act as ITB stabilizer should be strongly segregated at ITB while not 

apparently reduce ISFE. Fig. 8(b) shows variation of segregation energy at ITB with solute element. 

All studied elements could produce negative segregation energy, indicating higher solute 
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concentration near ITBs than in grain interior. Fig. 6(a) shows the variation of ISFE with solute 

element when solute concentration is 6.25 at.% and 12.5 at.%. Increasing concentration of Mg, Si, 

Ti and Zn solutes can continuously decrease ISFE. Therefore, Mg, Si, Ti and Zn solutes are 

excluded from ideal ITB stabilizer in a binary system. In Fig. 8(b), segregation energy ≤ -0.5 

eV/atom are regarded as strongly segregating binary system 114. In this sense, Fe, Co and Ni 

interstitials can strongly segregate at ITBs. Combining the DFT results of ISFE and segregation 

energy, it can be speculated that Fe, Co and Ni solutes are good stabilizers for ITBs as long as the 

super-saturated solid solution is preserved.

Co-sputtered Al-X alloys may not maintain super-saturation at high temperature when 

secondary phase forms with diffusion of solutes. Alloys with solutes that are harder to diffuse in 

Al solvent are more likely to maintain microstructures and mechanical properties after annealing 

or during loading at high temperature. Fig. 8(c) shows the variation of solute diffusion activation 

energy in Al solvent with solute element 66. It is found that Ti, Fe, Co, Zr and Ru solutes are harder 

to diffuse than other solutes. Among Fe, Co and Ni solutes which can strongly segregate at ITB 

while do not reduce ISFE, Fe solute has the largest and Ni solute has the smallest diffusion 

activation energy. Therefore, it is likely that Al-Fe system is more stable than Al-Co system, and 

Al-Ni system at high temperature. Correspondingly, as shown in Fig. 2(f), Al-5.5Fe 48, Al-5.8Co 

and Al-4.5Ni 52 alloys maintain their strength after annealing at temperature up to 553, 473 and 

373 K, which is consistent with the speculation. It is noted that Al-Ti and Al-Ru system should be 

a candidate that is as stable as Al-Fe system at high temperature. This is because the solute 

diffusion activation energies of Ti, Fe and Ru solutes are large and close.

4.4 Optimizing alloy design principles

Based on first principles DFT calculations, it is expected that Fe, Co and Ni solutes are 

exceptional for refining grain size. As for promoting formation of SFs, Fe and Ru solutes are two 

good candidates. At room temperature, Fe solute is better for stabilizing SFs while Fe, Co, Ni, Zr 

and Ru solutes are better for retarding grain coarsening. Lastly, Ti, Fe and Ru solutes are selected 

for service at high temperature because their large diffusion activation energies will delay the 

formation of secondary phase. In this sense, for Al-X binary system, Al-Fe system has high 

strength, great hardening rate and relatively good thermal stability simultaneously. Further 

improvement, i.e., on thermal stability, may need introduction of more than one solute elements. 
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For example, if Co and Ru solutes have weak coupling effect, sputtered Al-Co-Ru alloys may have 

high strength, great hardening and relatively good thermal stability because Co solute can 

significantly reduce grain size while Ru solute favors the formation of high density of SFs and 

induces relatively good thermal stability. The coupling effect between two types of solute may 

tailor the sputtered Al alloy. For instance, compared to Al-Fe binary alloys, Al-Fe-Ti ternary alloys 

maintain the high strength while improve the thermal stability 48. The coupling effect between Fe 

and Ti solutes enhances the segregation of Fe on ITBs and lowers the solute diffusivity of both 

solutes, thus retarding grain coarsening and delay formation of secondary phase. What’s more, the 

coupling effect can be utilized to overcome the shortcoming of sputtered binary Al alloys that no 

single solute element can significantly stabilize SFs. This will be investigated in future work.

5. Conclusion

Sputtering techniques can fabricate super-saturated Al-X alloys with profuse nanotwinned 

columnar structures, stacking faults (SFs), 9R phase bands and nanotwins in each column 43-53. 

Compared to bulk Al alloys, co-sputtered Al-X alloys have higher strength, greater strain 

hardening and improved stability. In this work, we conduct DFT calculations to systematically 

reveal the role of co-sputtering solutes.

 Co-sputtering solutes can refine columnar grain size via increasing kinetic barrier associated 

with surface diffusion of Al adatoms. DFT calculations indicate that Fe, Co and Ni solutes with 

strong binding to Al adatoms effectively refine columnar grain size; Mg, Si, Zr, Ru and Pd 

solutes with moderate binding to Al adatoms refine the grain to some extent; Ti and Zn solutes 

with weak binding to Al adatoms have less influence on grain refinement; and Ag solutes with 

negative extra binding energy promotes the in-plane growth of columns. Predictions based on 

DFT calculations agree well with experimental results. 

 Co-sputtering solutes kinetically promote formation of SFs in columns, because these metal 

solutes do not significantly reduce the SFE but can enhance the nucleation rate of faulted 

surface clusters and the energy barrier for the recovery of faulted surface clusters. DFT 

calculations show that all 11 tested solutes, except Si, lower excess formation energy of faulted 

clusters. Among them, Ti, Fe, Zr and Ru solutes can significantly reduce the excess formation 

energy. Meanwhile, Ti, Fe, Co, Ni, Zr, Ru and Pd solutes effectively increase the energy barrier 

for the recovery of faulted clusters. Fe and Ru solutes are most effective in promoting the 
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formation of SFs because they not only lower excess formation energy but also enhance energy 

barrier for the recovery of faulted surface clusters. These theoretical predictions agree well 

with experimental results.

 High strength and enhanced strain hardening of co-sputtered Al-X alloys are mainly ascribed 

to fine grain size and planar crystal defects (twin boundaries, SFs, and 9R phases), as well as 

their thermal stability. DFT calculations reveal a low formation energy for solute segregation 

in the core of Shockley partial dislocations. Correspondingly, solute segregation plays the 

pinning effect on the motion of dislocations, which stabilizes SFs, 9R phases and ITBs. In 

addition, some solutes also enhance the energy barrier for the recovery of staking faults. As a 

result, some Al-X alloys show high strain hardening rate and remain their high strength at 

deformation temperature above 500 K. DFT calculations suggest that Fe, Co and Ni solutes 

can effectively pin the motion of Shockley partial dislocations and their arrays (i.e., ITBs and 

9R phase). Correspondingly, Al-Fe, Al-Co and Al-Ni alloys have higher strain hardening rate 

than other alloys. More importantly, Al-5.5Fe, Al-5.8Co and Al-4.5Ni alloys remain high 

strength after annealing at temperature up to 553, 473 and 373 K, respectively. As-deposited 

Al-5.5Fe alloys maintain high strength at 473 K deformation temperature.
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