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Dielectric	  relaxation	  of	  polymers:	  segmental	  dynamics	  under	  
structural	  constrains	  

Angel	  Alegria,a,	  b	  and	  Juan	  Colmenero,	  a,b,c	  

Abstract:	  In	  this	  article	  we	  review	  the	  recent	  polymer	  literature	  where	  dielectric	  spectrosocpy	  has	  been	  used	  to	  investigate	  

the	   segmental	   dynamics	   of	   polymers	   under	   the	   constrains	   produced	   by	   self-‐structuring.	   Specifically,	  we	   consider	   three	  

show	  cases:	  	  i)	  semicrystalline	  polymers,	  ii)	  segregated	  block-‐copolymers,	  and	  iii)	  asymmetric	  miscible	  polymer	  blends.	  In	  

these	  three	  situations	  the	  characterisitics	  of	  the	  dielectric	  relaxation	  associated	  with	  the	  polymer	  segmental	  dynamics	  is	  

markedly	  affected	  by	  the	  constrains	   imposed	  by	  the	  corresponding	  structural	   features.	  After	   reviewing	   in	  detail	  each	  of	  

the	   polymer	   systems,	   the	   most	   common	   aspects	   are	   discussed	   in	   the	   context	   of	   the	   use	   of	   dielectric	   relaxation	   as	   a	  

sensitive	  tool	  for	  analyzing	  structural	  features	  in	  nanostructured	  polymer	  systems.	  

	  

Introduction	  
 
Polymers are an important subfamily of the so-called glass-
forming materials where crystallization during cooling does not 
occur or it can be avoided by using a sufficiently high cooling 
rate. These materials are liquids at high temperature that 
become solid-like glasses below a certain temperature range, 
which is known as the glass transition (or more accurately 
liquid to glass transformation). [1-5] The molecular dynamics 
responsible for maintaining thermodynamic equilibrium of the 
system becomes gradually slower during cooling to the glass 
transition range, so when the time scale of the molecular 
rearrangements required to maintain the thermodynamic 
equilibrium is of the order of the reciprocal of the cooling rate 
the liquid can no longer maintain the thermodynamic 
equilibrium and the material becomes a glass. Since this 
increasing of the time for molecular motions occurs very 
abruptly, a single temperature, Tg, usually characterizes 
conveniently the glass transition, although the transformation 
occurs in a temperature range of a few degrees [1-5]. When a 
glass-forming material is heated above the glass transition 
crystallization can occur. In polymer materials this 
crystallization process is known as cold-crystallization since 
usually it takes place far below the melting temperature. The 
cold-crystallization process is kinetically controlled by the 
diffusion of the monomeric segments, thus it is also very much 
related to the above-mentioned molecular rearrangements [6]. 
 
Macromolecules are complex objects, which has a clear impact 
on the molecular mobility. The motions of segments of the 
polymeric chain, each typically consisting of a few monomeric 
units, are responsible of the glass transition of polymers [7]. So 
the segmental dynamics of a polymer at Tg involves times in the 
range of a few seconds. However, at this temperature other 
dynamical processes also exist [8]. Particularly, those faster 
motions responsible of the local changes in backbone chain 
conformations and/or side chain groups; and those involving 
the large scale chain motions. These larger scale motions are 
much slower than the segmental dynamics, the difference 
increasing dramatically with increasing molecular weight. They 
are involved in chain end-to-end distance fluctuations and chain 
center of mass diffusion as well, both related to the polymer 
flow behavior [7,8]. 
 
The molecular mobility is generally investigated by means of 
relaxation techniques [9]. Relaxation techniques use the 

response of the material properties to external fields. When the 
perturbation is weak, the evolution of the material properties is 
uniquely controlled by the thermodynamic spontaneous 
fluctuations in the system, and therefore yields information 
about the molecular mobility of the material [10]. The most 
prominent relaxation process in glass-forming materials in 
general is that related to the molecular dynamics controlling the 
glass transition, i.e. the segmental dynamics in the polymer case 
[11]. This main relaxation process is often referred to as α−
relaxation, whereas those faster relaxations are named with 
other Greek letters β, γ, ... , and , as a whole, they are referred 
to as secondary relaxations [12]. The slower main chain 
motions are responsible of the mechanical relaxation processes 
reflecting the viscoelasticity of polymeric materials, which are 
usually named terminal relaxation [13]. 
 
The α−relaxation process shows a series of universal features 
that are observed in most glass forming liquids, including 
polymers [14]. The most prominent one is the super-Arrhenius 
temperature dependence of the relaxation time that tends to 
diverge at a finite temperature located a few ten degrees below 
Tg [15]. This implies that one have to explore a huge frequency 
range to detect the α-relaxation in the relevant temperature 
range, ca. from Tg to Tg +100 K. Other very important feature 
of the α−relaxation is that the relaxation function is in general 
non-exponential (non-Debye character) [16] and not much 
affected by changes of temperature in this relevant range. As a 
consequence, the time-temperature superposition principle [17] 
can be often applied as a reasonable approximation. The shape 
of the α−relaxation is quite similar in most of the systems with 
a extended short time tail of the relaxation function that is 
generally well described by the so-called stretched exponential 
function [18] with a value of the stretching parameter (β, see 
Technical information section) in the range 0.4-0.6 (a value 1 of 
the stretching parameter corresponds to a single exponential 
decay). This makes the frequency range where the relaxation 
process is relevant at a given temperature to be extended to 
about 3-4 decades in frequency/time [19]. All these 
characteristics of the α-relaxation are quite different from those 
found for the secondary relaxations. As a general rule, the 
secondary relaxation times show Arrhenius temperature 
dependence with relatively low activation energy and a quite 
symmetric stretching of the relaxation function, which increases 
rapidly as temperature decreases [20]. 
 
Among the different relaxation techniques used for the 
investigation of the polymer dynamics, those detecting the 
dielectric relaxation [21] are very suitable since most of the 
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polymers have permanent molecular dipole moments in the 
monomeric unit. In this case, the segmental dynamics of a 
polymer is detected through the spontaneous fluctuation of the 
dipole moments in the monomeric units. In particular using 
broadband dielectric spectrometer, BDS, a range of 10 decades 
in frequency can be explored in a single setup and up to 16 
decades by combining different equipments [22]. In addition, 
BDS techniques are extremely sensitive and allow detecting 
very weak relaxation processes. Thus, it is possible 
investigating either, materials having very small dipole 
moments, or a given polar polymer as a minority component in 
a mixture or composite material. A more detail description of 
the dielectric relaxation fundamentals and some experimental 
aspects can be found below in the 'Technical Details' section. 
 
The effect of confinement on the material properties is a field 
with huge activity nowadays [23,24], which is mainly 
motivated by both, the increasing technological trend towards 
miniaturization approaching the nanoscale and the concomitant 
development of nanostructures [25]. In this context the interest 
of studying the effects of confinement on the polymer dynamics 
arise naturally [26]. In addition, fundamental investigations on 
the finite size effects on the α−relaxation look for addressing 
the ultimate origin of the peculiar universal characteristics of 
this main relaxation process aforementioned. However, an 
utmost important factor affecting the molecular dynamics is the 
direct effect of interfaces when confining polymers by different 
means [27].  
 
In this review, we will limit ourselves to the particular cases 
where the material structures are responsible for imposing 
constrains in molecular mobility, which, as will be shown, arise 
from various factors. Therefore the reader should not expect to 
see much reference to the large activity devoted during the last 
years on the effect of confinement on polymer subjected to 
'external' restrictions, as can be the case of polymer films [28] 
or polymers incorporated inside the nano-scale spaces of 
nanostructured materials [29]. Rather, we will review the 
results obtained in some canonical systems where the intrinsic 
structures of the polymeric material are responsible for 
constrains. These three kinds of materials are: i) semicrystalline 
polymers ii) nanostructured block-copolymers iii) polymer 
blends with large dynamical asymmetry. 
 
The objective of this review is to provide a general description 
of the structural constrains in these particular materials 
highlighting the common features of their dielectric α-
relaxation and also its specificities. The review is organized as 
follows. In the next section the dielectric α-relaxation in 
semicrystalline polymers is described, and the dramatic 
increasing of the dynamic heterogeneities is discussed in terms 
of the so called constrain amorphous phase (where the mean 
segmental mobility is markedly slowed-down) and the rigid 
amorphous phase (where it would be eventually suppressed). In 
the next chapter the case of nanostructured block copolymers is 
presented, making it evident the effect of the interfaces on the 
dielectric α-relaxation of the block components. Here clear 
differences are found when comparing that of the flexible one 
with that of the rigid one. The case of asymmetric miscible 
polymer blends is presented in the next chapter where the factor 
responsible for constrains in these single-phase systems is the 
large dynamic asymmetric between the components. A 
conclusion section is included summarizing the presented 
results and emphasizing the common aspects of the dielectric 
α-relaxation under structural constrains. Finally, a technical 
section is added at the end, which is intended for the readers 

without a sufficient background on dielectric relaxation 
techniques [22]. 

Dielectric	  relaxation	  of	  semicrystalline	  polymers	  	  
It is very difficult - if not impossible - to obtain polymers in a 
fully crystallized state. Thus, when glassy polymers crystallize 
a rather complex nanostructure is generated. The more 
generally accepted view of the nanostructure of semicrystalline 
polymers consists in a periodic stack of crystalline lamellas 
separated by disordered regions (see scheme in Figure 8 of ref 
[30]) with a rather well defined periodicity. Furthermore, there 
is a larger structure where these lamellar entities are organized 
in fibrils giving rise to even bigger structures as spherulites 
[31]. Thus, the amorphous phase of semicrystalline polymers is 
in general composed by chain portions of different length fixed 
by the two ends to crystalline lamellas. Some of the chain 
portions remain as part of the lamella staking in-between 
parallel crystalline layers and the rest fill the space among 
crystallites. As a consequence, once above the glass transition 
but below the melting range, very heterogeneous segmental 
polymer mobility should be expected. In general, the segments 
close to the anchorage points will move slower and besides they 
will present a sterically reduced ability for reorientation. The 
dielectric relaxation results confirm these expectations. As a 
general rule, the characteristic relaxation time (reciprocal of the 
angular frequency at the maximum of the dielectric loss peak) 
of the α−relaxation in semicrystalline polymers is larger by 
more than one decade than that measured at the same 
temperature in the fully amorphous material. 
 
 

 
FIGURE 1. Dielectric losses of the α−relaxation of PDMS 
recorded at 162 K during cold-crystallization of an initially 
amorphous sample. Frame b) highlights the evolution at long 
times. Reprinted with permission from ref. [32]. 
 
 

we can also calculate the fragility index, m, defined by Angell.38
Assuming the validity of the VFT law, this value is given by

Inserting the values from the VFT fits and defining Tg as the
temperature of which τ(Tg) ) 100 s, we see that the index of
the amorphous PDMS (m ≈ 154) is considerably larger than
that for the CAP phase (m≈ 95). This demonstrates a “stronger”
character of the latter CAP phase suggesting a more constrained
local environment.
The effect of crystallization on the dielectric response is also

evident in a real time experiment under isothermal conditions.
The result of such an experiment at 162 K, where the
crystallization process proceeds relatively fast, is given in Figure
9.
As seen, the spectra consist of practically one peak at short

times and as the time evolves, a second much broader peak at
lower frequency develops. Finally, the high frequency amor-
phous peak completely disappears, and only the broad relaxation
peak characterizing the CAP is visible. Surprisingly, during
crystallization, it seems that both peaks approximately keep their
shape as well as peak positionsonly their respective amplitudes
seem to vary. Consequently, at all times during crystallization,
the ε!!(ω, t) can be described by a sum of two contributions,
one for the ordinary R-relaxation of the conventional amorphous
phase and one for the Rc-relaxation of CAP.
In order to parametrize the data, we chose to describe the

“CAP” response, after complete disappearance of the conven-
tional R-relaxation, using a sum of a general lognormal function,
as this contribution is broad and symmetric. In addition we
added a power law describing a small contribution that only
occurs at very low frequencies and that cannot be resolved
properly even at higher T. The R-relaxation before any signature
of crystallization was described by a Havriliak-Negami (H-
N) function. At all intermediate times, we describe the total
dielectric loss signal as a linear superposition of the contributions
of these two phases and the power-law term:

Here A is an amplitude, x is a power exponent and ai is the
relative contribution (amplitude) of each dynamic phase. The
CAP contribution is written as

where τCAP and σCAP is the mean time and the width of the
lognormal function respectively. The amorphous part is de-
scribed by the following H-N equation:

where R and γ are the parameters describing the symmetric and
asymmetric broadening respectively and τAP is the characteristic
time.
As already mentioned above, each term was separately fitted

to the experimental data corresponding to initial amorphous state
and the semicrystalline state of which the conventional amor-
phous response completely vanishes (aCAP ) 0 and aAP ) 0
respectively). Thus, in eqs 10 and 11, ∆εAP and ∆εCAP are the
dielectric strength obtained of the initial fully amorphous phase
and that obtained after completed crystallization, respectively.
The relevant data parameters are listed in Table 2.
Second, the superposition in eq 9 was used to fit data at all

intermediate times by letting only aAP(t) and aCAP(t) vary. This
worked well under the crystallization process until the conven-
tional amorphous part completely vanishes aAP ) 0, after that
we observe a slow evolution of the CAP contribution where
the peak slightly moves toward slower frequencies (see Figure
9b). Consequently, at longer times, τCAP and σCAP were also
allowed to vary.
The normalized total dielectric strength as a function of time

is plotted in Figure 10a . The data was normalized by ε" in
order to cancel small differences in the sample geometry
(thickness, etc.) and thereby facilitating a quantitative compari-
son of the different temperatures. The extracted amplitudes, aAP
and aCAP, are depicted in Figure 10b.
In order to extract information about the kinetics, the decay

of the conventional amorphous phase, represented by aAP, was
fitted using a general Avrami equation aAP ) a exp(-(kt)n).
As seen in Figure 10b, the data could not be described
completely satisfactorily by this equation, especially at short
times.
The above data demonstrate, as expected, a strong anti

correlation between the disappearance of the conventional
amorphous phase and the emergence of the CAP part. This
indicates that the CAP is associated with the tethering of chains
to the crystal fronts and/or the restrictions imposed by the crystal
lamellas. This correlation becomes evident when observing that
the sum aCAP + aAP indeed remains essentially constant in time

Figure 9. (a) Time evolution of the dielectric loss permittivity, ε!!, as
a function of frequency at 162 K. The solid lines corresponds to the fit
using a linear superposition of the response of the amorphous phase
and the CAP (for details, see text). (b) Same data corresponding to the
large times as in part a, where the most of the relaxation stems from
the CAP. Vertical lines are meant as guides for the eye only.

m ) B
Tg

1
ln (10)(1 - T0/Tg)

2 (8)

ε(ω, t)!! ) aCAP(t)(Aω-x + ε!!CAP(ω)) + aAP(t)ε!!AP(ω) (9)

Table 2. Parameters from the Fitting Procedure of the Data from
Dielectric Spectroscopya

T/K ∆εAP R γ τAP/10-6 s ∆εCAP σAP τCAP/10-6 s

162 0.60 0.89 0.44 6 0.31 2.0 800
160 0.66 0.94 0.42 21 0.31 2.1 4400
158 0.70 0.98 0.41 79 0.35 2.2 25 300

a The parameters from the R-relaxation from the amorphous phase and
the ones obtained from fitting the modified CAP Rc-relaxation in the
semicrystalline phase have been fitted separately. The exponent x and the
amplitude of the power law have been determined to be x ) 0.06 and A )
6.86 × 10-3 respectively and were fixed to these values for the three
temperatures.

ε(ω)!!CAP ) #8
π

∆εCAP

σCAP ln 10
exp(-log(ωτCAP)

2/2σCAP
2) (10)

ε(ω)!!AP ) Im[ -∆εAP

(1 + (iωτAP)
R)γ] (11)

1370 Lund et al. Macromolecules, Vol. 41, No. 4, 2008
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This is nicely illustrated in Figure 1 where the dielectric losses 
of poly(dimethylsiloxane), PDMS, recorded in the course of 
crystallization at 162 K are presented [32]. The dielectric 
relaxation of the fully amorphous polymer presents a loss peak 
with the typical features of glass forming liquids, that is: i) full-
width at half-maximum (FWHM) of about 2 times larger than 
the 1.14 decades corresponding to a Debye relaxation process 
(exponential decay in time domain) and ii) a broadening 
markedly more pronounced in the high frequency side. This 
'spectral shape' is characteristic of a stretched exponential decay 
of the corresponding time domain relaxation. At the first stages 
of the crystallization process the main dielectric loss peak 
decreases in intensity maintaining the peak frequency constant 
and without much change in shape, whereas a new relaxation 
contribution at markedly lower frequencies becomes apparent. 
As crystallization develops, this evolution continues in such a 
way that there is a frequency at which the dielectric losses 
remains unaltered (the so called isosbestic point) indicating that 
the measured response can be accounted by the superposition of 
two distinct components that are interchanged during the time 
evolution. The chain segments incorporated in the polymer 
crystalline phase cannot give rise to a measurable dielectric 
relaxation. Thus, in this regime the conventional amorphous 
phase that is lost is in part transformed in a new amorphous 
phase. This distinct phase is usually known as 'constrained 
amorphous phase' (CAP) [33]. The corresponding dielectric 
losses are not only showing a peak shifted to lower frequencies 
but also show up as an extremely broad peak with a FWHM 
larger than 4 decades. This characteristic can be attributed to 
the dynamic heterogeneity associated to the different segmental 
mobility in the new amorphous phase separating the crystalline 
lamellas in the layered nanostructure and/or that between the 
lamella stacks forming other superstructures. It is worth 
mentioning that a similar phenomenology has been reported for 
side group crystallization	   in poly(n-octadecyl methacrylate)  
[34]. 
 
An interesting aspect that has not been investigated in detail is 
the fact that being the overall dielectric relaxation of the 
amorphous phase much slower than that of the conventional 
amorphous polymer melt the loss curves of the former still 
present very significant contributions at the high frequency tail. 
For example, by comparing the dielectric losses of fully 
amorphous and cold crystallized PDMS at a temperature where 
the loss peak occurs at around 30 Hz (152 K and 160 K 
respectively) what is found is that both data sets merge in the 
MHz range (see Figure 8 in ref [32]). Due to the fact that the 
amount of amorphous phase is reduced in partially crystalline 
polymers, this implies that in the amorphous phase constrained 
by the neighboring crystalline lamella there is a relatively 
higher amount of fast moving dipoles. The origin of such 
situation can be related with the fact that constrains imposed by 
the crystalline regions, avoid an efficient packing of the 
surrounding amorphous material. This would generate a 
significant heterogeneity in local density/packing with 
relatively high population of badly packed chain segments, 
which would present a higher mobility. On the contrary, there 
will be also segments in the very vicinity of the crystalline 
lamella, that belong to the chain potions where anchorage to the 
crystals is relevant, which will be forced to closely pack and 
they will present a slower than average segmental dynamics. 
This heterogeneity of the segmental mobility in the constrained 
amorphous phase of semicrystalline polymers would easily 
explain the extremely broad dielectric α-relaxation loss peak. 
However, the situation qualitatively changes during the later 
stages of the crystallization process where no significant 

contributions of the conventional amorphous phase remain and 
a reduction of the signal from the constrained amorphous phase 
is clearly visible, which is accompanied by a noticeable shift of 
the loss peak maxima to even lower frequencies. This behavior 
is what could be expected by assuming that once the formation 
of well developed crystalline lamellas is not longer possible 
some slower process of (likely imperfect) crystallization occurs 
in the inter-lamellar spacing, which would be more probable in 
the less restricted parts of the new amorphous region. Thus, a 
decreasing of the contributions to the dielectric losses at higher 
frequency would occur. Consequently, at the final stages of the 
crystallization process the remaining dielectric relaxation loss 
peak is broad and with a clear asymmetry extending more 
towards the low frequency side and the average mobility results 
reduced. With respect to the above picture on the development 
of polymer crystallization, it is noteworthy that recent NMR 
results show evidences of interchange of segments between the 
crystalline and amorphous regions for polymer crystallized 
form solution [35]. This exchange could influence the dynamic 
heterogeneities at the segmental level and thus lead to extra 
features in the dielectric relaxation behavior. However, the fact 
that such exchange is not of much relevance in melt-crystallized 
polymers makes it difficult to address this issue. 
 

  
FIGURE 2. Evolution of the dielectric relaxation of 
poly(propylene succinate) during cold-crystallization. In this 
polymer the α− and β−relaxations can be both monitored 
simultaneously on the course of crystallization. Reprinted with 
permission from ref. [36] 
 

accomplished considering both ! and " relaxations as
being Havriliak-Negami (HN) processes [12]. Accord-
ingly, dielectric loss data can be described as "00!
Im""#$! Imf"1%P

x!!;"!"x"1%&i!#HNx'bx$(cxg, where
the relaxation strength !" ! "0 ( "1, where "0 and "1
are the relaxed and unrelaxed limits of the dielectric con-
stant [12,14], respectively, #HN is the central relaxa-
tion time of the relaxation time distribution function,
and b; c are the shape parameters which describe, respec-
tively, the symmetric and asymmetric broadening of the
relaxation time distribution function [12]. The subscript
makes reference to either the ! or the " relaxation.
Additionally, the frequency of maximum loss, Fmax, can
be calculated by means of the following relation: 1

2$Fmax
!

#HN"sin b$
2%2c$(1=b"sin bc$

2%2c$1=b. The continuous lines in
Figs. 1(a) and 1(b) represent the fits of the experimental
data to the HN equation with the corresponding deconvo-
lution of the two relaxations. The " relaxation can be
treated as a symmetric process, c ! 1, during the whole
crystallization process. During the first regime [Fig. 1(a)],
the ! relaxation suffers a significant modification while the
" relaxation can be well described by the initial parameters
corresponding to the initial amorphous sample. In the
second regime [Fig. 1(b)], both ! and " require a modifi-
cation of the parameters in order to be described by the HN
equation. Figure 2 shows the evolution with time of all the
HN parameters describing the ! and " relaxations. The
general evolution of the shape parameters of the ! relaxa-
tion follows what is expected during a crystallization pro-
cess [2,16]: (i) a reduction of the !"! values associated
with the reduction of the amorphous mobile phase which is
transferred to the crystalline phase, (ii) a reduction of the
b! parameter indicating an increase of the broadening,
(iii) an increase of c! indicating a symmetrization of the
relaxation, and (iv) a reduction of the frequency of maxi-
mum loss, Fmax, associated with the slowing down of the
amorphous phase due to the confinement induced by the
crystalline phase. The " relaxation qualitatively follows
the same trend with the exception of the Fmax values, which
remain essentially unchanged during the crystallization
process. This is somehow expected because, due to the
local character of the " relaxation [12,14], its relaxation
time is essentially not affected by the crystalline environ-
ment. However, the most streaking fact is the existence of a
first regime, denoted in Fig. 2 by a dotted line, where the
!"" remains unchanged while a significant decrease of
!"! relaxation is observed. Experiments performed in
poly(ethylene terephthalate) (PET) have shown that !""
decreases linearly with the amount of crystalline phase
[14]. In order to prove that this relationship also applies
for PPS we have accomplished an estimation of the crys-
tallinity by WAXS. Figure 3 shows !"" as a function of
crystallinity. Inserted in Fig. 3 are the diffractograms of the
initial sample and the one after the isothermal crystalliza-
tion experiment. The crystallinity has been estimated as the
ratio between the area below the crystalline peaks (con-
tinuous lines) and the total area [17]. These results support
the use of 1(!""&t'=!""&0' as an estimation of the
crystallinity. Accordingly, the first regime observed in
Fig. 2 can be identified with the induction period of crys-
tallization. The observed decrease of !"! in the induc-
tion period indicates a modification of the dynamics of
the molten state with respect to the initial one. In order
to discuss this time dependence, one has to consider
the Frölich-Kirwood equation [18,19], which describes
the so-called reduced dielectric strength f&"0' !
&"0("1'&2"0%"1'

"0&"1%2'2 ! 4$%Na
9kTM g&2, where g is the correlation fac-

tor, % is the density, & is the dipole moment of the relaxing
unit, M is the molecular weight of the repeating unit, Na is
Avogadro’s number, and k is the Boltzmann constant. The

 

FIG. 1 (color online). Dielectric loss data at T ! (25 )C as a
function of frequency during isothermal crystallization (Tc !
25 )C). Panel (a) shows the induction period where no variation
of the " relaxation is detected. Panel (b) shows the crystalliza-
tion period where both ! and " relaxations decrease signifi-
cantly as a function of time. The continuous lines are examples
of the model Havriliak-Negami function. The inset in (a) is an
scheme of poly(propylene succinate). Legends to the symbols
indicate the crystallization time in minutes.

PRL 98, 037801 (2007) P H Y S I C A L R E V I E W L E T T E R S week ending
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All the previously described phenomenology is in agreement 
with the commonly accepted picture for the crystallization of 
relatively simple polymers [36-39]. Figure 2 shows, as an 
example, the evolution of the dielectric relaxation of 
poly(propylene succinate) (PPS) during cold-crystallization. In 
this figure the evolution of both the dielectric α− and β−
relaxations is observed. Whereas the changes in the former are 
similar to those shown above for PDMS, the β−relaxation loss 
is just reduced in intensity without any discernible change in 
position or shape. This shows that the very local molecular 
mobility is not noticeably affected by the structural constrains 
induce during cold-crystallization, which was already 
established thirty years ago [39].  
 
However, the behavior of semicrystalline polymers with 
relatively complex chemistry of the monomeric unit is 
somehow different. As an example, Figure 3 presents the 
evolution of the dielectric losses of Polyether ether ketone, 
PEEK in the course of crystallization [40].  In this polymer a 
more gradual evolution of the dielectric losses is observed, 
without a clear isosbestic point. This behavior suggests that in 
this kind of polymers the spatial separation of crystallizing and 
non-crystallized parts is not well developed and, consequently, 
the material can be described by an intermediate single phase 
rather than as a microscopic composite of crystallites imbibed 
in a still amorphous matrix. The situation seems to be even 
more complicated in some polymers as, poly(trimethylene 
terephthalate), PTT. Very pronounced changes in peak 
frequency of the dielectric losses have been reported [37] at the 
earliest stages of crystallization of this polymer (see Figure 4). 
This result has been considered as indicative of the occurrence 
in PTT of a mesophase state as precursor of crystallization. 
 
A common aspect of the dielectric α−relaxation of crystallized 
polymers is related with the relation between the dielectric 
relaxation strength and the amorphous polymer fraction. In a 
naïf description one would expect the dielectric relaxation 
strength to be approximately proportional to the amorphous 
 

 
FIGURE 3. Evolution of the dielectric α−relaxation of PEEK 
during cold-crystallization at 155ºC. Frames (a) and (b) show 
respectively the imaginary and real parts of the permittivity. 
Reprinted with permission from ref. [40] 

 

  
FIGURE 4. Evolution of the dielectric α−relaxation losses 
during cold-crystallization of PTT at 45ºC. Reprinted with 
permission from [37] 
 
polymer weight fraction since the dipolar units incorporated in 
the crystalline phase are not longer able to contribute to the 
orientational polarization. However, the actual situation is that 
the dielectric relaxation strength of the α−relaxation decreases 
with sample crystallinity much faster than expected by 
assuming this simple view [39], as illustrated in Figure 5. The 
mere linear extrapolation of the decreasing of the dielectric 
relaxation strength as crystallinity increases yields to a situation 
where the dielectric relaxation strength would vanish for a 
crystallinity degree much lower than one (about 0.5 for PPT). 
This points to the idea that not all the amorphous phase in the 
semicrystalline material contributes to the dielectric relaxation, 
and consequently, that there would exist a 'rigid' amorphous 
phase (RAP) fraction [41]. 
 
The RAP existence in semicrystalline polymers was proposed 
long time ago since a similar situation was found when 
analyzing the jump of the heat capacity at the glass transition as 
a function of the crystallinity degree (see ref [43] for a complete 
description). Although one could easily consider that the 
mobility of the chain segments of the amorphous phase directly 
anchored to the crystal surface is very much limited, by 
dielectric experiments it is very difficult to distinguish between 
a model of 3-phases (crystalline, RAP and CAP) and a model 
where CAP and RAP result just from an arbitrary division of 
the amorphous phase, as recently proposed [42]. In the later 
case there would be a low frequency long tail of the loss curve 
that in many cases could be masked by the usual conductivity 
related contributions in this region. Moreover, the missing 
dielectric signal could be also interpreted as a restriction in the 
dipole moment reorientation in the CAP that could be strongly 
correlated with the relaxation rate, i.e. the more constrain the 
polymer segment is the slower would it move and more limited 
its reorientation would be. Furthermore, the dielectric 
relaxation strength also depends on the extent of the dipole-
dipole orientational correlations, which by no means can be 
assumed to be unaffected by the crystallization process. So, in 
this picture the RAP would be the limiting CAP case. Literature 
results on EVA where the crystals are formed by ethylene 
segments and only vinyl-acetate ones contribute to the 
dielectric relaxation, point to the fact that the dielectric 
response of the amorphous phase of semicrystalline polymers 
present an exceptionally extended tail towards low frequencies, 
as exemplified in Figure 6. This makes extremely difficult a 

B. Real time characterization of the ! relaxation by
dielectric spectroscopy

Figure 4 shows the real time evolution of the ! relax-
ation followed by dielectric spectroscopy during the crystal-

lization process at T!155 °C "Calorimetric Tg!145 °C#.
The imaginary part of the complex dielectric permittivity,
measured for the amorphous PEEK, manifests a maximum
centered at Fmax!500Hz. In Fig. 4, the ! relaxation of the
initially amorphous sample is found to endure some changes
as crystallization time increases. On the one hand, there is a
strong reduction of the peak height. On the other hand, a
shift in the position of the ! relaxation is observed, for crys-
tallization times longer than 40 min. "After the 40 min crys-
tallization time, the ! relaxation shifts towards lower fre-
quencies.# Similar effects have been obtained for the
experiment performed at Tc!160 °C, in different time
scales. The amplitude of the maximum loss $max! , and the
frequency of the maximum loss Fmax , have been illustrated
in Fig. 5 as a function of crystallization time for two different
temperatures. The variation rate of both magnitudes is de-
pendent on the crystallization temperature. At T!160 °C,
$max! starts to decrease from tc!0 min and it levels off at
tc"8 min. At T!155 °C, $max! initially remains constant,
and decreases at tc"20min and finally reaches a plateau at
tc"60min. A very different trend of changes emerges from
the inspection of Fmax "Fig. 5#. At both temperatures, Fmax
remains constant when $max! exhibits a higher rate of varia-
tion. Only when $max! reaches its lowest plateau value, Fmax
decreases abruptly.

C. Phenomenological description of the ! relaxation

An in-depth analysis of the relaxation curves was per-
formed on the basis of the phenomenological description by
Havriliak–Negami.33 The continuous lines in Fig. 4 repre-
sent the best-fit results according to Eq. "1#. A conductivity
term was included to account for the influence of the con-
ductivity process.44–46 The obtained parameters are repre-

FIG. 4. Real time evolution of the dielectric loss "a# and the dielectric
constant "b# during isothermal crystallization (Tc!155 °C) as a function of
frequency at selected crystallization times "Calorimetric Tg!145 °C#.

FIG. 3. "a# Dependence of the long spacing calculated from the first maxi-
mum of the correlation function (Lc

M) "!# T!155 °C and ""# T
!160 °C, and from double the position of the first minimum Lc

m , "## T
!155 °C and "$# T!160 °C with the crystallization time. "b# Dependence
of the thickness of the two phases present on the crystalline stacks. (l1) "!#
T!155 °C and ""# T!160 °C, and (l2); "## T!155 °C and "$# T
!160 °C with the crystallization time. Continuous lines are to guide the
eye.

FIG. 5. Variation of the "a# maximum dielectric loss values $max! , and "b#
frequency of maximum loss Fmax , as a function of crystallization time. T
!155 °C "!# and T!160 °C ""#. Continuous lines are to guide the eyes.

3808 J. Chem. Phys., Vol. 115, No. 8, 22 August 2001 Nogales et al.
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correct evaluation of the whole dielectric relaxation strength 
(Δε) of the detected relaxation process, which would be 
proportional to the area below the loss peak. Consequently, 
addressing the eventual differences between CAP and RAP is a 
challenge. In relation with this, it is important to comment that 
the strength of the dielectric β−relaxation has been found 
proportional to the amorphous fraction [39] with, as already 
mentioned, peak frequency and shape not being affected by 
crystallization (see Figure 2). Therefore, at the local scale RAP 
and CAP should not be different from that of the conventional 
fully amorphous polymer. 
 
Summarizing, the dielectric relaxation associated to the 
segmental dynamics of semicrystalline polymers shows a series 
of general characteristics that highly the impact of the 
crystalline phase on the amorphous one. This is particularly 
enhanced in polymers when compared with low molecular 
weight glass formers due to the anchorage to the crystallites of 
the polymer chain fragments forming the amorphous phase, 
 

 
FIGURE 5. Relative change of the dielectric α−relaxation 
strength as a function of polymer crystallinity for several 
polymers. Reprinted with permission from [38] 
 
 

	  
Figure 6. Dielectric relaxation of EVA9 (ethylene-vinylacetate) 
random copolymer with 9% vinylacetate ) as a function of 
temperatures around the glass transition. Reprinted with 
permission from [44]	  

which introduce significant constrains in the mobility of the 
neighboring chain segments. 

Dielectric	  relaxation	  of	  nanostructured	  block-‐
copolymers	  
 
Block copolymers are a class of polymer materials where the 
individual chains are composed by large portions each formed 
by a specific monomeric unit [45]. In the simplest case of 
diblock copolymers, two polymer chains of distinct components 
are covalently linked by one of the ends resulting in a new 
linear chain. Depending on the interaction between the 
chemically distinct monomeric units there would be a tendency 
for the two components to remain spatially separated giving 
rise to nanostructures both, in solution and in bulk state. 
Moreover, in the latter case, the sizes and geometries of these 
nanostructures can be tuned for a given chemical composition 
just by selecting the block sizes.  
 
The dielectric relaxation of well-segregated bock-copolymers is 
in principle originated by the dipole reorientation in the two 
phases, each of them with characteristics specific of the block 
components. This is in fact what is found in good 
approximation when the typical size of the segregated phases is 
large enough (c.a. lager than some tens nm) [46-51]. A clear 
example where this view has been found to be valid in a good 
approximation is shown in Figure 7 where the poly(isoprene), 
PI, segmental relaxation time determined from the dielectric 
loss peak frequency in block copolymers of PI and polystyrene, 
PS, is shown as a function of the PI block molecular mass, and 
compared with that determined for pure PI.  
 

  
FIGURE 7. Segmental relaxation times of PI in diblock 
copolymers with polystyrene. The squares represent the results 
on well-segregated phases and the filled symbols those of PI 
homopolymers. Reprinted with permission from ref [46]  
 
In Figure 7 it is clearly observed that for high enough molecular 
mass (i.e. large enough PI segregated phase) the dielectric loss 
peak frequency detected in the copolymer is nearly the same 
than that of the pure polymer. However, even in this case, the 
figure shows that the relaxation times of the fast component in 
the copolymers is slightly larger than those of the pure polymer 
suggesting some remaining effect that survive even for the 
largest sizes. Figure 8 shows that the dielectric relaxation of the 
more rigid component of block copolymers is also slightly  

temperatures the spectra seems to show a bimodal character
with a relatively fast component that could be originated in the
local mobility in VA segments typical of the beta relaxation of
PVAc.29 Thus, by considering the relaxation spectra of EVA9
only above 250 K, it is clear that they appear as peaks skewed
toward the low frequency part. This trend is opposite not only
to the typical segmental relaxation loss of amorphous polymers
but also to the rather symmetric shape commonly found in
crystallized homopolymers. The inverted asymmetry of the loss
peak from EVA 9 does not allow using the HN function, and
consequently, instead of using a normal HN function, the loss
peaks at these temperatures were conveniently fitted using an
inverted HN function,40 using the equation

ε ω ε ωτ″ = Δ −
+ α γ

⎡
⎣⎢

⎤
⎦⎥i

( ) Im 1
[1 (1/ ) ]c

c
c c (7)

Here again we found that γc can be written in terms of αc using
relation 4, resulting in a good fitting (see Figure 6). The
subscript c in eq 7 stands for the fact that EVA9 is assumed to
be completely constrained. It is noteworthy that eq 7 can be
written in terms of a superposition of Debye functions using a
logarithmic distribution function,41 and therefore it obeys the
Kramers−Kronig relation. Furthermore, the unusual shape of
this component suggests that as far the crystallized phase is
approached, the contribution of VA segments dramatically
decreases, because of either the reduction in dipole
reorientation ability or the decreasing VA local concentration.
The time corresponding to the maximum relaxation loss of

the constrained component was calculated using the equation
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The power in eq 8 is inverted due to the inverted frequency in
the HN function used in eq 7. The maximum relaxation times
so obtained are plotted in Figure 7.

The temperature dependence of maximum relaxation times
from the EVA9 data can be well described using the VFT
equation by maintaining again τ0 =1 × 10−12 s and D the same
as for fully amorphous EVA samples (see Figure 7). From the
resulting VFT fitting line we have calculated TgDc, i.e., the
dielectric glass transition corresponding to the constrained VA
mobility, which in this case compares rather well with the
calorimetric Tg (see Figure 5) evidencing that in this copolymer
the dynamics of the VA segments is well coupled with the
(majority) remaining amorphous ethylene units.

■ DISCUSSION
The SP-EFM images shown in Figure 2 present rather uniform
dielectric properties for EVA70, as expected for a single-phase
copolymer (it cannot crystallize). However, for EVA40 and
EVA25 the dielectric images evidence clear contrast indicative
of the coexistence of phases with distinct dielectric properties.
When decreasing the VA content the dielectric images again
become more uniform, which suggests that a single phase
dominates the dielectric properties in the samples with low VA
content. When these results are analyzed in combination with
those obtained from DSC, the following picture emerges. At
room temperature the crystallization process of EVA18 is well
developed and relatively high; therefore, the dielectric image
would reflect the fact that there is a relatively low concentration
of VA dipolar segments with a quite restricted mobility. On the
other case, EVA70 is fully amorphous having a high
concentration of VA units with no constraints. In EVA40 and
EVA25 the situation seems to be somehow in between; the
crystallization process is not completed, and regions with no
constraints coexist with regions where crystallinity has been
developed and VA segments mobility is restricted. Thus, a
reasonable assumption is to consider that the BDS data
obtained on EVA70, and also on EVA33, EVA40, and EVA50
before entering in the crystallization range, would be
representative of the nonconstrained VA segmental dynamics,

Figure 6. Dielectric relaxation spectra of EVA9 copolymer are shown
at different temperatures. Solid lines are fits corresponding to an
inverted HN function (see text).

Figure 7. Calculated values of the maximum relaxation times for the
constrained components are plotted as a function of temperature.
Filled symbols were obtained for EVA9 and correspond to a well-
crystallized sample, whereas empty symbols are the result of a two-
component fitting (see text). Circles represent EVA50, squares for
EVA40, and triangles for EVA33. Dashed lines are obtained assuming a
linear dependence of T0 on VA content as depicted in the inset.
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Table I11 
Havriliak-Negami (Equation 7) Fit Parametere for the 

Normal and Segmental Modes* 

1 ,  

7 2 L 5 
1000/T l l / K 1  

Figure 6. Arrhenius plot of the relaxation times 7n and 78 
respectively for the normal-mode and segmental-mode processes 
in the three PI-b-PS copolymers withfp] = 0.37 (A), 0.46 (O) ,  and 
0.61 (0). The solid line denotes the 7s for the bulk PI homopoly- 
mer having a molecular weight of M, = 5100.12 

Table I1 
VFTH Parameters As Determined from Equation 9 for the 

Normal and Segmental Modes 
sample -log I 7 0  (S)] B (K) T- (K) 

Normal Mode 
SI-4 10.4 537 258 
SI-5 9.5 556 234 
SI-6 8.9 610 200 
PI 5.9 536 166 

Segmental Mode 
SI-4 12.5 634 208 
SI-5 12.8 638 194 
SI-6 12.6 583 185 
PI 12.3 456 170 

ature dependence of 7*: 

T~ = 70 expEBI(T- T,)1 (9) 
where TO is the relaxation time at infinitely high temper- 
ature, B an activation parameter, and T ,  the ideal glass 
temperature (Table 11). 

To analyze the composition dependence of the segmental 
relaxation times 7* (Figure 6), we calculated the WLF 
coefficient CZ, which should be constant if T ,  scales with 
Tg of the copolymer. From the parameters T ,  = Tg - CZ 
(Table 11) and Tg (Table I), the WLF coefficient CZ is 
calculated to vary systematically from 70 to 100 K for 
PI-b-PI with f p ~  = 0.61 and 0.37, respectively; for bulk PI, 
CZ = 40 K. This variation of CZ with f p ~  is due to the 
stronger composition dependence of the DSC-determined 
T, compared to T,. The situation is also illustrated in a 
plot where Tm, (at which e”(w,T) due to the segmental 
mode in PI-b-PI exhibits amaximum at 10 Hz) is compared 
to Tg (Figure 1). In spite of the fact that the determi- 
nation of Tg from the broad DSC curves of the copolymer 
is subject to a rather large error, T,, and the calculated 
T,*cfp~) = T-cfpI) + Cz(P1) for the PI-rich environment 
exhibit a weaker composition dependence than the Tg in 
the bulk copolymer. Moreover, the values of Tmax and 
Tg* lie near the lowest edge of the breadth AT,. 

Further evidence for the influence of slow composition 
fluctuations on the segmental dynamics arises from DRS 
measurements6 on the block copolymer SI-6. While the 
dielectric measurements are probing segmental motion in 
the PI-rich region, DRS measures the segmental relaxation 
in the PS-rich environment. For the sample SI-6 the two 
segmental relaxations are (at 10 Hz) 54 K apart. It is 
noteworthy that the segmental relaxation of the PS-rich 
region is located at the upper limit of the glass transition 

BKWW THN CY Y T(K) ACHN 
~~ 

Normal Mode 
348 0.083 1.7 X 0.86 0.33 0.37 
338 0.092 3.7 X 0.82 0.33 0.35 
328 0.10 9.8 X 0.80 0.31 0.32 
318 0.10 2.4 X 0.70 0.37 0.31 
308 0.11 7.0 X loy4 0.60 0.44 0.34 
298 0.12 2.5 X 0.56 0.44 0.32 

Segmental Mode 
263 0.10 2.3 x 10” 0.42 0.38 0.25 
253 0.061 8.2 X 0.57 0.38 0.29 
243 0.081 3.6 X 0.48 0.38 0.25 
Sample: SI-6. @KWW is the “stretched” exponential according to 

Kohlrausch, Williams, and Watta.18 
- 2  9 
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Figure 7. Segmental relaxation times for the PI block vs mo- 
lecular weight MPI of the PI sub(chain) in homogeneom (0) and 
heterogeneous ( 0 ) 1 3  PI-b-PS block copolymers. The filled 
symbols denote 7, in bulk PI homop01ymers.l~ 

region (square symbol in Figure 1). The observation of 
two distinct primary relaxation processes for the homo- 
geneous PI-b-PS samples supports the fluctuation picture3 
of block copolymers for temperatures above MST. Since 
the composition correlation length t ,  which is at least on 
the order of the size (-20 A) of the copolymer chain, 
usually exceeds the cooperative length - Vg1I3 associated 
with the glass t r a n s i t i ~ n , ~ ~ ~ ~ ~  the splitting into two distinct 
segmental processes can be rationalized. 

From the fits in the frequency domain the distribution 
parameters CY and y can be determined (Table III). The 
parameter a describing the symmetric broadening of the 
distribution of relaxation times is much smaller than in 
the case of the PI  homopolymer; for a sample with M, = 
17 200, a = 0.62, y = 0.66, and BKWW = 0.39 at T = 254 
K.lZ Hence, the distribution of relaxation times is strongly 
broadened in the block copolymers. In view of the 
composition fluctuations this result is not unexpected.21 

Recently, segmental relaxation times of PI block in mi- 
crophase-separated PI-b-PS block copolymers and the cor- 
responding PI precursors were measured by DS.13 Figure 
7 depicts the variation of rB with the molecular weight MPI 
of the PI block or homopolymer. For comparison the 
present rs values for the homogeneous PI-b-PS samples 
are also shown in Figure 7. As expected, the local relaxation 
times 7s for the microphase-separated PI-b-PS samples 
are insensitive to MPI variation, similar to that in PI ho- 
mopolymers; in the segregated state the PI segmente are 
assumed to behave in a manner similar to that of the ho- 
mopolymer. In contrast, the present non-microphase- 
separated (xN < (xN),) copolymers display a different 
behavior; the increase in is for MPI below 4 X 103 indicates 
the crossover to the homogeneous regime. The slowing 
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FIGURE 8. Dielectric losses as a function of temperature 
determined on two phase segregated PS-PI-PS triblock 
copolymers, in comparison with those corresponding to the 
homopolymers. Reprinted with permission from ref [48] 
 
shifted, in this case is faster than that of the corresponding 
homopolymer.  
 
A more recent investigation on the dielectric relaxation in block 
copolymers of PDMS and PI with varying PDMS block lengths 
[50] also evidences that for the largest PDMS diblock the 
dielectric loss peak occurs at similar but slightly lower 
frequencies than those of pure PDMS having a similar 
molecular weight (see Figure 9). Similar results have been 
reported for the faster component in other block copolymers as, 
PDMS-PI [50], PDMS-PS [51], poly(methyl phenyl siloxane)-
PS, PMPS-PS, [53], for instance. In this very early work, [53] it 
was already clear (see Figure 10) that the loss peak frequency 
of the resolved contribution from PMPS is substantially 
reduced respect to that of the homopolymer. 
 
All the discussed results refer to situations in which the 
temperature range investigated is such that the contribution to 
the dielectric relaxation of the slower block component is 
negligible, since the corresponding segregated phase is in a 
frozen glassy state. There are fewer examples where the 
dielectric relaxation of the block copolymer is investigated in 
the temperature range were the slower block component 
dominates the measured dielectric relaxation. In agreement with 
what was shown in Figure 8, the results in these cases also 
evidence a minor shift of the loss peak frequency, now towards 
higher frequencies, as exemplified in Figure 11 for PDMS-PI 
block copolymers with different block sizes. In this figure the 
effect on the loss peak position reflecting the segmental PI 
dynamics (around 105 Hz) is clear and the effect is more 
pronounced as the size of the blocks decreases (and 
consequently also the size of the segregated phases). The 
investigation of the effect at lower temperatures is precluded in 
these copolymers by the interference of PDMS crystallization. 
However, PDMS crystallization resulted inhibited in smaller 
symmetric PDMS-PI diblock copolymers and in these 
copolymers the dielectric relaxation associated with the 
segmental PI dynamics can be better investigated over the 
whole range. As can be seen in Figure 12, the effect on the peak 
frequency is very clear since in this case the peak frequency is 
shifted by more than one decade. Here it is also evident that the 
relaxation peak reflecting the PI segmental dynamics depicted a 
pronounced high frequency tail, which, however, is at least in  

 

 
FIGURE 9. PDMS-weighted dielectric losses of various 
diblock copolymers PDMS-PI with fix size (4 kDa) of the PI 
block and varying size of the PDMS block 3.5 (circles), 4 
(triangles), 23 (squares), and 32 (diamonds) kDa. For 
comparison de data of a pure PDMS of 3.5 (x) and 21 (+) kDa 
are included. Lines represent vertically-scaled dielectric 
relaxation curves of cold-crystallized PDMS at the same 
temperatures. Reprinted with permission from ref [50] 
 
part originated by the contributions of PDMS extending 
towards frequencies much lower than the loss peak maximum 
of the PDMS component. These relatively slow PDMS 
contributions are responsible for the increasing losses of the 
copolymers detected in Figure 12 at high frequencies for the 
low temperature data from the copolymers.  
 
Despite the relative large number of diblock copolymers 
investigated so far, analyzing the details of the dielectric 
relaxation components in these systems is often complicated. 
Such an analysis requires situations (temperature region, 
composition, ...) where: 
i) the signal coming from the two blocks do not overlap much 
(dynamic asymmetry and/or much different intensities of the 
contributions to the measured dielectric relaxation) 
ii) negligible conductivity in any of the segregated phases, since 
the combined effect of ionic conductivity and the presence of 
interfaces separating the two phases give rise to very prominent 
interfacial polarization phenomena that hamper resolving the 
dielectric relaxation related with he segmental polymer 
dynamics. 
iii) structural stability of the segregated phases to allow the 
comparison of the results obtained at different 
temperatures/compositions. 
These requirements are fulfilled to some extent by PDMS based 
diblock copolymers. PDMS is a very flexible polymer that as 
shown above presents a prominent dielectric relaxation 
associated with the segmental dynamics but nearly undetectable 
dielectric relaxation below Tg (~150 K) and in most of the cases 
extremely low conductivity below room temperature. 
 
Although PDMS tends to crystallize below 230 K, 
crystallization can be easily avoided by fast cooling which 
allowed investigating the fully amorphous phase of the  

data, it is evident that a tail extended towards the low-
frequency region emerges and ends in a rather flat, almost
frequency-independent plateau. In addition, the position of the
loss peak is slightly shifted towards lower frequencies, al-
though the shape of the peak at higher frequencies seems to
be unaltered. This situation changes for the symmetric copol-
ymers. The loss peak frequencymarkedly shifts towards lower
values by about one decade. In addition, the tail extended to
low frequencies becomes much more pronounced and the
lowest frequency loss level is much higher.

The changes observed in peak position are congruent with
the presence of a frozen phase, to which the PDMS blocks are
attached, which inevitably slows down the molecular mobility
of the segments close to the anchoring point. However, the
change of the peak frequency is about the same (within
uncertainties) for the two asymmetric copolymers, which still
remain distinguishable from that of the corresponding homo-
polymer. As the length of the PDMS block is reduced, the
influence of anchoring is higher, as it involves a higher frac-
tion of PDMS segments. This effect is evidenced by the more
pronounced tail and much higher loss level at low frequencies.
In fact, it has been proposed [28, 29] that the anchored
segments in the interface are at the origin of the losses detected
at the lowest frequencies. A result supporting this idea is the
similarity between the low-frequency tails in the copolymers
as compared to that of cold-crystallized PDMS in a lamellar-
like nanostructure with alternating amorphous and crystalline
regions [30]. The dielectric losses of cold-crystallized
PDMS21 are represented by dashed lines in Fig. 4. It is clear
that in all copolymers of Fig. 4, the behavior observed at the
lowest frequencies resembles that corresponding to cold-

crystallized PDMS. In such a highly crystalline sample (de-
gree of crystallinity close to 40 %), most of the remaining
mobile PDMS segments would be very much influenced by
the nearby anchors to the PDMS crystallites.

In all the copolymers investigated here, the overall PDMS
segmental dynamics is slower than that in pure PDMS. How-
ever, it has been found that when the segregated PDMS phase
is fully surrounded by a frozen PS matrix [29], the dielectric
α-relaxation in the segregated PDMS phase appears at higher
frequencies than that in the homopolymer. This effect was
attributed to the packing restrictions associated to the differ-
ence in the thermal expansion between the segregated phase
and the surrounding frozen matrix. This result was accompa-
nied by the inability of the PDMS phase to crystallize. In our
PI-PDMS copolymers, these packing restrictions do not exist
since the PDMS phase is not entirely surrounded by a frozen
PI matrix, although we observed the inability of the PDMS
phase to crystallize in the lamella phases. In this case, it is
likely that the monomeric PDMS diffusion is reduced due to
the overall dramatic slowing down of the segmental PDMS
dynamics.

Figure 5 shows the peak relaxation times characterizing the
PDMS segmental dynamics in an Arrhenius representation
where the temperature axis is scaled by the glass transition
temperature determined by DSC for PDMS homopolymers of
similar molecular weights. After scaling, the data of the two
PDMS homopolymers superimpose each other and the re-
maining differences with the copolymers have to be undoubt-
edly attributed to the effects of the nanostructure. Here, the
deceleration of the PDMS segmental dynamics in all the PI-
PDMS copolymers is evident. This effect is small for the
asymmetric copolymers but it is very dramatic for the
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Fig. 4 Dielectric relaxation showing the PDMS segmental dynamics for
the samples investigated: PDMS3.5 (multiplication sign), PDMS21 (plus
sign), PI4-PDMS4 (triangles), PI4-PDMS3.5 (circles), PI4-PDMS23
(squares), and PI4-PDMS32 (diamonds). The long-dashed lines corre-
spond to the dielectric relaxation of cold-crystallized PDMS21. Short-
dashed lines are the vertically shifted data of cold-crystallized PDMS21
overlapping the copolymer data at the lowest frequency range
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Fig. 5 Temperature dependence of the PDMS segmental dynamics for
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FIGURE 10. Dielectric losses of PS-PMPS block polymer at 
low temperatures showing the contribution from the PMPS 
block. (a) Comparison with those of PMPS component. (b) 
Variation with temperature making evident, at high 
temperatures, a plateau-like contribution at low frequencies. 
Reprinted with permission from ref [53] 
 
segregated PDMS at least below 160K, where the dielectric 
relaxation peak occurs at about 105 Hz (see Figure 1 above). 
Furthermore, for short PDMS blocks, the crystallization of the 
segregated PDMS phase can be inhibited for symmetric PDMS-
PI copolymers, as commented above. The detailed analysis of 
the dielectric relaxation associated with the segmental 
dynamics of PDMS in the investigated diblocks [50,51,54] 
evidence that there are remarkable differences with respect the 
linear PDMS polymer, in addition of the loss peak shift, mainly 
in the lower frequency range. Particularly, a plateau-like loss 
appears, which is more relevant the shorter the PDMS block is, 
as illustrated in Figure 9. The presence of a plateau-like 
behavior in the dielectric losses at frequencies much lower than 
the peak one was not discussed in the early work [53] although 
data showed clear evidences of it (see frame b in Figure 10).  
 
 

  
FIGURE 11 PI-weighted dielectric losses of various diblock 
copolymers PDMS-PI (empty symbols) with approximately fix 
ratio between PI and PDMS block sizes (PI4-PDMS23, PI6-
PDMS31, and PI9-PDMS50) in comparison with the respective 
PI homopolymers (filled symbols). The faster relaxation 
component is that related with the α-relaxation whereas de 
slower one corresponds to the normal mode relaxation, which is 
not discussed here. Reprinted with permission from ref [49] 
 
Interestingly, the low frequency part of the dielectric losses in 
the PDMS diblock copolymers can be well compared to that 
measured in the semicrystalline PDMS at the same temperature. 
On the basis of these results, it has been proposed [51,54] that 
such low frequency part of the losses reflects the contributions 
of the PDMS segments affected by the anchorage of the PDMS 
blocks to the rigid phase rich in the other component, 
mimicking in some manner the dynamics of the segments 
attached to the crystals. This situation would arise because 
PDMS is one of the polymers with lower Tg and therefore in the 
range where the dielectric relaxation is accessible the other 
component is in the glassy state. In Figure 9 it is shown how the 
measured response on crystallized PDMS matches, after 
properly scaled in the vertical direction, very well the low 
frequency part of the measured dielectric losses of PDMS-PI 
block copolymers (see also figure 6 in ref [51]). Since the 
segregation geometry of these block copolymers changes (PI is 
segregated in lamellas, cylinders and spheres when increasing 
the size of the PDMS blocks) this would be a general behavior 
reflecting the segmental dynamics of the fully amorphous faster 
component of diblock copolymers close to its glass transition 
temperature.  
 
In addition to above discussed effect, the dielectric relaxation of 
PDMS in block copolymers is also broader at frequencies lower 
than the peak one. A similar behavior is also evident for the PI-
PS copolymers (see Figure 4 in ref [52]), although the 
contribution to the dielectric loss of the PI normal mode 
relaxation (related with the fluctuation of the end to end vector 
of the PI block) precludes an unambiguous assignment of the 
measured signal in this system. The broadening of the loss peak 
in the diblock copolymers respect to that of the reference linear 
polymer has been interpreted as originated by a gradient of 
segmental mobility, that at least in part would reflect the 
distinct dynamics close and far from the interfaces. However, 
molecular dynamic simulations using bead and spring models 
[50,51] showed that fast and slow moving segments coexist 
close to the interfaces. This again resembles the situation 
described above for the dynamics of the amorphous phase in 
crystallized polymers where a significant high frequency tail 
contribution is observed. Therefore, the contribution of the fast  

ε!!, is given for each block copolymer and the corresponding
precursor PI homopolymer at 243 K. Note that ε!! has been
normalized to the actual volume fraction of PI, fPI.
As seen, the spectra of the homopolymer display the typical

feature of a well-defined peak at low frequencies manifesting
the relaxation of the end-to-end vector (normal mode) and then
at higher frequencies a broader relaxation characteristic of the
more local structural R-relaxation. It is also worth remarking
that the normal mode displays a strong shift toward lower
frequencies with increasing molecular weight,M, reflecting the
end-to-end vector relaxation which strongly depends on M as
predicted by global Rouse/reptation like dynamics.13 On the
other hand, the R-relaxation does not change with molecular
weight reflecting the fact that this process is sensitive only to
the local scale.
Now comparing with the corresponding response from the

block copolymer, we see that a general feature is a speed-up
and a strong broadening of, surprisingly, both the normal mode
process and the local segmental R-relaxation. This feature
prevails at all temperatures investigated. It is natural to consider
that such effects can be provoked by fluctuations of the interface
between the nanosegregated PI and PDMS rich phases. This
would lead to some degree of intermixing of the polymer
segments of different kinds and consequently a modified
effective heterogeneous local environment. Another possible
effect that in principle could influence the dynamics is geo-
metrical confinement (finite size effects). However, taking into
account the relatively large size of the systems investigated
(10-30 nm in diameter) as well as the results reported in recent
literature (see, e.g., ref 14), we do not expect confinement effects
to play an important role in the segmental dynamics of PI.
The effect of intermixing in immiscible polymer systems

is in fact predicted from the theory of Helfand and Tagami
(H-T) by the following density distribution function along the

interface of a planar A/B polymer interface,22 which we for a
curved geometry write as

where r is the distance from the center, Rc is the mean radius
of the sphere/cylinder, and σ is the half-width of the interface
related to the interaction parameter, ", which in the H-T theory
takes the form

where bPI ) 6.4 Å and bPDMS ) 5.6 Å are the respective Kuhn
lengths and " ) 0.175 in this case.25 Inserting these values, we
arrive at σHT ≈ 11 Å, which indeed is on the order of length
scales of which the R-relaxation should be affected and also
implies that a significant portion of PI experiences some con-
tact with PDMS segments. It should be noted that a later
extension of this theory corrects for finite size effects and
for the connectivity of the blocks and predicts23 w ) wHT(1 +
1.34/("N)), which gives corrected values between 13 and 12 Å
from the lowest to highest molecular weight, respectively. In
addition, classical capillary wave fluctuation theory would
predict an additional broadening of the interface caused by
random stochastic fluctuations. The mean-square amplitude of
such a fluctuation can be calculated according to σCW2 ≈
kBT/(4πγ) ln[lmax2/lmin2], where γ is the interfacial tension and
lmin ) σHT and lmax ) Rc are the cutoff length scales.24 Inserting
the values of γ for the PI /PDMS two-phase homopolymer (γ
) 3.4 mN/m)25 system, we obtain values in the range of 5-7
Å. However, by using the values of the PI/PDMS system mixed
with a PI-PDMS diblock copolymer with similar molecular
weight (γ ) 0.5 mN/m),25 we obtain significantly larger
values: 14-18 Å.
With these ideas in mind, we seek a quantitative model of

the R-relaxation which will be an important ingredient to
understand the characteristic of the more global dynamics,
including the normal mode process. This will be subject of a
future investigation.
Following the recent discussions of the dynamics of miscible

polymer blends,5 we can employ the ideas of self-concen-
tration8-10 and compositional concentration fluctuation effects.12
The former concept states that since the R-relaxation is sensitive
only to the local scale of some few nanometers, the effective
concentration around the segment of one component is always
greater than the bulk average value because of chain connectiv-
ity. In this case it is natural to consider the self-concentration
modulated by interfacial fluctuations dictated by the mesoscopic
density profile, φ(r), and the morphology of the system, giving
a total local effective concentration:

Table 1. Characteristic Synthetical, Structural, and Dielectrical Properties of the Investigated Polymers

Mn
PI a/g/mol Mn

PDMS a/g/mol fPIb Nh c phased Rc/Å σ ∆εHPe ∆εDBe

PI4-PDMS23 4330 23 400 0.16 382 hexcyl 50 23 ( 4 0.188 ( 0.05 0.230 ( 0.05
PI6-PDMS31 6510 31 400 0.18 523 fcc/bcc 100 22 ( 5 0.196 ( 0.04 0.204 ( 0.05
PI9-PDMS50 9410 49 500 0.17 811 bcc 125 16 ( 3 0.194 ( 0.05 0.220 ( 0.06
a The polydispersity is about 1.02-1.04 and is given in detail in the Supporting Information. b Volume fraction based on the densities dPI ) 0.91 g/cm3

and dPDMS) 0.97 g/cm3. c Total mean number of monomer units based on the average segmental volume, Vj ) 75.6 cm3/mol. d Denotes the type of morphology:
hexcyl ) hexagonally ordered cylinders, fcc ) spherically ordered face-centered cubic structure, and bcc ) body-centered cubic structures. e Total dielectric
strength of the homopolymer (HP) and diblock copolymer (DB) as determined from the fits.

Figure 1. Dielectric loss permittivity as a function of frequency of
the three diblock copolymer systems (open symbols) and the corre-
sponding homopolymer references (filled symbols) at 243.15 K. Note
that the data have been normalized to the volume fraction of PI (fPI)
and shifted by a constant factor: 1 (squares, PI4/PI4-PDMS23); 10
(circles, PI6/PI6-PDMS31); 100 (stars, PI9/PI9-PDMS50). The solid
lines display fits to the models described in the text.

φ(r) ) 1/2[1 + tanh((Rc - r)/σ)] (1)

σHT ) 2"bPI
2 + bPDMS

2

12" (2)

φeff(r) ) φself + (1 - φself)φ(r) (3)

512 Communications to the Editor Macromolecules, Vol. 41, No. 3, 2008

Page 8 of 17Soft Matter

S
of

tM
at

te
r

A
cc

ep
te

d
M

an
us

cr
ip

t



Journal	  Name	   	  ARTICLE	  

This	  journal	  is	  ©	  The	  Royal	  Society	  of	  Chemistry	  20xx	   J.	  Name.,	  2013,	  00,	  1-‐3	  |	  9	  

Please	  do	  not	  adjust	  margins	  

Please	  do	  not	  adjust	  margins	  

 

  
FIGURE 12 PI-weighted dielectric losses at 213 K showing the 
α-relaxation of the PI component in two nearly symmetric 
diblock copolymers PDMS-PI: PI4-PDMS4 (filled diamonds) 
and PI4-PDMS3.5 (empty diamonds). Crosses correspond to 
PI4-PDMS4 measured a various temperatures (5K steps). Data 
for PI4 polymer (empty circles) at 213 and 218 K are also 
shown for comparison. Reprinted with permission from [50] 
 
moving segments close to the interface is likely already 
captured in the semicrystalline-like component used to account 
for the low frequency plateau. Thus, the failure of these 
simulations in detecting a continuous gradient in mobility as we 
move farer from the interface could be related with the 
combination of the relatively high temperatures explored and 
the moderate dynamic asymmetric of the simulated systems. 
Putting in numbers, on the assumption of a three phase model 
for the dielectric relaxation of PDMS in PDMS-PS diblock 
copolymers segregated in lamella phases about 10 nm thick, it 
was found that about 15% of the segments are strongly affected 
by the interface, and about 60% would behave as the 
amorphous linear PDMS (most likely located in the central part 
of the lamella), the rest (about 25%) likely located in a gradient 
of mobility region.  
 
The behavior described above is also found in grafted polymers 
where the anchorage to a solid surface would slow-down, 
would limit the segmental reorientation and simultaneously 
would difficult the efficient packing close to the interface. 
[22,58] These similarities support the high relevance of 
anchorage in the dielectric relaxation related with the segmental 
dynamics of the most flexible copolymer block. 
 
Despite that the above description seems to be valid for most of 
the diblock copolymers there are situations where new 
phenomena can arise, in particular when a 'closed' segregated 
phase has a size approaching the nanometer scale. Although 
such a situation has been scarcely explored, the results obtained 
on very asymmetric PS-PDMS diblock copolymers with small 
PDMS blocks evidence these effects [54]. Figure 13 shows the 
dielectric relaxation of three PDMS-PS diblock copolymers 
with different segregated geometries and sizes. In the lower 

panel the previously reported behavior is observed (low 
frequency plateau and loss peak broadening at frequencies 
above the maximum which is slightly shifted towards lower 
frequencies when compared with the reference linear PDMS). 
However, for the other two diblock-copolymers the situation is 
different since the loss peak frequency is shifted to higher 
frequencies and the broadening of the loss curve is also 
pronounced at higher frequencies.  
 
These results have been interpreted as originated by the 
defective packing of the PDMS segments in the segregated 
'closed' phases. The structural differences were evidenced by 
complementary experiments by means of Fourier-transform 
infrared absorption and X-ray diffraction [54]. The ultimate 
reason for this defective packing would be the miss-match 
between the thermal expansion of the glassy PS matrix and that  
 

 
FIGURE 13. Dielectric losses of PDMS α-relaxation in PDMS-
PS diblock copolymers with different PDMS segregation 
geometries. (a) cylindrical, (b) spherical, and (c) lamella. The 
vertical arrows correspond to the peak position of bulk PDMS 
with the same molecular weight at 150, 155 and 160 K. 
Reprinted with permission from [54]. 
 

broadening of the loss peaks in the low-frequency part and
also as a shift of the peak position. Both effects are prominent
for the lamella PDMS phases with about 5-nm-thick PDMS
lamella showing a peak relaxation time about 10 times longer
than that in PDMS homopolymer. It is also noteworthy to say
that even for the more asymmetric copolymers, where the
PDMS volume to surface ratio can be estimated to be about
18 nm, the shift of the loss peak position is still detectable.
This indicates that in addition to a thin layer of PDMS seg-
ments strongly influenced by anchoring to the rigid interface,
there is a significant gradient of mobility extended to roughly
10 nm far from the interface.

The general effect of temperature on the shape of the
PDMS α-relaxation loss peaks is to reduce the low-
frequency broadening. This, together with the fact that the
main parameter of the VFT equation affected by the nano-
structure is T0, implies that the broadening can be parameter-
ized in terms of a corresponding distribution of T0 values [28].
In this framework, all the relaxation times of a possible dis-
tribution would approach to each other as the temperature
increases, resulting in a more homogeneous segmental dy-
namics at high temperature.

Segmental dynamics of PI blocks

Figure 6 shows the dielectric losses for the symmetric diblock
copolymers at 213 K. This temperature is a few degrees above
the glass transition of PI homopolymer, and therefore, the
detected loss peaks correspond to that of the α-relaxation of
the PI phases. Consequently, the vertical axis in this figure has
been normalized to the PI volume fraction of the sample to
facilitate the comparison with the data of PI homopolymer at
similar temperatures. We should recall that in the case of the

asymmetric copolymers, the PDMS phase is semicrystalline
and the PI contribution cannot be identified at these tempera-
tures. However, for the symmetric copolymers, the main
contribution of the amorphous PDMS occurs at much higher
frequencies in this temperature range. Nevertheless, a flat
“background-like” contribution can be noted for the two co-
polymers. This is most likely associated to the relatively slow
PDMS segments directly influenced by anchoring to the PI
phase.

From Fig. 6, it is clear that the peak appears in the copol-
ymers at a frequency about one decade higher than that of the
α-relaxation peak of PI homopolymer at the same tempera-
ture. However, the peak positions match quite well if the
comparison is made with the α-relaxation peak of PI homo-
polymer at a temperature 5 K above. In addition to the shift in
peak position, the PI α-relaxation in the copolymers is mark-
edly broader than that in the homopolymer. It is noteworthy
that the broadening occurs mainly to high frequencies, as it
would be expected from the low-temperature-extended calo-
rimetric glass transition. When we compare the relaxation of
the two symmetric copolymers, it is found that the loss peak
position is more affected in the PI4-PDMS3.5 and that it
presents a more extended high-frequency tail.

At temperatures higher than the melting temperature of
PDMS (T>230 K), the PDMS phase becomes fully amor-
phous also in the asymmetric copolymers and the PDMS
dielectric losses occur only at much higher frequencies. Con-
sequently, there is not detectable contribution from PDMS in
the explored frequency range, other than the relative low
conductivity contributions observed at the lowest frequencies
(see Fig. 7). In this figure, the dielectric losses measured in all
the diblock copolymers at 243 K are shown in comparison
with that of PI homopolymer at 248 K. Again, the vertical axis
is scaled to the PI volume fraction. At this high temperature,
the PIα-relaxation peak for all the copolymers occurs at about
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It is worth mentioning that in the case of the cylindrical and
spherical PDMS copolymers the loss peaks are also rather
symmetric. In addition, and likely related with the Tg-
depression detected by DSC, the dielectric relaxation in
these two copolymers is notably faster than that in the
corresponding PDMS homopolymers (see arrows in Figure 7).
These results suggest a markedly different molecular environ-
ment of PDMS segments in the two copolymers with
cylindrical and spherical PDMS nanophase. Note that for
example in Figure 7b, contrary to the homopolymer and the
53PDMS11600 copolymer case (Figure 7c), the loss peak
corresponding to 145 K already enters in the probed frequency
window. Nevertheless, the three copolymers, irrespective of the
phase morphology, share a low-frequency tail-like contribution
in the dielectric losses indicative of the presence of a fraction of
slowly moving PDMS segments, likely influenced by the PS
rigid phase.
The main part of the dielectric losses from the copolymers

(including 53PDMS11600) was fitted according to the

empirical Havriliak−Negami (HN) equation:43

ε″ ω = Δε −
+ ω ω α γ

⎡
⎣⎢

⎤
⎦⎥i

( ) Im 1
(1 [ / ] )c (1)

In this equation, α (γ) denotes the symmetric (asymmetric)
broadening of the relaxation peak (0 < α, γ < 1); Δε is its
dielectric strength, and ωc is a characteristic frequency related
to the peak relaxation time τ by the equation

ω απ
γ + = τ γαπ
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−
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This empirical description also allows to characterize the loss
peak width by the full width at half-maximum (fwhm) that can
be approximately calculated from the shape fitting parameters
(α and γ) by means of the empirical equation44

α γ = − + α + γ + αγfwhm( , ) 0.516 1.058 0.039 0.563
(3)

For the copolymer samples 22PDMS7500 and 25PDMS4000,
depicting both rather symmetric loss peaks, the parameter γ was
fixed to 1 (Cole−Cole relaxation function) in order to reduce
the coupling among fitting parameters. Representative fitting
curves are shown as dashed lines in Figure 7. Although some
discrepancies are apparent in the tails, at this point we consider
the fitting satisfactory enough to be used for the comparison
among the different systems.
First, in Figure 8a we can see the temperature dependence of

the PDMS relaxation time as determined from the loss peak
frequency. For a detailed comparison the trivial differences
associated with changes in molecular weight of the PDMS
blocks have to be considered, so the Tg values obtained from
DSC on the corresponding homopolymers have been used for
normalization of the temperature scale. While in the lamellar
nanophase the PDMS segmental dynamics is slowed down with
respect to that in the homopolymer, in the copolymers
nanosegregated in spheres and cylinders we observe faster
motions of the PDMS segments. As already mentioned, this
behavior is completely unexpected a priori due to the presence
of the essentially frozen PS component.
The dielectric strength obtained from the fits is represented

in Figure 8b also as a function of Tg,PDMS/T, where the Δε
values have been normalized to the PDMS fraction to remove
the trivial dilution effect. For all copolymers the obtained values
are lower than those of the pure PDMS, the difference being
relatively small for the lamellar nanophase (ca. 90%). This
discrepancy can be rationalized by a more detailed analysis16 of
the low-frequency background (see below). However, for the
other two copolymers the difference is dramatic, ∼50%, and
can hardly be explained in a similar way. Moreover, for these
two samples the temperature dependence of Δε is also
markedly weaker.
Finally, in Figure 8c the width of the loss peak (fwhm) as a

function of temperature for the different samples is compared.
For the homopolymer and the copolymer with lamellar
nanophase, this parameter shows a quite similar behavior, in
the latter case being larger by less than half a decade. On the
other hand, once again the behavior of the 22PDMS7500 and
the 25PDMS4000 is clearly different, showing much larger
values of fwhm, which could be anticipated from the direct
inspection of the dielectric loss curves. Moreover, in these two
copolymers a further sudden increase of the width at the lowest

Figure 7. (a, b) Dielectric loss vs frequency for the two asymmetric
diblock copolymers studied here at different temperatures. (c)
Previously reported measurements on a symmetric diblock copoly-
mer.16 The vertical arrows show the position of the peak maximum of
the corresponding PDMS homopolymers at 150, 155 and 160 K.
Dashed lines correspond to HN fits according to eq 1. The solid lines
present the description obtained for 145, 150, 155, and 160 K with a
single distribution of the fragility parameter (see text for details).

Macromolecules Article

dx.doi.org/10.1021/ma202107m | Macromolecules 2012, 45, 491−502498
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of the segregated PDMS phases. Thus, it seems that the 
confinement geometry is very relevant for observing these 
effects since in lamella phases even for small sizes (below 6 
nm) the more conventional behavior is observed while for 
spherical segregation of about 20 nm diameter the effect is very 
evident (panel b in Figure 13). 
 
Most of the characteristics discussed above are related to the 
presence of a rigid interface and therefore are relevant for the 
segmental dynamics of the more flexible block component. The 
characteristics of the dielectric relaxation associated to the 
slower component are in fact different. We already showed in 
Figure 12 that the peak of the loss curve is in this case shifted 
towards higher frequencies, being the shift smaller as the size 
of the segregated phase increases. However, it persists for 
relatively large sizes. In addition the results evidence a 
significant broadening of the loss curve. When comparing 
different confining geometries for the segregated phase of PI 
block of the same molecular weight, the data look quite similar 
(see Figure 14). Unfortunately the comparison is only possible 
at a relatively high temperature, where PDMS crystallization 
did not occurred, and therefore the details of the high frequency 
side behavior are not visible here. In addition, the normal mode 
contribution of PI is readily affected by the segregated phase 
geometry precluding the detailed comparison of the low 
frequency part of the loss curve associated to the PI segmental 
dynamics. Overall, the behavior of the different copolymers is 
similar and the low frequency part of the loss curve is not very 
different form that measured in the reference linear PI. 
 
For symmetric PI-PDMS diblock copolymers, where the whole 
relevant temperature range can be explored due to the inhibition 
of PDMS crystallization, a broadening of the loss curve at 
frequencies higher than that of the peak is very apparent (see 
Figure 12). This would manifest the speed up of the segmental 
mobility of PI (at least close to the interface) induced by the 
extremely mobile PDMS segments. There would be two major 
reasons for this, both dictated by thermodynamics. On the one 
hand, for relatively short blocks there will be a significant 
number of PI segments in the area of the interface where there 
exist a composition profile which depends on the Kuhn lengths 
of the block components and the Flory-Huggins interaction 
parameter. On the other hand, there would be random stochastic 
fluctuations producing an additional broadening of the 
interface. Thus, one would have a region in the interface where 
there is a partial mixture of segments of the two components 
explaining the higher frequency contribution to the dielectric 
relaxation associated with the segmental dynamics of the 
slower component. Rather simple quantitative approaches 
based on these ideas have been proposed [48,49] accounting for 
the experimental results. However, although reasonable values 
were inferred for the interfacial widths the approach is likely 
too crude to be used for obtaining quantitative information. 
 
Summarizing, the dielectric relaxation in segregated diblock 
copolymers show the influence of the interface in the segmental 
dynamics of each block component with a small effect for large 
segregated phases. Nevertheless, the dielectric relaxation from 
the faster component always present a plateau-like losses at 
frequencies a few decades lower than that of the loss peak 
maximum, which is originated by the anchorage of the flexible 
chain blocks to the frozen segregated phases of the other 
component. Moreover, in addition of a gradient of mobility in 
the regions close to the interface, the dielectric relaxation also 
evidences dramatic effects on the segmental dynamics for small 
closed segregated phases, in particular, for the segregated fast  

 

  
FIGURE 14. Dielectric relaxation at 243 K showing the PI 
contributions in segregated PI-PDMS diblock copolymers with 
different segregation geometries, (filled squares and filled 
circles lamella, empty squares cylinders, and empty circles 
spheres). The dashed line corresponds to the dielectric 
relaxation of a PI of the same molecular weight (4 kDa) at 
248K. Reprinted with permission from [50] 
 
component. This effect is directly related to structural features 
most likely originated in the packing frustration induced by the 
miss matching between the thermal expansion coefficients of 
both phases. As a final remark, it should be taking into account 
that there are effects other than those here reviewed as for 
instance those related with the different chain stretching 
dictated by the degree of segregation [45]. 

Dielectric	  relaxation	  of	  asymmetric	  miscible	  
polymer	  blends	  	  
 
Polymer blends refer to mixtures of polymer chains of at least 
two distinct compositions and represent a type of materials 
which properties can be tailored by selecting the polymer 
components and concentrations. A subfamily of polymer blends 
is that of the miscible mixtures. In these mixtures there is an 
intimate contact between the monomeric units of the two 
components and the material properties are in general in-
between those of the pure components. For example, the glass 
transition temperature of a miscible blend, as determined by the 
middle point of the change in heat capacity for instance, is 
expected to be that calculated with the Flory-Fox equation [59]. 
However, when considering the segmental dynamics, i.e. that 
probed by the dielectric α−relaxation, the chain connectivity of 
polymers is of relevance. The reason is that for the typical 
length scale involved in the segmental dynamics (a few 
nanometers) [60] a given component segment of a miscible 
polymer blend is surrounded in average by more segments of 
the same type than those deduced from the mean blend 
composition, i.e. the segments experience an effective 
concentration different from the macroscopic one [61]. This 
fact led to the concept of self-concentration [62] that takes into 
account the volume around a given segment that is occupied by 
segments of the same chain. This effect is especially important 
in the case of asymmetric compositions where the polymer of 
consideration is the minority, since the dynamics of the 

broadening of the loss peaks in the low-frequency part and
also as a shift of the peak position. Both effects are prominent
for the lamella PDMS phases with about 5-nm-thick PDMS
lamella showing a peak relaxation time about 10 times longer
than that in PDMS homopolymer. It is also noteworthy to say
that even for the more asymmetric copolymers, where the
PDMS volume to surface ratio can be estimated to be about
18 nm, the shift of the loss peak position is still detectable.
This indicates that in addition to a thin layer of PDMS seg-
ments strongly influenced by anchoring to the rigid interface,
there is a significant gradient of mobility extended to roughly
10 nm far from the interface.

The general effect of temperature on the shape of the
PDMS α-relaxation loss peaks is to reduce the low-
frequency broadening. This, together with the fact that the
main parameter of the VFT equation affected by the nano-
structure is T0, implies that the broadening can be parameter-
ized in terms of a corresponding distribution of T0 values [28].
In this framework, all the relaxation times of a possible dis-
tribution would approach to each other as the temperature
increases, resulting in a more homogeneous segmental dy-
namics at high temperature.

Segmental dynamics of PI blocks

Figure 6 shows the dielectric losses for the symmetric diblock
copolymers at 213 K. This temperature is a few degrees above
the glass transition of PI homopolymer, and therefore, the
detected loss peaks correspond to that of the α-relaxation of
the PI phases. Consequently, the vertical axis in this figure has
been normalized to the PI volume fraction of the sample to
facilitate the comparison with the data of PI homopolymer at
similar temperatures. We should recall that in the case of the

asymmetric copolymers, the PDMS phase is semicrystalline
and the PI contribution cannot be identified at these tempera-
tures. However, for the symmetric copolymers, the main
contribution of the amorphous PDMS occurs at much higher
frequencies in this temperature range. Nevertheless, a flat
“background-like” contribution can be noted for the two co-
polymers. This is most likely associated to the relatively slow
PDMS segments directly influenced by anchoring to the PI
phase.

From Fig. 6, it is clear that the peak appears in the copol-
ymers at a frequency about one decade higher than that of the
α-relaxation peak of PI homopolymer at the same tempera-
ture. However, the peak positions match quite well if the
comparison is made with the α-relaxation peak of PI homo-
polymer at a temperature 5 K above. In addition to the shift in
peak position, the PI α-relaxation in the copolymers is mark-
edly broader than that in the homopolymer. It is noteworthy
that the broadening occurs mainly to high frequencies, as it
would be expected from the low-temperature-extended calo-
rimetric glass transition. When we compare the relaxation of
the two symmetric copolymers, it is found that the loss peak
position is more affected in the PI4-PDMS3.5 and that it
presents a more extended high-frequency tail.

At temperatures higher than the melting temperature of
PDMS (T>230 K), the PDMS phase becomes fully amor-
phous also in the asymmetric copolymers and the PDMS
dielectric losses occur only at much higher frequencies. Con-
sequently, there is not detectable contribution from PDMS in
the explored frequency range, other than the relative low
conductivity contributions observed at the lowest frequencies
(see Fig. 7). In this figure, the dielectric losses measured in all
the diblock copolymers at 243 K are shown in comparison
with that of PI homopolymer at 248 K. Again, the vertical axis
is scaled to the PI volume fraction. At this high temperature,
the PIα-relaxation peak for all the copolymers occurs at about

10
-1

10
0

10
1

10
2

10
3

10
4

10
5

10
6

''
/f

P
I

Freq. (Hz)

0.01

0

0.02

Fig. 6 Dielectric relaxation at 213 K showing the segmental dynamics of
PI for the symmetric copolymers investigated: PI4-PDMS4 (filled
diamonds), PI4-PDMS3.5 (empty diamonds). Plus sign corresponds to
data collected at other temperatures (5 K step) for PI4-PDMS4. PI4 data
(circles) at 213 and 218 K are also shown for comparison. The lines are
fitting curves obtained as described in the text
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Fig. 7 Dielectric relaxation at 243 K showing the normal mode and the
segmental dynamics of PI for the samples investigated: PI4-PDMS4
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minority component in the blend is always far different from 
the dynamics of the majority component in the same blend. 
When the time scale disparity between the components is huge 
(large dynamic heterogeneity), for blends with a fast minority 
component (large compositional asymmetry) the dynamics of 
the latter can be investigated in a region where the chains of the 
slow majority component are essentially frozen. Thus, one can 
view the miscible polymer blend in this range as composed by a 
vitreous matrix formed by the slow component chains with 
intricate 'cavities' in which the most mobile component is still 
moving. Under these circumstances, it would be expected that 
the segmental dynamics of the fastest component of a 
dynamically asymmetric miscible polymer blend would be 
affected by constrains imposed by the majority slower 
component in a non-trivial way. The most relevant effect 
observed in the experiments is that the peak of the dielectric 
loss curve reflecting the dynamics of the lower Tg component in 
a blend with a high concentration of the slower one can occur at 
higher frequencies than that of the pure polymer. This result 
was first detected in blends of poly(vinyl methyl ether), PVME, 
with PS [65] although previous results on blends of 
poly(ethylene oxide), PEO, with poly(methyl methacrylate), 
PMMA, [64] and PVME with poly(2-chlorostyrene) [63] also 
suggested similar effects. 
 
Figure 15 shows an isochronal representation of the dielectric 
losses at a low frequency for blends of PVME and PS with 
varying composition. As concentration of PS increases the loss 
peak appears at higher temperatures reflecting the expected 
slowing down of the segmental PVME dynamics due to the 
presence of less mobile PS chains. However, a low temperature 
contribution is also developed giving rise to dielectric losses 
larger (taking into account the PVME concentration) than those 
of the pure polymer in the same temperature range. Finally at 
the highest PS content reported (80 wt%) the maximum of the 
whole loss peak occurs at temperatures below that of the pure 
PVME.  
   

FIGURE 15. Loss dielectric permittivity of PVME at a fixed 
frequency of 1 Hz as a function of temperature, compared with 
the dielectric relaxation of blends of PVME/PS. For the 
comparison the 'dilution effects' on the relaxation intensity are 
accounted by taking into account the PVME weight fraction in 
the blends. The bars below indicated the breath of the 
calorimetric glass transition and the dotted lines the 
corresponding midpoint Tg. Reprinted with permission from 
[65] 

These results evidence that in PVME/PS miscible polymer 
blends the dielectric relaxation associated with the segmental 
dynamics of PVME develops a bimodal character and that 
when PS is the majority component the relevance of the faster 
mode in the dielectric relaxation increases markedly and 
becomes dominant for the highest PS concentration. This 
phenomenology has been investigated by means of isothermal 
dielectric relaxation experiments on several compositionally 
asymmetric blends with large dynamic asymmetry [65-70]. 
 
Figure 16 shows the dielectric relaxation associated with the 
PVME dynamics in the PVME/PS blend with 20 wt% PVME, 
as a clear example. In these experiments, it was found that the 
dielectric relaxation of the fast component can be well resolved 
even below the glass transition temperature range of the blend 
and that the characteristic relaxation time defined by the peak 
loss frequency shows Arrhenius temperature dependence below 
the thermal Tg. However, when the experiments are extended 
up to temperatures above Tg there is a clear crossover to a more 
conventional [15] Vogel-Fulcher-Tammann, (VFT) like 
behavior (see Figure 17). The crossover in the temperature 
dependence of the relaxation times on heating is also 
accompanied by a sharp increase of the corresponding dielectric 
relaxation strength (proportional to the area below the loss 
curve in Figure 16). This means that at high temperatures 
approaching the glass transition range, where constrains 
imposed by the slow blend component would disappear, the 
dielectric relaxation detected involves the whole PVME dipole 
reorientation. However, at lower temperatures the full PVME 
dipole reorientation should occur by some additional slower 
mode, likely masked in the experiments by the non-negligible 
contributions of PS.  
 
When interpreting the origin of this phenomenology, it has been 
proposed that it is related with the emergence of non-
equilibrium effects [65], which set-up during cooling as soon as 
the relaxation time characterizing the segmental dynamics of 
the slow (high-Tg) component reaches the typical laboratory 
time, i.e. ~100 s (see Figure 17b). Below this temperature range 
most of the slow component segments are frozen forming a 
kind of network, restricting the segmental mobility of the low-
Tg component. In this situation, the dipole reorientation is 
severely limited but also the local environment of the moving 
segments cannot change much with temperature. The latter 
implies that the typical segmental dynamics cooperativity that 
 

FIGURE 16. Isothermal plots of the frequency dependent 
dielectric permittivity losses of PVME/PS, with 20 wt% 
PVME, in the glass transition range. Reprinted with permission 
from [65] 

ticular, that no phase separation occurs during the blend
preparation or during the dielectric measurements. The Tg
value was determined as the temperature corresponding to
half of the heat capacity change and its variation with !PS is
reported in Fig. 1"b#.
The complex dielectric permittivity $*!$!"i$" was

measured in the range 10"1–10#7 Hz, by using a Novocon-
trol high resolution dielectric analyzer "Alpha-S analyzer#,
for temperatures higher than 120 K. A second electrode "di-
ameter of 30 mm# was stacked on the PS-PVME blend films
and pressed under vacuum above Tg . For blends rich in
PVME (!PS$50%), a separation of 100 %m between both
electrodes is maintained by means of four small Teflon spac-
ers. The sample cell was set in a cryostat and its temperature
was controlled via a nitrogen gas jet heating system coupled
with a Novocontrol Quatro controller. The accuracy on the
temperature value was better than 0.05 K on the probed tem-
perature range "120–363 K#. For temperatures lower than
120 K, dielectric measurements were performed on a
Solartron-Schlumberger frequency-response analyzer SI
1260 supplemented by a high-impedance preamplifier "di-
electric module DM 1360, Mestec#. This spectrometer is
coupled to a closed-loop helium refrigeration system "CTI-
Cryogenics, Helix Technology Corporation#. With this equip-
ment, the samples were kept between two electrodes of 20
mm diameter, with a separation of about 100 %m.
It is noteworthy that in the case of PS-PVME blends, the

dielectric signal mainly originates from the PVME compo-
nent, due to the strong difference in the dielectric strength
between PS and PVME &10'.
Finally, we would like to recall the different relaxation

processes that are observed in a PVME homopolymer by
dielectric spectroscopy. The variation of the dielectric loss $"
with temperature is reported in Fig. 2 for two frequencies, 1
Hz and 1 kHz. The absorption peak located at 272 K on the
curve obtained at 1 kHz corresponds to the PVME main-
chain ( relaxation that is relevant to the glass transition.
Besides, two additional secondary relaxation processes,
namely, the ) and the * peak, are detected at 137 K and 53
K, respectively. These latter are related to localized motions

of the polar side group -OCH3. More precisely, according to
a recent work &19', they could be respectively attributed to
the free and restricted rotations of the methyl groups around
the O-C bonds "C denoting here the PVME methine carbon#.
At 1 Hz, the * process stands out of the probed temperature
range, whereas the ) process occurs below 120 K.

III. RESULTS

Figure 3 shows the temperature dependence of the dielec-
tric loss $" measured at 1 Hz on the PVME homopolymer as
well as on PS-PVME blends of various composition (!PS
!35%, 50%, 70%, and 80%#. The frequency value was cho-
sen low enough to allow a clear resolution of the different
PVME relaxation processes. Moreover, the $" values were
normalized by the PVME weight fraction !PVME to get a
relevant comparison of the intensity of the relaxation peaks
between the different systems. At the lowest limit of the
investigated temperature range "120 K#, the increase of $" is
due to the high-temperature tail of the PVME ) process "see,
for comparison, Fig. 2#. In this part of the spectra, the nor-
malized $" values of the different blends are clearly super-
posable to the one of the PVME homopolymer. This feature
is confirmed by the comparison of the ) process on isochro-
nal plots performed at higher frequencies "e.g., 10#5 Hz)
and consistent with previous studies &9': the localized mo-
tions involved in this process are hardly affected by blending
PVME with PS. By contrast, as can be seen in Fig. 3, the (
process is strongly affected in the blends: when !PS in-
creases, the corresponding peak starts shifting towards high
temperatures and displays a strong broadening. The shift of
the peak is to be related with the expected slowing down of
the PVME segmental motions as PS chains are added
&2,3,9,11', whereas the broadening of the PVME relaxation

FIG. 2. Loss component $" of the complex dielectric permittiv-
ity, obtained at 1 Hz (!) and 1 kHz ("), as a function of tempera-
ture, for a PVME homopolymer. FIG. 3. Isochronal $"(T) obtained at 1 Hz on pure PVME and

PS-PVME blends with various composition (!PS!35, 50, 70, and
80 wt %#. For each sample, the $"(T) values have been divided by
the PVME weight content !PVME . The boxes below the curves
indicate the breadth of the calorimetric glass transition and the dot-
ted lines indicate the midpoint Tg value.

OUT OF EQUILIBRIUM DYNAMICS OF POLY"VINYL . . . PHYSICAL REVIEW E 68, 031805 "2003#

031805-3

time distribution can be attributed to the concentration fluc-
tuations !9–11,20". These observations are also in agreement
with previous studies on other polymer blends exhibiting a
large difference of Tg !1,4–6". However, an additional pro-
cess seems to grow up with the PS content. It can be unam-
biguously observed in the PS-PVME blend corresponding to
#PS!50% and leads, for higher #PS values, to a double-
peak structure in the isochronal plot of Fig. 3. In this latter,
the peak dominating the dielectric loss at high temperatures
$above or close to Tg) corresponds to the % process de-
scribed previously. In the following, we will focus on the
other peak, dominating the dielectric response in the tem-
perature range below Tg . It could be tempting to interpret
the double-peak structure observed in Fig. 3 for PS-PVME
blends with #PS"70% as a possible bimodal relaxation time
distribution underlying the % process. Indeed, such a large
and even bimodal distribution has emerged from recent mod-
els taking into account the thermodynamic fluctuation con-
centrations to describe the segmental dynamics in miscible
blends !22". However, these approaches assume that the con-
sidered blends are at equilibrium and therefore, are not ap-
plicable to describe the low-temperature peak since it occurs
below the glass transition temperature of the blends rich in
PS. Thus, to our knowledge, the low-temperature process has
never been described in detail in the literature. In the follow-
ing and for the sake of simplicity, we will call this process as
%! relaxation, but we emphasize that this notation does not
mean that this relaxation is completely independent of the %
process.
The temperature range where the %!-relaxation process

occurs is located below the Tg of the blends $see Fig. 3&.
Thus, nonequilibrium effects have to be considered, and due
to the structural recovery process the dielectric loss '" is
expected to be time dependent !15–17". Then, a relevant
question to be addressed is the time scale involved in these
changes toward the equilibrium state. For this purpose, the
PVME homopolymer and different blends were annealed at a
fixed temperature, below their Tg $i.e., Tg#15 K in any
case& during 40 h, and then '"(T) was measured. Before this
annealing, the samples were heated at Tg$30 K, to remove
any memory effect. The temperature dependence at 1 Hz,
measured after the annealing, is reported in Fig. 4 for pure
PVME and a PS-PVME blend rich in PS (#PS!80%). For
comparison, the '"(T) curves recorded at the same fre-
quency, just before the annealing, are also plotted. In PVME,
above Tg , '" is of course the same in both unannealed and
annealed states. Below Tg , a significant decrease of the sig-
nal over the whole temperature range is observed. By con-
trast, in the blend, the physical aging only affects the inter-
mediate temperature range $250–300 K& between both
relaxation peaks, which appear better resolved after anneal-
ing. The '" values below 225 K are unchanged, which indi-
cates that even though the %! relaxation process occurs at
temperatures where the blends have fallen out of equilib-
rium, the time scale involved in the time evolution of this
process is far larger than in pure PVME.
To get a deeper understanding of the origin of the low-

temperature contribution to '"(T) observed at a single fixed
frequency $1 Hz&, we have proceeded to isothermal '"(()

measurements, mainly focusing on PS-PVME blends with a
high PS amount. The '"(() spectra obtained for different
temperatures $between 228 K and 328 K& on the PS-
PVME$80-20& blend are plotted in Fig. 5. In the whole tem-
perature regime investigated $223–348 K&, a single relax-
ation peak is detected in the spectral window
10#1–10$7 Hz. At 223 K, the frequency of the peak maxi-
mum is close to 2 Hz: this isothermal spectrum '"(() can be
roughly related to the maximum of '"(T), occurring at 230
K on the isochronal plot of Fig. 4. At this temperature, the
measured '"(() mainly originates from the %!-relaxation
process. For temperatures around 280 K, the % peak enters
the considered spectral window, as can be seen in Fig. 4.
This may be the origin of the flat signal observed in the
low-frequency part of the dielectric loss '"(() for tempera-
tures higher than 288 K. This assumption is consistent with

FIG. 4. Effect of physical aging on the temperature dependence
of the dielectric loss '" measured at 1 Hz: solid $open& symbols
represent the data obtained on the unannealed $annealed& samples;
circles correspond to PVME, and squares to the PS-PVME$80-20&
blend. The arrows indicate the annealing temperatures. Details on
the annealing are described in the text.

FIG. 5. Isothermal dielectric loss spectra '"(() recorded on a
PS-PVME$80-20& blend for different temperatures. The solid lines
are fits of the experimental data according to the Jonscher equation
!Eq. $2&".

LORTHIOIR, ALEGRı́A, AND COLMENERO PHYSICAL REVIEW E 68, 031805 $2003&
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FIGURE 17. Temperature dependence of Cp (a) the main 
dielectric relaxation time (filled points in b) and the low angle 
neutron scattering signal measured on PVME/PS blends with 
20 wt% PVME when crossing the glass transition range. 
Reprinted with permission from [66] 
 
normally increases on cooling cannot longer increase, which 
would explain the crossover towards an Arrhenius temperature 
dependence below the glass transition of the blend. The large 
broadening of the relaxation loss curve in this regime would be 
also a signature of a dramatic dynamic heterogeneity, at least in 
part generated by the local concentration variations resulting 
from the freezing of the spontaneous thermal concentration 
fluctuations (STCF) of the blend. Noteworthy, the STCF are 
also affected by non-equilibrium effects [66] as soon as 
temperature decreases below that of the glass transition of the 
rigid component of the blend (see Figure 17c). 
 
The phenomenology described above is not exclusive of 
polymers but it has also been found for the dielectric relaxation 
originated in the reorientation of small molecules [71,72,73]. 
For example, the characteristic time of dielectric relaxation 

associated to water in PVME/water mixtures presents a very 
pronounced crossover in the temperature range where the glass 
transition of the mixture takes place (see Figure 18). Also 
results on mixtures of two small molecules (see Figures 19 as a 
recent result) evidence that the behavior is not specific of 
polymer based systems and also arises in mixtures of two 
components with a large dynamical asymmetry. Particularly, by 
combining dielectric relaxation and Nuclear Magnetic 
Resonance, NMR, data [73] it has been unambiguously proved 
that the detected dielectric process reflects the α−relaxation of 
the faster component under the constrains of the more rigid 
component and discards the repeatedly proposed scenario that 
considers that the detected relaxation is just a secondary process 
reflecting a very local scale molecular mobility [74]. A very 
elegant demonstration of the non-equilibrium effects on 
athermal mixtures is the binary blend of PS with oligostyrene, 
which are perfectly miscible yet dynamically heterogeneous. In 
figure 3 of ref [75] it can be seen that non-equilibrium effects in 
the dynamics of oligostyrene in a mixture with 75% PS are 
quite dramatic.  
 
On the other hand, it has been shown that the constrained 
dynamics in miscible polymer blends also produces a change in 
the temperature dependence of the ionic conductivity, which 
eventually leads to an increase of the conductivity of polymer 
electrolytes by adding a rigid component. A prove of concept of 
this phenomenon was reported by investigating the dc 
conductivity  of  Li+  containing  PVME/PS  miscible   blends. 
 

 
FIGURE 18. Temperature dependence of the DSC trace (upper 
panel) and the dielectric relaxation times (lower panel) of a 50 
wt% mixture of water with PVME. The relaxation times reflect 
the water specific dynamics in the mixture. Reprinted with 
permission from [71] 

takes place in the temperature range over which the broad

calorimetric glass-transition [Fig. 9(a)] extends (shaded area).

Taking into account the composition of the sample, the glass-

transition mainly reflects the freezing of PS in the sample.

Fig. 9(c) shows the inverse of the forward neutron scattering

intensity S (Q = 0) for the same system calculated from small

angle neutron scattering (SANS) measurements.110 It is worthy

of remark that in the same temperature range where the

dynamic crossover takes place, S21 (Q = 0) strongly deviates

from the RPA prediction (straight line at high temperature).

This behaviour has been interpreted as the formation of some

kind of gel-like structure due to the freezing of PS in the

blend.110 The Arrhenius-like temperature dependence of StT
below the crossover range coincides with the temperature range

where S21 (Q = 0) is constant indicating the freezing of

concentration fluctuations in the sample. In this region PVME

molecules are trapped by the ‘frozen’ PS surrounding, but the

PVME-dipoles can still move locally. This picture can also

qualitatively explain how the PVME local motions in the blend

can be even faster than in pure PVME [see Fig. 9(b)] when the

local surrounding involves higher free-volume than in the

homopolymer case. These ‘faster’ motions of PVME in PVME/

PS blends with high PS contents have also been observed and

discussed by other authors (see, e.g., ref. 110 and references

therein). These results corroborate the qualitative picture

above described (Fig. 8). Similar effects in the dielectric

response of the system PVME/PS were also reported by

Adachi and co-workers.118 By this technique we have also

observed this kind of behaviour in other systems such as PoClS/

PVME (some evidence is also reported in ref. 65), for the PVME

component when the PoClS concentration is high. There is also

some evidence about this behaviour in a work of Sy and Mijovic

on PVDF/PMMA64 (TPVDF
g = 234 K, TPMMA

g = 400 K).

Increasing the difference in the Tgs of the two blend

components the crossover is shifted to shorter times and may

be observed by microscopic techniques such as QENS, which,

in addition, provide space–time resolution. Hints of confined

motions are revealed in the high momentum transfer range

(i.e., corresponding to small length scales) for PEO (TPEO
g #

220 K) in blends with PMMA (25%PEO/75%PMMA)4 and,

also very recently, with PVAc (TPVAc
g = 315 K) (20%PEO/

80%PVAc).72,74 Fig. 10 displays the expected behaviour

Fig. 9 Results on the blend 80%PS/20%PVME: (a) heat capacity by

differential scanning calorimetry; (b) relaxation times obtained by

dielectric spectroscopy ($), NMR (n) and QENS at Q = 1 Å21 (%);5

the solid line shows the expected behaviour for PVME in the blend,

while the dashed-dotted lines (-?-) represent the timescales of the pure

components; (c) forward scattering obtained from SANS,110 where the

straight line shows the prediction of the RPA. The shadowed area

indicates the broadening of the calorimetric glass-transition.

Fig. 10 (a) DSC results for 20%PEO/80%PVAc. (b) Temperature

dependence of the time corresponding to the maximum of the

distribution function deduced from QENS studies for PEO hydrogen

motions. The squares show the timescale characteristic for the confined

motion t* for PEO in the blend: solid squares (&) in PEO/PVAc,72

empty squares (%) in PEO/PMMA.4 The vertical bars through t*

indicate the width of the distributions (FWHM). The dashed-dotted

line is an Arrhenius fit. The solid curve corresponds to the timescale of

the homopolymer extrapolated to Q = 1.5 Å21. The dotted and dashed

curves are the LML predictions for both blends.
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molecule has a big dipolar moment, dielectric spectroscopy
is a very suitable technique to analyze the reorientational
dynamical behavior of aqueous solutions in a broad fre-
quency range. In addition to the systems described above and
in order to generalize our results, data corresponding to other
hydrated systems were taken from the recent literature !glu-
cose "17#$, poly!ethylene glycol$ !PEG600, Mn=600 g /mol;
PEG200, Mn=200 g /mol$ "17#,!propylene glycol and its oli-
gomers, n=1,2 ,3$ !nPG$ "8#. Moreover, high-temperature
data for water solutions with myoglobin "1#, DNA "18#, PVP,
and PVME "19# are also included for comparison. It is note-
worthy that the Tg values of these solutions span a rather
broad range from 165 to 220 K.

Finally, a differential scanning calorimeter !DSC$ TA In-
strument Q1000 was used in standard mode to control the
crystallization of the samples. Standard DSC measurements
were performed using cooling and heating rates of
10 K /min. Hermetic aluminum pans were used for all the
materials. The sample weights were about 10 mg. In the wa-
ter mixtures of polymers, sugars, and low-molecular-weight
organic glass formers, there is no evidence of crystallization
on cooling. In the case of DNA and myoglobin only about
5% of the water in the solutions crystallizes on cooling at
%235 K. Furthermore, all the mixtures show on heating a
pronounced calorimetric glass transition, indicating that there
is a main glass phase at low temperatures. Therefore, we
have been able to study the dynamics of water in these sys-
tems in both the supercooled liquid and the glassy state.

RESULTS AND DISCUSSION

The dielectric spectra of all the systems analyzed present
the two main relaxation processes above mentioned: the
slower process I !we will denote this process as PI$ and the
faster process II !it will be denoted as PII$. A representative
example for 5EG is shown in Fig. 1. Whereas PI was fitted
by a Havriliak-Negami function "20#, PII is symmetric and
was described by the empirical Cole-Cole equation "21#. The
broadening of PII results in the range of 2–3.5 decades for all
the materials analyzed. Inset 1 in Fig. 1 shows how the re-
laxation strength of PII !!"II$ calculated from this fitting
increases more rapidly at high wc. This indicates an increase
in the water mobility, suggesting the appearance of water
domains. Thus, in the high-water-concentration range, water-
water interactions would be dominant for the relaxation
mechanism of PII "12#. This could indicate a microheteroge-
neous structure, where water-rich domains of significant size
are present. This picture is supported by recent molecular
dynamics !MD$ simulations of closely related systems that
postulate the existence of water cluster in solutions of PVP
"22#, glucose "23#, and fructose "24#. Moreover, the
frequency-dependent dielectric properties of ubiquitin solu-
tion were recently calculated from MD simulations. The di-
electric response was decomposed into protein-protein,
water-water, and water-protein cross terms "25# and the fast-
est process was found to arise from the self-term of water.
This is in agreement with our finding at lower temperatures.

In order to obtain model-independent experimental re-
sults, the main relaxation times corresponding to PI and PII

were simply obtained from the corresponding maxima of the
dielectric loss spectra "!!#$ at constant temperature as $
=1 /#max. As an illustrative example, Figs. 2!b$ and 2!d$
show the temperature dependence of the relaxation times ob-
tained in this way in the case of a solution of 5EG "Fig. 2!b$#
and a solution of PVME "Fig. 2!d$#, both at a water concen-
tration !cw$ of 40 wt %. The temperature dependence of the
relaxation times corresponding to PII exhibits a crossover
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FIG. 1. Loss component !! of the complex dielectric permittiv-
ity of a 5EG-water solution at 185 K. The solid line through the
data points is a least-squares fit using a superposition of a power
law for conductivity, a Harriliak-Nagami function for process I, and
a Cole-Cole !CC$ function for process II. Inset 1: Variation of the
relaxation strength with water concentration !wc$ for 5EG-water
mixtures. A dramatic increase is noted for high water concentration
!wc%20 wt % $.
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FIG. 2. !a$, !c$ Heat flow measured by DSC of 5EG-water so-
lution and PVME-water solution during heating at a rate of
10 K /min. !b$, !d$ Temperature dependence of the relaxation times
obtained from dielectric spectroscopy on 5EG-water and PVME-
water solutions. Data for PVME in the high-frequency and tempera-
ture range are shown as open points "19#. Note that for polymeric
solutions only PII is resolved due to the fact that the dc conductivity
as well as the electrode polarization contributions mask the slower
and likely much weaker PI.
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Data in Figure 20 show that the conductivity of Li+ containing 
PVME at Tg (250K) is lower than that of blends with 20 and 30 
wt% of PS with the same Li+ concentration at the same 
temperature, i.e. well below the calorimetric glass transition of 
the blend.  
 
Although the anomalies in the dynamics of the low-Tg 
component of miscible polymer blends has been confirmed by 
means of other techniques [66] as quasielastic neutron 
scattering (QENS), NMR and also by molecular dynamics 
simulations, the signature of this behavior on the dielectric 
relaxation is not always so dramatic. Particularly, the dielectric 
relaxation of PI in blends rich in poly(terbutyl styrene), PtBS, 
(with a much higher Tg) is extremely broad but it shows no 
clear signs of bimodality [77]. Furthermore, any evident 
crossover in the temperature dependence of the dielectric loss 
peak relaxation time is directly detectable (see figure 4 in [77]), 
and in the low frequency range there are significant 
contributions from both the PtBS segmental dynamics and the 
PI normal mode relaxation that would mask a low frequency 
component (if any). However, by analyzing the dielectric 
relaxation strength of the resolved contribution it is found that it 
decreases as temperature decreases that would be indicative of 
constrains, in agreement with the PVME/PS case. 
On the other hand, the temperature dependence of the loss peak 
relaxation time is also weaker than it should be when compared 
with that of the PI normal mode relaxation (see Figure 21), i.e. 
it is less sensitive to temperature than that of the normal mode 
relaxation. This is contrary to that found for pure PI and blends 
with PI wt% above 50% where both time scales vary similarly 
at high temperature and approach to each other on cooling close 
to the glass transition range, which means that the α−relaxation 
is more sensitive to temperature in this region. Thus, although 
the crossover in the temperature dependence of the relaxation 
times is not clear in PI/PtBS blends rich in PtBS, there are 
experimental evidences of the emergence of several 'anomalies' 
of the PI segmental dynamics that would be related to the non-
equilibrium effects originated on the constrains imposed by the 
high the component of the blend. Despite of the fact that the 
above discussed constrain effects on the segmental dynamics of 
the minority/fast component of athermal polymer blends can be  
 

 
FIGURE 19. Dielectric relaxation times in mixtures of m-tri-
cresyl phosphate (m-TCP) and an azobenzene-containing 
spirobichroman derivative for 20 wt% and 34 wt% m-TCP. 
Reprinted with permission from [73] 
 

 

FIGURE 20. Temperature dependence of the dc conductivity of 
different polymer samples with 1 wt% Li+. PS (empty up 
triangles), PVME (empty circles) and blends of PVME/PS with 
the following PVME content: 10 wt% (empty diamonds), 20 
wt% (filled circles), 30 wt% (empty down triangles), and 50 
wt% (filled up triangles). Reprinted with permission from [76] 
 
quite dramatic, they already exist in blends containing similar 
amount of both components [79,80]. In particular, it was found 
that the high frequency tail of the dielectric relaxation of the 
fast component presents relaxation contributions faster than 
those in the pure polymer (see Figure 8 in [79]). The ultimate 
reason for this would be that the spontaneous concentration 
fluctuations present in athermal polymer blends induce some 
regions with local enrichment in the slower component where 
constrains would exist for the faster component. The amount of 
such regions increases at higher concentration and consequently 
their effects are more relevant. 

 
FIGURE 21 Ratio of the peak frequencies of the dielectric 
alpha relaxation and the PI normal mode relaxation for PI/PtBS 
blends. Pure PI data appears at the upper part of the plot 
whereas decreasing PI content in the blend to 80%, 60%, 43%, 
35% and 20% results in gradually lower values. The latter 
behaves very differently. Reprinted with permission from [78]  

154506-12 Pötzschner et al. J. Chem. Phys. 143, 154506 (2015)

FIG. 15. (a) Time constants for the mixture m-TCP/DH 379 for cm-TCP= 20% and for cm-TCP= 34%. The arrows indicate the estimated Tg 1. A crossover from

non-Arrhenius to Arrhenius behavior is observed for cm-TCP= 34% and indicated by the solid lines. (b) The same behavior is found in the polymer additive

system TPP/PS (tripropyl phosphate/polystyrene).
16

marked by arrows. We also note that analogous results were

reported for another series of mixtures.
9

Figure 14(b) shows the two Tg(cm-TCP) values obtained

by extrapolating the time constants of the α1-process and the

α2-process (cf. Fig. 14(a)), respectively, to τα(Tg) = 100 s.

Tg1(cm-TCP) reflects the plasticizer effect, the glass point contin-

uously decreases upon adding m-TCP. In contrast, Tg2(c) dis-

plays a maximum around cm-TCP = 50%. This is explained by

the just discussed transition to a weak Arrhenius tempera-

ture dependence of the time constants below Tg1 which leads

to a re-decrease of Tg2(c) at lowest m-TCP concentrations.

Most reports on binary glass formers cover only a restricted

concentration range. The present results verify our previous

reports showing also a Tg2 maximum in a polymer-plasticizer

system.
10,16

Three dynamics regimes can be distinguished in

Fig. 14(b): At high temperatures (T > Tg1) the dynamics corre-

spond to that of a binary liquid. For temperatures below Tg1

and a low m-TCP concentration, the low-Tg molecules move

liquid-like in a more or less arrested matrix of DH 379. At

lowest temperatures a dynamically arrested binary glass is

present.

We note that although no time constants τα1(T) could

be extracted for the cm-TCP = 80% sample, the spectra (cf.

Fig. 3(a)) clearly demonstrate that even at highest concentra-

tions two relaxation processes can be distinguished. Actu-

ally, this is the first time that both processes are iden-

tified in the entire concentration range investigated. This

is in contrast to previous reports
9

where in the case of

polystyrene/methyltetrahydrofurane mixtures a merging of

both processes is suggested at high additive concentrations,

i.e., only a single Tg is measured above a certain additive

concentration.

Asymmetric binary glass formers show pronounced dy-

namic heterogeneities first of all due to the decoupling of the

component dynamics. Yet, while the α1-relaxation (high-Tg

component) remains essentially narrow and similar to that

of neat glass formers, the DS spectra as well as the NMR

observables measured for the α2-process (low-Tg component)

clearly indicate a strong broadening of the corresponding

distribution Gα2(lnτα2) with decreasing concentration of the

low-Tg component. Furthermore, the 2D
31

P NMR exchange

spectra demonstrate exchange within Gα2(lnτα2) even below

Tg1. Thus, especially at low concentration and below Tg1, the

dynamics of the low-Tg component is qualitatively different

from that of the high-Tg component. We note that an Arrhe-

nius temperature dependence, as found for the α2-process at

T < Tg1, is also characteristic of secondary (β-) relaxations

at temperatures below Tg . Thus, from DS spectra alone it is

difficult to distinguish an α2-process from a β-process. Here,

NMR proofs that the α2-process reflects isotropic reorienta-

tion while the β-process is associated with spatially highly

restricted motion.
49,50

All the described features were recently also reported

for polymer-plasticizer systems which by their very nature

display a large Tg contrast of the components.
7–10,16

It appears

that introducing a high Tg contrast also in non-polymeric

mixtures leads to very similar effects in the dynamics. In

the literature, the dynamic heterogeneities in binary glass

formers were usually explained in terms of local concentration

variations, which lead to a local distribution of glass transition

temperatures in the mixture, and which are either attributed to

thermally driven concentration fluctuations
51–53

or so-called

self-concentration effects, i.e., the variation of the local con-

centration around one polymer segment due to chain connec-

tivity
54,55

or a combination of both mechanisms.
56,57

However,

in dynamically very asymmetric mixtures additional effects

appear to emerge. Specifically, the low-Tg component may

experience intrinsic confinement effects due to the presence of

a rigid matrix, much akin to super-cooled liquids inside nano-

meter size pores.
58,59

Indeed, the NMR findings in the latter

case reflecting as well pronounced dynamic heterogeneities are

very similar to those reported here for asymmetric mixtures.
23

Interestingly, such a behavior is predicted in the framework of

MCT
60

as well as documented by MD simulations,
61

where a

dynamic decoupling of large and small particles is found for

components of sufficiently large size disparity. In that case, the

smaller particles retain mobility below the glass point of the

larger ones until they undergo a localization transition in

the confinement of a frozen matrix. In particular, MCT work on

fluids confined in disordered rigid matrices
62

predicts higher

order singularities in the vicinity of which the correlation

functions of the smaller molecules become particularly broad,

e.g., quasi-logarithmic, consistent with our observations as

well as MD simulations.
63
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with LiClO4, a clear super-Arrhenius behavior, i.e., an increase
of the apparent activation energy with decreasing temperature,
can be observed mimicking the temperature dependence of the
structural relaxation time. The ionic conductivity of PVME/
LiClO4 is in good agreement with that reported by Zhang and
Runt.22
With regard to the ionic conductivity of PVME/PS/LiClO4

systems, the following observations can be made: (i) despite
the high concentration of PS, the ionic conductivity is closer to
that of PVME/LiClO4 system except for the blend with 10 wt
% PVME; and (ii) systems with less than 30 wt % PVME
present a crossover from non-Arrhenius to Arrhenius temper-
ature dependence. The first issue can be simply explained
assuming that the ionic transport preferentially occurs along the
most rapid paths, which are mainly associated with the relatively
more mobile polymer of the blend (PVME). This result in not
unexpected, since PVME segmental dynamics in PS, to which
ionic conductivity is correlated, does not decouple too much
from that of pure PVME.12,15,16 The idea that the ionic transport
takes place along the PVME percolating mobile channels
qualitatively agrees with the decoupling between self- and pair-
correlation function occurring in binary blends of bead-spring
polymer chains.23 The fact that the ionic conductivity, in the
case of the system with 10 wt % PVME, is strongly depressed
compared to systems richer in PVME also agrees with the loss
of the aforementioned decoupling in bead-spring polymer
blends at a low concentration of the more mobile polymer.23
For blends with low PVME content, the impossibility of having
a complete percolation of the PVME moieties is probably
responsible for the sudden drop of the ionic conductivity. The
main consequence of this is a partial decoupling between the
PVME related dynamics and the ionic conductivity that in this

case starts to be strongly affected by the presence of PS matrix.
It is noteworthy that while for systems with larger concentrations
of PVME the temperature where the ionic conductivity of the
blend matches with that of the pure PVME is close to the one
for which the same matching occurs for the relaxation time this
does not occur for the system with 10 wt % PVME.
The most intriguing result, however, is the crossover from

non-Arrhenius to Arrhenius temperature dependence, which,
alike the structural relaxation time, can be attributed to the
confinement of PVME chains by the rigid PS, hindering the
growth of PVME characteristic length scale.10-13,16 We speculate
that this crossover mainly implies that at relatively low
temperatures the ionic conductivity mainly couples to the
Arrhenius process displayed in the upper panel of Figure 5. On
the other hand, at relatively higher temperatures, the ionic
conductivity would mainly couple to the cooperative motion in
a system still (partly) in equilibrium giving rise to the
aforementioned super-Arrhenius temperature behavior. It is
worth noticing that the crossover from non-Arrhenius to
Arrhenius temperature dependence implies at relatively low
temperature, in blends with 20 and 30 wt % of PVME, the ionic
conductivity matches with that of pure PVME with the same
amount of LiClO4. This means that systems which are preva-

Figure 5. Log plots of the relaxation time (upper panel) and the ionic
conductivity (lower panel) vs inverse temperature for PVME/PS/LiClO4
systems with the following PVME weight percentages: 10% (empty
diamonds); 20% (filled circles); 30% (empty down triangles); 50%
(filled up triangles). The plots are also shown for PS (empty up
triangles) and PVME (empty circles). The solid lines are the fits to the
VFT equation of PS and PVME experimental data.

Figure 6. Composition dependence of the ionic conductivity at two
fixed temperatures, 258 K (lower panel) and 293 K (middle panel),
and at the Tg values of the PVME/PS/LiClO4 systems.
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C. Relation between Segmental and Terminal Relaxa-
tions. We have shown that both R- and NM-relaxations of PI
slow down relative to those observed in the homopolymer when
blended with higher Tg PtBS. However, as we will show below,

the relationship between both phenomena is not trivial. As can be
seen in Figure 12, the NM- and R-relaxation time scales grow
more and more away from each other the lower the PI content.
The distance between the R- and NM-relaxation for a character-
istic frequency of the NM of 1 Hz ranges from about 3 decades
for high PI content to almost 5!6 decades for the 20% PI blends.
Figures 13 and 14 show in a more quantitative way the difference
between the characteristic logarithmic frequencies of the R- and
NM-relaxations as a function of the NM characteristic frequency
of PI in its blends with PtBS13 and PtBS23, respectively. As PI
content decreases, the distance between the NM- and R-relaxa-
tion time scales increases, and therefore, the number of points
experimentally available for Figures 13 and 14 decreases (there
are fewer temperatures where we can simultaneously see both
maxima in the experimental window). Because of this limitation,
in Figures 13 and 14 in addition to experimental fmax,R and fmax,
NM points (filled symbols), fmax,R values extrapolated from the
fitting of experimental values28 to a VFT law vs experimental fmax,
NM points have also been included as empty symbols connected
by lines. For PI content higher than 50%, the slowing down of
both R- and NM-relaxations is parallel and the distance remains
constant well above Tg, whereas both relaxations slightly ap-
proach each other near Tg. For these concentrations, the separa-
tion between chain and segmental relaxations remains similar
to that observed in the pure homopolymer, ∼3 decades at high
T and∼2.5 decades when approaching Tg. It could be concluded
for these samples, then, that both dynamics sense a similar
change in the friction coefficient at least at temperatures well
above Tg. For low PI content blends, however, the NM-relaxa-
tion is much slower relative to the R-relaxation than the behavior
observed for the homopolymer. According to the extrapolated
VFT values for the R-relaxation, the separation between the
relaxations for low PI content samples would become more and
more pronounced as temperature and PI content decreased even
well above Tg. Regarding the evolution of the separation with
temperature (far from Tg), for the higher PI content blends the
separation remains constant, while the T-dependence dramati-
cally increases for samples below 35% in PI.
For some systems, the Lodge!McLeisch model45 has been

successfully used to predict the terminal dynamics in miscible
blends,24 under the assumption that terminal and segmental
dynamics for a given component in a miscible blend are tightly
coupled and have the same temperature dependence. However,
the systematic test of this assumption shows that this is not
always the case. The literature indicates a disparity of behavior
among different miscible polymer blends. Good correspondence
between the segmental and terminal T-dependence has been
found for PI in PVE and PBO in PVE blends.18,23,24,30,31 For PB
in PB/PVE,15 PI in PI/PS,19 PEO in PEO/PMMA,16,46 and PEO
in PEO/PVAc25 blends, however, a significant difference was
found between the T-dependence of terminal relaxation times
and that of segmental relaxation times. The reasons for the
decoupling of terminal and segmental data remain unclear. It has
been speculated that the difference between these two groups of
blends could rely on the different techniques used to characterize
them, as those measured by DS to that date showed good
correlation between segmental and terminal dynamics while
those measured by NMR did not.31 The DS data presented in
this wxork rule out this possibility. Other approaches have
suggested that the segmental motions of the two components
of a blend might weakly couple to each other if the two
homopolymers have large structure disparity, whereas strong

Figure 12. Imaginary part of the relative dielectric permittivity for PI
and PI in PI27/PtBS23 blends at different concentrations and tempera-
tures. Different curves have been shifted in the y-axis for clearness.

Figure 13. Distance between the characteristic frequencies of the R-
and NM-relaxations of PI component in PtBS13 blends as a function of
NM characteristic frequency. Filled symbols: experimental points.
Empty symbols: experimental points for the NM-relaxation and VFT
fit extrapolations for the R-relaxation. Pure PI (1); 80% PI (b); 50% PI
([); 35% PI (9); and 20% PI (2).

Figure 14. Distance between the characteristic frequencies of the R-
and NM-relaxations of PI component in PtBS23 blends as a function of
NM characteristic frequency. Filled symbols: experimental points.
Empty symbols: experimental points for the NM-relaxation and VFT
fit extrapolations for theR-relaxation. Pure PI (x); 80% PI ([); 65% PI
(1); 43% PI (b); 35% PI (9); and 20% PI (2).
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Summarizing this part, we have shown that the dynamic 
heterogeneity characteristic of polymer blends where a distinct 
segmental dynamics of each component exists gives rise to 
situations where the more mobile component is moving under 
constrains imposed by an essentially rigid environment. This 
situation can lead to dramatic changes in the dielectric α−
relaxation of the blends, particularly when the low component 
is the minority but even so it dominates the dielectric relaxation 
behavior. The main effect is a temperature dependence weaker 
than expected as temperature is reduced, which in extreme 
cases would yield to a mobility of the fast component in the 
blend higher than that of the homopolymer. Interestingly, the 
large thermal concentration fluctuations characteristic of 
miscible polymer blends make some similar effects to be 
relevant also for more symmetric blend compositions. 

Concluding	  remarks	  
 
In this review we have presented in some detail how the dielectric 
relaxation of polymer systems is affected by structural features that 
introduce some constrains in the segmental motions of polymers. 
Particularly three different situations have been exemplified. In the 
case of semicrystalline polymers the constrains arise because the 
presence of a rigid crystalline phase that, first of all, it reduces the 
available space, likely giving rise to stresses and density gradients in 
the remaining amorphous phase. On the other hand the segments of 
the polymer chains incorporated in the crystals act as anchoring 
points for the remaining amorphous chain portions. In general this 
manifests in an overall slower and extremely broad dielectric 
relaxation that also evidence the presence of highly mobile 
segments. The second example that we have considered was the 
situation of segregated diblock copolymers where constrains arise 
from the dynamic asymmetry of the two phases. The dielectric α−
relaxation associated to the segmental dynamics of the more flexible 
block is mainly affected by anchorage, in a way that resembles what 
is observed in semicrystalline polymers. When the size of the 
segregated phase is small, the presence of some mobility gradients is 
also detectable. However, in some 'closed' segregation geometries, 
the constrains related with the miss matching between the thermal 
expansion of the block copolymer components also can give rise to a 
more dramatic change of the overall dynamics. Finally, we 
considered the situation of miscible polymer blends where anchorage 
effects would not to be of relevance but the dynamic asymmetry 
between the blend-components also imposes constrains on the 
segmental mobility of the faster component. The major consequence 
on the dielectric α−relaxation of these systems is the emergence of a 
component that can become faster than the relaxation in the pure 
homopolymer, which is a consequence of the constrains arising once 
the temperature is decreased below the glass transition of the blend. 
At these temperatures a kind of frozen matrix is developed inside of 
which there is a significant fraction of mobile segments belonging to 
the faster component.  
Obviously, there are many other situations where structural 
constrains play a role on the dielectric relaxation of polymer 
materials. In fact the relaxation behavior can be used to infer the 
presence of such structural constrains, as it is the case of polymer 
nanocomposites [81] as a very current example. In fact this approach 
is being used in many recent publications in different fields. A major 
difficulty in this method is that the presence of conductive 
phenomena in structured materials immediately results in dielectric 
relaxation contributions that can obscure that originated by the 
segmental polymer dynamics. The microscopic origin of these new 
relaxation components is not the molecular dipole fluctuations but 

the diffusion of the electrical charges that eventually become trapped 
at interfaces [22]. Despite these limitations, investigating dielectric 
relaxation in polymer materials is a powerful tool to gain insight in 
the rather complex structural features often present in this important 
family of materials. 
 

Technical	  information	  
	  

A	  Dielectric	  spectroscopy	  	  

 
Dielectric relaxation refers to the delay in reaching the 
equilibrium polarization in a medium after a sudden 
modification of the electric field. This delay is generated by the 
'friction' that opposes to charge displacements and permanent 
dipole moment reorientations. When in a given material the free 
charge concentration is extremely low (good insulators) the 
dielectric relaxation is mainly controlled by the molecular 
dynamics. Moreover, the linear response theory applies when 
using low external electric fields and, consequently, the 
dielectric relaxation reflects the spontaneous dipole moment 
fluctuations. [21,22] 
The simplest model for the dielectric relaxation is the Debye 
model [22] that considers the reorientation in an uniform 
electric field of a dipolar sphere imbibed in a viscous medium. 
In this model the time decay of the polarization, P, after 
removing the external electric field is given by: 

€ 

P(t) = P(t = 0)  exp −
t
τ

⎛ 

⎝ 
⎜ 

⎞ 

⎠ 
⎟  

where τ is the so called dielectric relaxation time. 
A convenient way to investigate the dielectric relaxation is by 
measuring the frequency dependent dielectric permittivity. For 
the Debye model it is given as: 

€ 

ε * ω( ) = ε' ω( ) − i  ε ' ' ω( ) =
Δε

1+ iωτ
+ε∞ =

Δε
1+ω 2τ 2 +ε∞ − i

Δε  ω 2τ 2

1+ω 2τ 2
 

where ε∞ is the high frequency limit (f≈100 GHz) of the 
permittivity and accounts for the induce electronic and ionic 
polarization phenomena responsible for the electromagnetic 
wave absorptions occurring above the microwave range. Δε is 
called the dielectric relaxation strength and accounts for the 
orientational polarizability of the material. In this equation, the 
imaginary part of the permittivity reflects the energy losses 
associated to the dielectric relaxation process, and has a peak 
shape showing a maximum at the frequency ωm=1/τ. 
In general, the Debye equation does not describe accurately the 
experiments that generally show relaxation processes extended 
over a broader frequency range. A general description of the 
observed relaxation can be obtained by introducing the idea of a 
distribution of relaxation times, which yields: 

€ 

P(t) = P(t = 0)  g(τ)  exp −
t
τ

⎛ 

⎝ 
⎜ 

⎞ 

⎠ 
⎟ 

0

∞

∫ dτ
 

€ 

ε * ω( ) = ε' ω( ) − i  ε ' ' ω( ) = g(τ)  Δε
1+ iωτ

 
0

∞

∫ dτ +ε∞
 

However, the interpretation of the relaxation time distribution 
function g(τ) is not unique. On the one hand, different 
molecular environments would be responsible of the presence 
in the material of different permanent dipole reorientation rates 
(dynamically heterogeneous scenario). On the other hand, the 
reorientation of a given dipole moment could be couple to the 
environment in a way such that the instantaneous relaxation 
time is time dependent, being the average behavior of all 
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dipoles equivalent (dynamically homogeneous scenario). In a 
general case a mixture of both situations could exist. 
A different, although mathematically equivalent, approach for 
accounting of the non-Debye relaxation is by modifying the 
Debye equation with some empirical parameters. The most 
generally used of these equations are: the Havriliak-Negami 
(HN) one, in the frequency domain, and the Kohlrausch-
Williams-Watts (KWW), in the time domain. The HN equation 
reads as: 

€ 

ε * ω( ) = ε' ω( ) − i  ε ' ' ω( ) =
Δε

1+ iωτ HN( )α[ ]
γ +ε∞

 
where α and γ (α,γ <1) are parameters determining the peak 
shape. For γ=1 the loss peak is symmetric, whereas for 
decreasing values of α and  γ  the relaxation becomes broad and 
asymmetric. The full width at half-maximum (FWHM) can be 
calculated from the shape fitting parameters (α and γ) using the 
approximate equation [82]: 

€ 

FWHM(α,γ ) ≅ −0.516 +
1.058
α

+
0.039
γ

+
0.563
α  γ  

The HN relaxation time, τHN, is related to the loss peak 
relaxation time τm =1/ωm as [22]: 

€ 

τm = τHN sin α π
2 + 2γ

⎡ 

⎣ 
⎢ 

⎤ 

⎦ 
⎥ 

− 1α

sin α γ π
2 + 2γ

⎡ 

⎣ 
⎢ 

⎤ 

⎦ 
⎥ 

1
α

 
The KWW equation for the polarization decay is: 

€ 

P(t) = P(t = 0)  exp −
t

τKWW

⎛ 

⎝ 
⎜ 

⎞ 

⎠ 
⎟ 

β⎡ 

⎣ 
⎢ 
⎢ 

⎤ 

⎦ 
⎥ 
⎥  

where β is called the stretched exponent and the KWW 
relaxation time is related with the average relaxation time of the 
corresponding distribution function as: 

€ 

τ =
τKWW
β

Γ
1
β

⎛ 

⎝ 
⎜ 
⎞ 

⎠ 
⎟ 
 

Some relations have been numerically established for these 
relaxation functions [83]. The HN equation that represents 
better the frequency domain counterpart of the KWW one 
verifies the following relationship between the shape 
parameters: 

€ 

γ ≅1 − 0.8121 1 − α( )0.387 
In this case HN and KWW parameters are connected as:  

€ 

α⋅ γ ≅ β1.23  
and 

€ 

logτKWW ≅ logτHN − 2.6⋅ 1 − β( )0.5 ⋅ exp − 3β( )  
 
B. Experimental details 
 
For most of the accessible frequency range (f< 1GHz) the very 
common sample preparation consists in forming a parallel plate 
capacitor using two gold-coated metallic discs (with diameter 
ranging between 10 and 40 mm) as electrodes with a thin 
(about 50-500 µm) layer of material in between. The frequency 
dependence of the complex capacitance C* is determined by 
means of impedance analyzers or impedance bridges, both 
using amplitude and phase analysis of the signals. In this way, 
the complex relative permittivity is straightforwardly 
determined as: 

€ 

ε * ω( ) =
C * ω( )d
ε0S  

where ε0 is the vacuum permittivity, S is de surface of the 
(smaller) capacitor electrode and d the sample thickness. 
 
Since the dielectric relaxation can be very sensitive to small 
changes in temperature and moisture in the atmosphere, the 
sample capacitor is mounted in a cell that is inserted in a 

cryostat where either a dry high purity gas (Nitrogen or 
Helium) is used as atmosphere or vacuum is made. 
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