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Abstract 

Strain engineering of epitaxial ferroelectrics has emerged as a powerful method to tailor 
the electromechanical response of these materials, although the effect of strain at the 
atomic scale and the interplay between lattice displacements and electronic structure 
changes are not yet fully understood. Here, using a combination of scanning 
transmission electron microscopy (STEM) and density functional theory (DFT), we 
systematically probe the role of epitaxial strain in mixed phase bismuth ferrite thin films. 
Electron energy loss O K and Fe L2,3 edge spectra acquired across the rhombohedral 
(R)-tetragonal (T) phase boundary reveal progressive, and systematic changes, in 
electronic structure going from one phase to the other. The comparison of the acquired 
spectra, with theoretical simulations using DFT, suggests a breakage in the structural 
symmetry across the boundary due to the simultaneous presence of increasing epitaxial 
strain and off- axial symmetry in the T phase. This implies that the imposed epitaxial 
strain plays a significant role in not only changing the crystal-field geometry, but also 
the bonding environment surrounding the central iron cation at the interface thus 
providing new insights and a possible link to understand how the imposed strain could 
perturb magnetic ordering in the T phase BFO.  
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Introduction 

Strain engineering of epitaxial oxide thin films has evolved into a powerful and 

innovative method to enhance the functional properties of oxide materials. In 

ferroelectrics and multiferroics the imposed interfacial strain can enhance polarization, 

force a heightened sensitivity to electric/magnetic fields and, as recently shown for 

bismuth ferrite, dramatically improve the electromechanical response.1 This discovery of 

a large electromechanical response at the strain-driven morphotropic phase boundary 

(MPB) in bismuth ferrite (BFO),1, 2 has initiated an immense research effort directed 

towards understanding the phase evolution and its correlations with functional 

properties.3-6 At the MPB in BFO there coexists highly distorted tetragonal (T) and 

monoclinic (strained rhombohedral) (R) phases, and hence the material is often termed 

mixed phase BFO. Further research has shown that the T- and R- phases are related to 

the monoclinically distorted Mc and MA phases respectively (thus in the strictest sense 

these are only T-like and R-like in structure).3 It was also shown that the monoclinically 

distorted T-phase relaxes to a complex mixed phase structure with increasing thickness.7 

Nevertheless to be consistent with the original finding by Zeches 1 et al., we refer to the 

highly compressively strained supertetragonal phase as T- and the low-strained 

rhombohedral-like monoclinically distorted as the R-phase. In the T phase a colossal 

ferroelectric polarization has recently been observed on account of the measured higher 

axial (c/a) ratio.8, 9 X-ray absorption spectroscopy (XAS) studies reveal suppressed 

magnetic order in the T phase, which is attributed to changes in the bonding 

environments surrounding the central iron cation.10 On the other hand, the creation of 

magnetic moments in highly-strained R ferrite needles has recently also been reported.11 

Whilst the microscopic origins of these changes in polarization,8 as well as the role of the 

oxygen octahedral distortions on the phase evolution,12 are now well understood, 

investigations of the underlying effect of strain across the MPB on the local atomic 

electronic structure still remains nascent. Since the electronic and spin properties of 

multiferroic oxides are intimately linked to the electronic structure of the magnetic 
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cation,13 a focused study on the electronic structure is critical, especially at the MPB. As 

the constituent phases of mixed phase BFO are nanoscale in dimensions, such 

investigations must include experimental and theoretical techniques with single atom 

and vacancy sensitivity to discern electronic structure lattice correlations within the 

individual phases and their possible impact on emergent multiferroic properties. 

Techniques such as XAS10, 14 and near-edge X-ray fine absorption spectra (NEXAFS),15 

can typically detect minute spectral changes in the bulk electronic structure. However, 

these are not well suited to investigate progressive changes in the electronic structure as 

a function of spatial location across an interface. Scanning transmission electron 

microscopy (STEM) and STEM-based electron energy loss spectroscopy (EELS)16 are 

methods that are able to provide the spatial distribution of electronic phenomena at 

nanocomposite interfaces with single atom and vacancy sensitivity.17-20 The unique 

combination of STEM and density functional theory (DFT) computations further provides 

valuable insight into the observed electronic structure changes controlling functional 

responses of these heterostructures.21-25 Recent work by different groups utilizes this 

same combination to reveal the role of oxygen and changes to the crystal symmetry in 

controlling the electronic structure on either side of oxide interfaces.22, 26-28 In order to 

address the effect of strain-induced configurations at the mixed phase BFO interface 

comprising of T and R phases, a study considering the progressive changes across the 

highly strained interface at the atomic scale remains desired.  

Here, we combine aberration-corrected STEM and DFT methods to reveal the strain 

modulated electronic structure and bonding perturbations at the MPB in mixed phase 

BFO thin films. In contrast to previous works, we focus on the incremental transitions in 

the electronic signatures across the boundary layer to explain the concomitant roles of 

the interfacial electronic structure and strain on the observed multiferroic properties. 

High angle annular dark field (HAADF) and EELS chemical profiling were utilized to 

observe the atomic structure. STEM-EELS results indicate clear changes in O K and Fe 
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L2,3 edge spectral signatures across the MPB layer. Further analyses, including least 

squares spectral peak fitting and DFT, allow these observed differences to be attributed 

to changes in the bonding environment surrounding the central iron cation at the 

interface. More specifically, DFT analysis suggests a breakage in the structural symmetry 

across the boundary due to the simultaneous presence of increasing epitaxial strain and 

off axial symmetry in the T phase within the square-pyramidal oxygen cages that were 

previously predicted to affect magnetic ordering.14 The symmetry breaking is confined to 

within fewer than 20 unit cells from the R-T domain interface.  

Experimental methods 

Thin film synthesis and STEM sample preparations 

Epitaxial thin films were deposited on single crystal commercial LaAlO3 (LAO) using 

pulsed laser deposition (PLD). A KrF excimer laser (wavelength 248 nm) was employed 

to ablate a commercial BiFeO3 target at the repetition rate of 10Hz. Before deposition, 

the chamber was pumped down to a base pressure ~ 1.5 x 10-6 Torr. The deposition was 

carried at a 700oC substrate temperature in an oxygen environment. An oxygen partial 

pressure of 100 mTorr was maintained during deposition. Once the ablation was 

completed, the samples were cooled down in an oxygen environment of 1 atm at the 

rate of 15oC per minute.  

Atomic force microscopy and X-ray diffraction 

Atomic force microscopy (AFM) was carried out using a JEOL 5400 scanning probe 

microscope. X-ray diffraction (XRD) and reciprocal space mapping (RSM) were carried 

out using Pan Analytical MRD capable of scanning 2θ – ω between 15 to 90 degrees.  

STEM-HAADF imaging, STEM-EELS and Geometric Phase Analysis  

Cross-sectional electron transparent samples were prepared using conventional tripod 

polishing with water-free glycol-based lubricants followed by room temperature low 
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energy low-angle ion beam thinning. Atomic resolution HAADF images and electron 

energy loss spectra across the MPB were obtained on the aberration corrected Nion 

UltraSTEM 100 at the SuperSTEM facility in Daresbury. The microscope was operated in 

STEM mode at 100 kV, with a cold field emission gun (FEG) and equipped with a Gatan 

Enfina spectrometer, able to form ~0.09 nm probes with a 0.30 eV native energy 

resolution (based on the full-width half maximum of the zero-loss peak, as measured 

through a small acceptance angle into the spectrometer in optimal conditions).  For the 

spectra presented here, a dispersion of 0.3 eV/channel was used in order to capture 

simultaneously the O K and Fe L2,3 edges, resulting in an effective energy resolution of 

0.75 eV, limited by the detector point spread function. The convergence and collection 

half angles were 31 and 34 mrad, respectively. Particular attention was paid to 

minimizing the effects of electron irradiation on the sample materials, to assure all the 

reported results are not attributed to electron-beam damage. The estimated thickness of 

the TEM sample is ~45 nm based on the integration of zero loss and plasmon peaks. The 

BFO film thickness is ~ 50 nm based on the low resolution STEM-HAADF image (data not 

shown).   Geometric Phase Analysis (GPA) was performed to resolve the strain 

distribution across the R-T phase boundary using the FRWR tool Digital Micrograph plug-

in.29 As a first step selected spots from the power spectrum of the STEM-HAADF image 

were masked to achieve a spatial resolution of 0.8 nm.  A cosine smoothening was then 

applied to further refine the image. The unstrained reference from the LAO substrate is 

not available due to the restricted field of view in the STEM-HAADF image. Hence, a 

relatively flat region from the R-phase BFO was selected as internal reference. A flat 

region at approximately 1 to 2 nm from the R-T interface towards the R-phase (lower 

right hand side of STEM-HAADF) was chosen as an internal reference. All the strain 

values reported here are with reference to this internal reference. The directional co-

ordinates referred in the strain mapping are not indicative of the parent crystallographic 

direction. They are indication of strain tensor of a particular feature in the image. We 

predict that given the MPB nature of the interface, such possibility is expected.       
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Model calculations 

We employed the full potential (linearized) augmented plane wave plus the local orbital 

(LAPW+lo) method as implemented in the latest version of the WIEN2K code. Ground 

state calculations were performed using both the Perdew, Burke, and Erzenhof (PBE)30 

version of the Generalized Gradient Approximation (GGA) plus an effective Hubbard U (2 

eV)31 term on the Fe d states and screened PBE hybrid approach assuming relaxed 

primitive geometry, using the experimental values for the lattice constants as an initial 

start to relax the structure, with supercells of size (3 x 3 x 3), in order to enable an 

investigation of the displacement of the Fe cation. For each computation, 26 and 32 

irreducible k-points were employed for the T and R phases respectively. The basis set 

cutoff parameters were Gmax = 12 and Rmt
.Kmax = 9 (Rmt is the smallest atomic sphere 

radius in the unit cell and Kmax is the magnitude of the largest k vector) with muffin-tin 

radii of 1.98 Bohr atomic unit (a.u.) for Bi, 1.77 a.u. for Fe, and 1.57 a.u. for O in the T 

phase and 2.39 a.u. for Bi, 1.89 a.u. for Fe, and 1.44 a.u. for O in the R phase. The core 

hole effect 32 was not included since the difference with ground state was small and 

thereby a comparison to ground state calculations remains useful. Crystal structures 

were built and results were visualized using CrystalMaker and Vesta.  

Spectral creation and peak analysis 

To compute the oxygen K edge ELNES profile, WIEN2k’s33, 34 module TELNES3 was used. 

The TELNES module calculates the double differential scattering cross-section (DDSCS) 

by performing an iterative summation over all occupied initial and empty states as 

described in Shirley and Jorissen.35, 36 The oxygen K edge, with an onset energy of 530 

eV, was calculated over an energy grid ranging from -5 to 35 eV with 0.01 eV dispersion 

using a 100 kV beam with a probe convergence and collections half angles of 31 and 34 

mrad respectively. In each case, a summation over scattering angle was then performed 

and finally a Gaussian smearing is applied to mimic a lifetime broadening and an 
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instrumental probe broadening where individual spectral profiles varying in broadening 

from 0.1 to 1.0 eV were calculated to achieve the best qualitative and quantitative fit 

with experimental spectra. The STEM-EELS linescan direction and probe profile specifics 

based on the reported aberration values were furthermore considered in calculating the 

probed oxygen columns throughout the entire sample thickness. The correlation between 

the computed theoretical and experimentally acquired spectra is based on peak fitting. 

Each spectrum (experimental or simulated) is decomposed into a series of peaks, whose 

relative positions and subtended areas can be compared. The positions of the peaks 

were determined by using multiple linear least squares (MLLS) fitting comprised of 

Gaussians. Gaussian peaks were fit to lowest standard deviation based on an initialized 

standard set of Gaussian peak positions, intensities, and peak widths. By applying MLLS 

peak fitting for each acquired spectrum in the experimental linescan with an initial 

standard set of guesses for the variables, we are able to resolve relative trends in peak 

positions and intensities as a function of the linescan position. This analysis was robustly 

applied to attain the best fit with the data, within a 95% confidence interval. The 

positions and intensities of those peaks where finally tabulated and compared to 

investigate trends in the spectral character for both the collected the O K- and Fe L2,- 

edge spectra. 

 

Results and Discussion 

Structural characterization 

Figure 1(a) is a θ-2θ XRD plot that confirms the presence of a phase-pure BFO film 

grown epitaxially along the (001) direction on the LAO substrate, consisting of both the T 

and R phases. The lattice parameter along c-axis of the T-phase was measured to be 

0.464 nm and the c-axis of the strained R-phase to be 0.397 nm. Figure 1(b) is the 

corresponding AFM image of the film that reveals a striated topography, a characteristic 
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surface feature found for mixed phase BFO. Figure 1(c) is a high resolution STEM-HAADF 

image of the investigated R-T interface acquired along [001] zone axis orientation.  

Fourier Transforms (FFT), shown as inserts, also confirm the co-existence of both R and 

T phases. There is also a broad, low-intensity peak, with an approximate center at ~41.8 

degrees. Critically, despite a significant difference in the c/a ratio (~ 1.23 %)9 between 

the two phases, both coherently coexist at the interface without the need to form any 

structural defects. This low-intensity diffraction peak hints at the presence of an 

interfacial region with continuously varying strain in order to continuously relax from the 

T-phase to the R-phase. The fact that the peak is low-intensity and broad in nature 

means it stems from a phase that is either low in volume, or has progressive changes in 

lattice parameter, which would lead to significant peak broadening. Further, the AFM 

image reveals no such presence secondary phase crystallite. Given that our high 

resolution STEM images do not reveal any secondary phases or short-range ordering, 

this broad low intensity peak may very well represent diffraction from the interfacial 

transitional regions wherein the large out-of- plane strain is gradually relaxed from the T 

to R phase. The presence of an interfacial transition region was indeed discussed 

theoretically by Hatt31 et al., and forms the major focus of the latter part of this report. 

A Geometric Phase Analysis (GPA) of the R-T interface is shown in figures 1(d)-1(f) 

respectively for Exx, Eyy and Exy components of the strain tensor. The Exx component of 

the strain tensor (perpendicular to the interface) shows a clear distribution of strain 

variation between the R-T phases of the BFO. The strain component along the interface 

Eyy varies at a much lower level. The calculated misfit strain for R–phase BFO is ~ -

0.17%, compares well with the GPA ~-0.2%.  Similarly the T phase calculated misfit 

values at ~+0.14 matches well the GPA ~+0.18%. Thus, the strain mapping clearly 

confirms the expected lattice distortion between the R and T phases. Further, the GPA 

mapping is also in agreement with the previous report by Rossell et al., where they 

reported the misfit strain between R and T phases is predominantly in the out-of-plane 

direction.28 
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Fig.1 (a) XRD image confirming the presence of T and R phase BFO, (b) AFM image 

showing the topography of mixed phase BFO, (c) High resolution STEM-HAADF image of 

the R-T interface with the film in [001] zone axis orientation. The FFT insets confirm the 

co-existence of R-T phases. The small white circle indicates the extra diffraction spot for 

the T-phase. (d-f) Geometric phase analysis of image (c) showing the clear distribution 

of strain in the R and T phase BFO. The strain tensors Exx, Eyy, and Exy are shown as 

(d), (e) and (f) respectively. A flat region, approximately 1 to 2 nm from the R-T 

interface towards the R-phase, was selected as an internal reference and this is indicated 

by the black rectangular box in Fig.1 (c). The directional co-ordinates are same as shown 

in Fig.2(a). 

Electronic structure analysis using experimental O K EEL spectra 

In order to understand the electronic structure across the R-T phase boundary, we 

acquired a number of STEM-EELS linescans by moving the electron probe serially across 

the R-T phase boundary. An electron energy loss spectrum was recorded at each point. 

An example of this is shown in Figure 2(a), where the white line indicates the path of the 

line scan and individual circles being the location where some representative EEL spectra 
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were acquired. It goes from the R-phase point 1, brown circle) to T-phase (point 10, 

black circle). Since the focus of this study is the electronic structure and the concomitant 

role of atomic structure in driving ferroelectric properties, we probed the Fe-O bond by 

acquiring both the O K (531 eV) and Fe L2,3 (710 eV) core loss edges. The scan direction 

was from the R phase (point 1, brown circle) to the T phase (point 10, black circle) along 

the [110] unit cell direction.  

Fig.2 (a) Spectrum image of the R-T interface showing the region (white line) where the 

EELS scan was carried out. The directional co-ordinates are given as insert. (b) O K EEL 

spectra across the R-T interface, the experimental spectra is given by the solid black 

line, while the simulated spectra is shown as dotted color lines. Dotted vertical lines 

indicate the peak positions and their respective changes across the R-T interface.   

 

[100] 

[001] 
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The solid black lines in Figure 2(b) are the acquired STEM-EELS O K edge spectra for 

each location indicated on the white line, where subtle spectral changes are observed 

throughout the linescan across the R and T phases. These spectra typically consist of 

three low energy features, henceforth the labelled peaks 0 (532 eV), 1 (534 eV), 2 (537 

eV). No major change is observed in these three lower energy peaks. A broad hump-like 

feature, marked as peak 3, is observed at 538.5 eV in both the R- and T-phases. 

Following the first primary peak, two broad high-energy peaks labeled 4 (543 eV) and 5 

(546 eV) span the 540 to 550 eV energy range. These two broad peaks clearly inversely 

differ between the R- and T-phases.    

For ABO3-type perovskites the shape and intensity of the O K edge EEL spectrum can 

reveal minute structural and chemical changes.22, 37-39 In iron oxide systems, the O K 

edge typically consists of a low energy feature at the edge onset at 531 eV, which is a 

direct measure of iron’s valence state, whereas the higher energy loss peaks provide 

information regarding the Fe-O bonds.40, 41 Given the sensitivity of the O K edge to 

minute changes in lattice dimensions and surrounding electronic structure, we argue that 

the observed fine structure changes are likely related, at least in part, to the effect of 

strain on Fe-O bond lengths  

Electronic structure analysis using DFT O K EEL spectra  

In order to quantitatively assess the subtle changes in position, intensity, and width of 

these peaks, a least squares peak fitting procedure was carried out using Gaussian 

functions to model each of the aforementioned peaks: see Aguiar et al.,42 for further 

details on the procedure. The colored dotted lines in Figure 2(b), shows these fitting 

results, for a number of representative points across the entire linescan. The most 

striking spectral changes concern the edge onset (peak 0), which shifts to lower energy 

loss by ~ 1 eV when moving from the R to the T phase, and the fine structure associated 

with the secondary peak (peaks 4-5). The clearly observed shift in the edge onset of 
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peak 0 can be indicative of a change in iron valence between the two phases.43 Similarly, 

both peaks 4 and 5 shift to higher energy loss by approximately 1 eV. Additionally, 

whereas peak 4 shows a near constant intensity on either side of the interface, peak 5 is 

much weaker (and broader) in the T phase. Further details on changes in the peak 

position and peak intensity across the R-T interface are given separately in the 

supplementary section, S1.  

The clear behaviour associated with the fourth and fifth peaks is consistent with the 

previous XAS findings of Ko et al., who concluded the distinct levels of orbital anisotropy 

going from the T to the R phase effectively perturb the next nearest neighbour atomic 

configuration.10 Electronic transitions to the hybridized O 2p and Fe 4sp states are 

therefore directly affected. This is also in line with the findings of Ryu et al.,14 who 

showed very clearly that epitaxial strain had a profound influence on the degree of 

orbital overlapping, as well as the Fe-O-Fe bond angle. As noted by Saeterli et al.,44  

covalent bonding between the O p and Bi p states also contributes to the secondary 

peak.  

In order to fully understand this transition from the T phase to the R phase one needs to 

account for the subtle changes in the electronic environments as the electron beam 

traverses the boundary. For this purpose we resort to DFT modelling. We begin by 

setting up an idealized atomic-scale interface model in Figure 3 based on the STEM 

images. Figures 3(a) and 3(b) show the atomic arrangements for the T and R phases, 

respectively. The in-plane lattice parameter 0.375 nm and out-of-plane lattice parameter 

0.465 nm were considered respectively for T-phase BFO.8 For the R phase a pseudo-

cubic lattice parameter for 0.396 nm and α = 59.35 to 600 were considered.45 We 

assume initially that neither phase has any residual epitaxial strain, although this 

restriction is later removed. All unit cells used in our simulations use structural 

parameters either given by Hatt et al.,31 or earlier work of Rossell et al.7,28   In addition 

to these well-established BFO phases, we also considered the transitional interface 
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structures (Figure 3c) predicted by Hatt et al.31 These transitional structures are 

composed of the R-like Cc phase (we call this the R’ phase) and T-like Cc phase (termed 

here as T’), which result in a predicted transitional path of R (R3c)�R’ 

(Cc)�T’(Cc)�T(P4mm).  

 

Fig.3 (a), (b) and (c) Schematic of T-phase, R-phase and interface unit cells considered 

for DFT modelling respectively. The lavender balls represent Bi, brown represent Fe and 

red represent oxygen. 

A series of theoretical O K edge spectra were then calculated for the T and R phases, 

including the effects of additional structural perturbation (discussed below) as well as 

transitional phases (T’ and R’) (see the experimental methods section for further 

details).31 We note at this point that within DFT there is a limitation on calculating the 

exact state occupancies. So while DFT does calculate the relative peak positions within 

decent agreement with experiment, the experimental intensities of the peaks are often 

not fully reproduced by these models. Progressive trends in the spectra nevertheless are 

captured providing a particularly useful tool to assess the origin of spectral features. 

We begin by examining the effect of epitaxial strain on the O K spectral features for the 

T and R phase. Figures 4(a) and 4(b) show the predicted spectral changes due to the 

effect of an in-plane compressive strain applied to the reference T phase and R phase 

respectively. The calculated series is restricted to a limited range of structural distortions 
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with c/a being varied from 1.20 to 1.28 for the T-phase and 0.96 to 1.10 for the R 

phase. In the T phase, there are two non-equivalent oxygen positions. Calculations were 

carried out independently for both positions. We note that the conditions used here do 

not allow us to distinguish experimentally between these non-equivalent positions. In 

fact, the observed spectra, arise from a mixed contribution from both types of O 

columns.46 Both types of calculated spectra are remarkably alike and show very similar 

behaviour when varying epitaxial strain. Hence, they can be discussed together, while 

for simplicity an average of the two positions is shown on Figure 4(a). Six characteristic 

peaks, denoted as peak 0 to peak 5 are observed. Low energy peaks 0 and 1 show a 

very subtle variation (approximately merging into a single peak) as the strain is 

increased gradually, while peak 2 remains constant at all the c/a ratios. There is no 

change observed for the higher energy peaks (3, 4 and 5). We thus suggest that 

applying strain (along the c-axis) alone is not enough to perturb the next nearest 

neighbour atomic configurations (which were found to give rise to the changes in peak 5 

experimentally by Ko et al.).10  

On the other hand, in the R phase, (Figure 4(b)), for which there is only one type of O 

position, the low energy peak 2 shifts towards lower energy by ~ 1 eV, while all the 

other peaks (1,3 and 4) remain the same as the c/a is gradually increased from 0.96 to 

1.10. Most critically, we show that the peak at 0 position is either absent (or distinctly 

weak). As this low energy peak typically signifies a direct measure of the local valence 

state for the central iron cation, it presumably hints that the local electronic structure for 

Fe has begun to vary. As stated earlier, in the Fe-O system, the EELS signature primarily 

consists of a) a low-energy region (~530 eV) which is characteristic of the Fe valence 

state and b) a high-energy region (~545 eV) which is characteristic of the extended 

surrounding Fe-O bonding environment. Based on our present DFT calculations, it can be 

stated that in both the T and R phase, a subtle variation possibly affecting the Fe valence 

is observed under strain, while it appears that the Fe-O bonding is relatively insensitive 

to the applied strain in both the phases.  
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Fig.4 (a) The DFT based simulated O K EEL spectra for varied epitaxial strain (c/a 

varying from 1.2 to 1.28) for T-phase BFO, (b) the R-phase BFO O K simulated EEL 

spectra for different c/a (0.98 to 1.1), (c) and (d) the simulated O K EEL spectra for the 

T and R phase respectively for varied Fe cation displacement values. In all images 

spectral positions are marked with black dotted line for easy viewing. 

In addition to the influence of strain on the EELS fine structure, we also considered the 

effect of off-axial central displacement of the iron cation relative to the surrounding 

oxygen anions for a series of c/a axial ratios. These results are shown in Figure 4(c) and 

4(d) for the T and R phases, respectively. The values of cation displacements chosen 

correspond to those experimentally found by Rossell et al.,28 and Lubk et al.45 From 

Figure 4(c) it can be observed that cation displacements do not noticeably affect the O K 

edge fine structure in the T phase. In contrast Figure 4(d) shows that the pre-peak 

(numbered as 0) becomes less pronounced as the cation displacement distance is 

increased, although the higher energy peaks show no such variation. Therefore 

increasing the cation displacement in the R phase may result in a subtle change in Fe 

valence, which does not occur in the T phase. 

We next examine the O K edges calculated by DFT for the two interfacial T’ and R’ 

phases, shown in Figures 5(a) and 5(b) respectively. For the purposes of brevity, we 
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focus here on results for a fixed c/a axial ratio (i.e. a given level of strain) of 1.23 since 

it corresponds to the structure predicted by Hatt et al.31 We also note that the off-axial 

displacement of the central iron cation (given in [31]) relative to the surrounding oxygen 

anions is markedly distinct from the pure T and R phases. As suggested by Stokes et al. 

this distortion lowers the crystal symmetry into a polar space group,47 resulting in 

effectively the same perturbations as in the transitional tetragonal Mc phase and 

rhombohedral Ma phase.48 In these structures, the oxygen positions are thereby no 

longer equivalent and in order to capture the effects of the distortion on the EELS 

spectrum, we must again compute each distinct atomic oxygen spectrum. As per the 

theory the five-fold symmetry for the T’ phase results in 5 non-equivalent oxygen 

spectra and 4 non-equivalent spectra for the R’ phase, shown in Figure 5(a) and (b) as 

colored lines and labelled accordingly. However, due to experimental limitations the 

observed spectra will arise in practice from a combination of contributions from the 

different O sites. Therefore, for the DFT computations to be as realistic as possible and 

their comparison to the experimental data to be meaningful, a (weighted) average 

spectrum should be created from these 5 (or 4) constituents, ideally also taking into 

account the crystallographic direction because of the role of crystallographic anisotropy 

and channeling on the shape of the O K edge.49  This average spectrum is shown as the 

solid black line. 

The following observations are made:  

(a) for the T’ phase the pre-peak (0) intensity exhibits a broad shoulder, whilst for the R’ 

phase this peak is much sharper and more distinct. (b) in the same vein, peaks 1 and 2, 

computed by DFT for the T’ phase, are also less sharp than the corresponding peaks for 

the R’ phase. As previously mentioned44 peaks 1 and 2 indicate the strength of the 

hybridization between the O and Bi ions and hence indicate how Bi-O bond length 

changes affect the extended fine structure. It is not surprising that the larger Bi-O bond 

length in the T’ derivative compared to the R’ derivative would result in a weaker Bi-O 
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hybridization. (c) The strength of peak 3 increases comparing the T’ with the R’, whilst 

peaks 4 and 5 are much weaker in the T’ phase in comparison to the R’. Again, this 

would mean that the nearest neighbour interactions in the R’ phase have a stronger 

influence on the Fe-O bonding environment compared to the T’ phase.  

Fig.5 (a) Simulated O K spectra for the intermediate T’-like BFO phase with fixed c/a 

1.23 and (b) Simulated O K spectra for the R’-like BFO phase for a fixed c/a 1.23. In all 

images spectral positions are marked with black dotted lines for easy viewing. 

It is clear from these DFT results that no single effect, be it pure strain, cation 

displacement or even shear (due to stoichiometry and matching interface polarity the 

model must include a shear tilt if the transitional structure is to be considered- the effect 

of shear is discussed in supplementary S2), can fully explain the observed experimental 

changes. Some of the individual trends are well reproduced however, such as the 

relative intensity variations and shifts in peaks 4 and 5 in the T phase. An instructive 
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attempt at a point-by-point fit of the experimental linescan to the library of calculated 

spectra was thus made. Although obtaining a direct one to one match is highly 

unrealistic, the approach nevertheless establishes a direct correlation between DFT, 

electronic modifications, and EELS in order to build a simplistic picture of the structural 

evolution at the MPB.  

The modified statistical approach of Aguiar et al., was used to determine the closest 

match between experimental and calculated spectra.42 To keep the computations 

tractable, only the strain and displacements were varied for the entire ranges considered 

(as given in figure 4). The shear series was calculated for fixed strain and displacement 

values. This procedure, described in greater detail elsewhere (see supplementary S3), 

relies on a least-squares optimization to compare the intensities and positions of 

individual peaks (all modelled by Gaussian functions) of all spectra.  

The results of this fitting procedure are shown in Figure 6. (see supplementary S3 for 

fitting parameters). In each case a heavy dashed line represents the best fit. We note 

that the fitting procedure was done in a “blind” fashion. That is, no a priori knowledge 

was assumed and for each spectrum each of the above parameters was varied across 

the entire range. Following this a best-fit candidate was chosen. The best match to the 

spectra identified by brown, red and yellow coloured small circles in Figure 6 is obtained 

with theoretical spectra calculated from R-phase BFO. This is reassuring as indeed this 

region corresponds to the R-phase. On the other hand, for the spectra identified as blue, 

dark red and purple small circles, in the vicinity of the interface, the best fit is only found 

when using a transitional T' phase model with c/a=1.18 and a smaller Fe cation 

displacement taken from the model of Hatt et al. The statistical EELS analysis thus 

appears to confirm experimentally the presence of this intermediate structure at the 

MPB, over a spatial extent of less than 1 nm. Finally, from that point onward, (spectra 

identified by a grey small circle and above), the observations are consistent with a 
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relatively relaxed T phase with a c/a=1.28, which is consistent with the progressive 

effects of octahedral tilting and Fe-O bond elongation reported by other groups.22, 28  

However, the simulations show that even taking into account each of the aforementioned 

factors cannot faithfully reproduce the trends shown for peaks 2 and 3, in particular 

when we move to the top section of figure 6 (i.e. the T phase). Nevertheless, the 

behavior of the extended near peaks 4 and 5 is well reproduced. These spectral features 

are where the most obvious changes occur within the experimental dataset, and, 

crucially, such higher loss fine features typically act as fingerprint for bond linearity and 

extended structure geometry (2nd and beyond nearest neighbours). Importantly, the 

suppression of peak 5 in the T phase coming from the R phase (arguably the most 

striking difference in fine structure between the two phases) is correctly identified by our 

EELS analysis. The intensity of this peak is linked to the nearest neighbor distances from 

the Fe cation. This is smaller in the R phase compared to the T phase. Reproducing 

faithfully the observed trends here, even if the earlier fine features are less well-

reproduced, therefore comforts us in our conclusion that we are obtaining real insights 

into the structural transition at the boundary. 
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Fig.6 O K EEL spectra across the R-T interface matched to experimental data using the 

modified statistical approach. Best fit is achieved for transitional T’ phase BFO over a 

length scale of ~ 1nm (spectra between blue, dark red and lavender colors), while at 

other regions the simulation matches with individual R (green color) and T (red color) 

phases.  

Electronic structure analysis using experimental Fe L2,3 EEL spectra 

The magnetic behaviour of BFO is due in large part to the significant displacement of the 

central Fe cation with respect to the surrounding octahedral shell, which is expected to 

influence the crystal-field splitting of 3d orbital energy levels. The work of Ryu et al.,14 

already confirmed the intimate interdependency between epitaxial strain and the 

electronic structure of the Fe-O bond, and thus magnetism in strained single-phase BFO 

epitaxial thin films. The careful comparison of theoretical and experimental O K spectra 

presented above seems to confirm this, and the analysis hints at the presence around 
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the MPB of a small region where BFO conforms to a transitional T' phase, for which the 

Fe cation is displaced by up to 0.1 Å (0.01 nm). We therefore turn our attention to the 

sensitive Fe L2,3 spectral lines, which originate from transitions between the spin-orbit 

split levels Fe 2p3/2 and Fe 2p1/2 (2p63d5) to empty Fe 3d-states (2p63d6) above the Fermi 

level.50, 51 Fe L2,3 core loss spectra are known to vary with the oxidation state for the Fex+ 

cation.52 A thorough analysis of the Fe L2,3 core loss spectra therefore needs be 

performed to accurately account for the possible changes in electronic structure: indeed, 

sets of iron-containing standards including ferromagnetic Fe3O4, (3+ and 2+) and γ- 

Fe2O3, (3+ and 2+) 15 or anti-ferromagnetic α-Fe2O3, (3+) 53 all have well-documented 

and very distinct Fe L2,3 fine structure to which our experimental data can be compared 

and form a basis for our detailed spectral analysis. 

The experimental Fe-L2,3 EEL spectra are shown in Figure 7(a) as solid red lines. The Fe 

L2,3 spectra is characterized by three distinct peaks marked as 0, 1 and 2. A pre-peak 0, 

appearing at ~ 704 eV, forming a part of the L3 peak and known as the L3a peak, is very 

distinctly observed up to the dark red spectrum which essentially corresponds to the R 

phase. On further moving into the T phase, this feature disappears. The characteristic 

main component of the Fe L3 peak, labeled here as peak 1 known as the L3b peak, 

appears at ~ 707 eV and its intensity is constant in both T and R phases. Peak 2 shows a 

broad diffuse feature in both phases. The associated peak splitting of the L3 peak and the 

presence of a stronger peak 0 in the R phase is a direct consequence of octahedral 

crystal field splitting of the Fe 3d states into the t2g and eg levels. 
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Fig.7 (a) Experimental EEL spectra for Fe L2,3 across R-T interface represented by red 

solid line and simulated  EEL spectra represented by dotted black line. The peaks are 

marked as 0 to 2 and represented using vertical black dotted lines for easy viewing, with 

the L3a and L3b peaks respectively labeled as peaks 0 and 1. (b) The estimated Fe 

valence change across the R-T interface calculated based on peak fitting of the L3 EEL 

peak (details in S4).  

Electronic structure analysis using simulated Fe L2,3 EEL spectra 

The experimental EELS Fe L2,3 spectra were analyzed using MLLS peak fitting and fitting 

results are presented in Figure 7(a) as dotted black lines. Individual Gaussian peaks 

used for the fit are also referred to by the same peak numbers at their respective 

energies. Peak fitting clearly confirms the visual inspection of the experimental spectra. 

The first spectral feature, peak 0, present in the R phase as a shoulder approximately 

1.6 eV before the dominant Fe L3 peak, disappears as the probe moves towards the T 

phase. This shoulder (peak 0) is typically observed when iron is in Fe3+ octahedral 

coordination, due to the presence of an unpaired electron at the lower energy state (t2g). 

L
3
a 

L
3
b 
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The splitting to lower energy loss and the disappearance of this peak are therefore 

indicators of changes in the atomic binding environment surrounding the Fe cations, and 

possibly point to a reduction of Fe-O octahedral symmetry 41 going from strained R to a 

5-fold symmetry in the strained T phase. As noted elsewhere by Rossell et al.,28 the full 

crystal field splitting cannot be resolved experimentally along this orientation since in the 

highly strained T phase one oxygen is displaced to a non-bonding pair, resulting in a 

change in coordination from an octahedron to a square pyramidal shape with reduced 

Fe-O bond length. In agreement with their observations, we also cannot clearly observe 

the splitting in the raw experimental spectra, but the peak fitting procedure clearly 

demonstrates that these subtle structural changes are still having some effect on the 

EELS fine structure.  

It is possible to estimate quite accurately the Fe oxidation state based either on the L3 to 

L2 intensity ratio54 or the specific peak shape.43 In Figure 7(b), the oxidation state of Fe 

was estimated point by point along the linescan using the latter, where peak fitting of 

the L3 peak allowed for a precise description of the peak shape. We note that the 

integrated L3 to L2 intensity method leads to very similar results (not shown here). The 

L3 peak spectral character was only assessed after subtracting the decaying background 

using step profiles spectra.43, 55, 56 From Figure 7(b), it is observed that the Fe valence is 

around 2.75 to 2.8 in the R phase, but drops to around 2.6 to 2.7 at the interface region 

and reaches a value of 2.8 in the T phase for both methods. The L3/L2 intensity ratio is 

shown as blue square markers, while the peak position results are shown as red circle 

markers. This valence 'map' therefore qualitatively confirms the above discussion, with a 

clear drop in valence state around the transition area. We note, however, that far from 

the boundary layer and away from the nanodomains, the iron oxidation state would be 

expected to nearly reach a 3+ cation configuration: clearly this is not achieved, which is 

very likely due to the nanometer size of the various domains. In the region observed, 

the proximity between domains means no single R or T nano-phase can reach a near-

bulk state (see supplementary material S4).  
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We are now in a position to understand the systematic changes due to the imposed 

epitaxial strain across the R-T boundary. The interfacial electronic structure is not only 

affected by a change in iron valence, but also the bond distance changes with 

neighbouring atoms, as revealed by the concurrent analyses of O K edge and Fe L2,3 

edge spectra. Across the boundary and into the T phase, the applied strain has a 

significant effect on the coordination geometry, leading to an increasing degree of 

square-pyramidal (5-fold) coordination in place of octahedral coordination. Other 

structural effects such, as displacement of central cation or unit cell shear, were also 

found to bear on the spectral trends observed for the experimental O K edge, especially 

with regards to the elongation of the Fe-O octahedron in the T phase. By contrast, the R 

phase shares no similar shift of Fe-O octahedra and therefore the 3d orbital splitting is 

nearly resolved. Nevertheless, there still exists residual epitaxial strain, which induces a 

monoclinic symmetry and a displacement of the central Fe cation as noted by others.31 

For such a case the energies of the ligand field (eg and t2g) are comparable to traditional 

perovskites57 and there is no free electron at the low energy state. The gap between 

high and low energy levels is very narrow (~0.45 x octahedral split energy).58 Due to 

this narrow gap, the higher energy states are filled. Under these same conditions, the 

energy required to displace an electron into a higher orbit is lower than the related 

pairing energy59 and, hence, provides additional electrons for creating magnetic 

moments in agreement with previous XAS and X-ray absorption near edge structure 

(XANES) analysis of strained single-phase BFO.14 

Finally, we note that we did not resolve the presence of ordered or confined oxygen 

vacancies as was shown recently by Borisevich et al.60, 61 for related, although not 

necessarily identical, samples. Whilst there is ample evidence that oxygen vacancy 

ordering plays an important role in the functional behaviour of complex oxide thin films, 

we simply do not see those here. This does not preclude the presence of vacancies as 

such in our samples. It means currently we do not have evidence how their ordering will 

influence the observed effects at the R-T interface. Furthermore, the DFT computations 

Page 24 of 33Journal of Materials Chemistry C

Jo
ur

na
lo

fM
at

er
ia

ls
C

he
m

is
tr

y
C

A
cc

ep
te

d
M

an
us

cr
ip

t



25 

 

discussed here already take into account a fairly large parameter space. Targeting the 

influence of vacancies on specific BFO phases forms the part of a future study, where the 

mean field theory is already in place by some of the co-authors.62 

Conclusion 

A systematic experimental investigation of the structural and electronic structure at the 

R-T phase phase boundary in (001)-oriented mixed phase BFO films was performed. The 

goal was to understand the role of perturbation imposed by the epitaxial strain at the 

phase boundary on the progressive changes in the physical and electronic structure 

across the phase boundary layer. STEM/EELS linescans performed across the boundary 

reveal significant and progressive changes in the O K and Fe L2,3 edge EEL spectra. 

Quantitative analysis of the Fe L2,3 edge confirms that in the vicinity of the R-T boundary 

the Fe valence is altered. This can, in turn, be put forward to explain the changes in 

magnetic behaviour associated with the formation of the T phase thereby revealing the 

microscopic correlations between the origins of the observed magnetic ordering and the 

lattice structure. Thus, perturbations in the electronic structure imposed by the epitaxial 

strain are crucial to the origins of the reported magnetism and multiferroic properties 

associated with mixed phase BFO. 
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A combination of atom column-by-column scanning transmission electron 

microscopy and density functional theory shows how epitaxial strain  

systematically alters the local electronic structure in  mixed phase bismuth 

ferrite thin films. 
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