
Journal of
Materials Chemistry A

PAPER

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 0

2 
M

ar
ch

 2
02

6.
 D

ow
nl

oa
de

d 
on

 3
/2

3/
20

26
 2

:5
0:

42
 A

M
. 

 T
hi

s 
ar

tic
le

 is
 li

ce
ns

ed
 u

nd
er

 a
 C

re
at

iv
e 

C
om

m
on

s 
A

ttr
ib

ut
io

n-
N

on
C

om
m

er
ci

al
 3

.0
 U

np
or

te
d 

L
ic

en
ce

.

View Article Online
View Journal
Structural effects
aDepartment of Materials Science and Engin

University Park, PA, 16802, USA. E-mail: lzs
bCenter for Nanophase Materials Sciences, O

TN, 37831, USA
cChemical Sciences Division, Oak Ridge Nat

USA
dDepartment of Chemistry, Institute for A

University of Tennessee, Knoxville, TN, 3799
eDepartment of Chemistry, The Pennsylvan

16802, USA
fInstitute for Computational and Data Scie

University Park, PA, 16802, USA
gMaterials Research Institute, The Pennsylva

16802, USA

Cite this: DOI: 10.1039/d5ta10111e

Received 10th December 2025
Accepted 1st March 2026

DOI: 10.1039/d5ta10111e

rsc.li/materials-a

This journal is © The Royal Society
of composition tuning in A-site
disordered perovskite La0.5Li0.5−xMxTiO3 (M = Na,
K) nanorods for fast interfacial transport for solid
composite electrolyte design
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Polymer-ceramic composite electrolytes (CPE) have emerged as promising replacements for currently

used liquid organic electrolytes, which pose as safety hazards, in Li-ion batteries. Limits in conductivity

enhancement in CPEs is often attributed to a high resistance for Li-ion transport along the interface due

to the incompatibility of the polymer and ceramic phases. A clear understanding of the interfacial

structure and how this impacts interfacial Li-ion transport is needed in order to efficiently design a CPE

with optimal ionic conductivity. In this study, density functional theory (DFT) calculations, in conjunction

with scanning transmission electron microscopy (STEM) and electron energy loss spectroscopy (EELS),

are used to unveil the bulk and surface structure of La0.5Li0.5−xMxTiO3 (M = Na, K) (LMTO) nanorods,

a newly-reported ceramic system with promising applications in CPEs, and the LMTO interactions with

the poly(lithium sulfonyl (trifluoromethane sulfonyl)imide methacrylate) (p(MTFSILi)) polymerized ionic

liquid. Substitution of lithium for sodium and potassium onto the A-site perovskite lattice is shown to

increase the stability of the preferred pseudocubic perovskite phase because of their increased cation

size which allows them to reduce the TiO6 octahedral rotations in the bulk and at the surface. STEM and

EELS results show that LMTO nanorods with differing compositions have Ti-enriched (110)-oriented

surfaces. Increased sodium and potassium compositions in LMTO is also shown using the DFT

calculations to weaken the binding of the lithium atom to the MTFSI unit when LiMTFSI is adsorbed to

the LMTO surface. This weakening of lithium binding to the polymer at the LMTO interface indicates that

the lithium mobility is increased, correlating to an increase in interfacial Li-ion transport. Overall, this

work provides insights into how to tune the interfacial interactions between the polymer (p(MTFSI)) and

ceramic (LMTO) for optimal CPE design.
1. Introduction

With the increasing energy demands of a growing world, the
need for safe and high-performing energy storage devices, such
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as Li-ion batteries, is high. Currently-used Li-ion batteries are
composed of liquid organic electrolytes, which have the
potential to cause public alarm with reported res and explo-
sions due to their low electrochemical and thermal stability,
toxicity, and ammability.1–4 As alternatives to liquid organic
electrolytes, solid polymer electrolytes (SPEs), ceramic electro-
lytes, and solid polymer-ceramic composite electrolytes (CPEs)
have been proposed.1,2,5,6 SPEs are good alternatives because of
their promising electrochemical and thermal stability, safety,
processability, and adhesion to electrodes but, even with
signicant research progress in the eld, they do not yet exhibit
ionic conductivity that is sufficiently high.1,3–5,7

Li-ion transport in polymers, such as poly(ethylene oxide)
(PEO) with dissolved lithium salts, is attributed to the
segmental motion of the polymer chain, so the limit in ionic
conductivity in polymer electrolytes is attributed to their high
glass transition temperatures and semi-crystalline room
J. Mater. Chem. A
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Fig. 1 Schematic showing (left) Li interfacial transport pathway along the aligned LMTO nanorods and (right) the interaction and length scale that
DFT calculations can probe.
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temperature structure, which restrict polymer chain
mobility.1,3,6 Ceramic electrolytes typically have high room
temperature Li-ion conductivities while also maintaining good
safety and electrochemical and thermal stabilities.2,6 Unfortu-
nately, ceramic electrolytes are not ideal for practical applica-
tions because of their poor adhesion to electrodes and
processability, which is crucial for batteries.3,6,7 To take advan-
tage of the properties of both SPEs and ceramics, CPEs were
developed, and some have been shown to have high ionic
conductivity properties and mechanical strength while also
having good stability, safety, and adhesion to electrodes.2,5–7

In CPEs, a ceramic, inorganic ller is added to the polymer
matrix. The addition of the ceramic ller reduces polymer
crystallization and helps increase the segmental dynamics of
the polymer chains, thus increasing the ionic conductivity.6

This inorganic ller can either be active with a room tempera-
ture Li-ion conductivity higher than the polymer, or inert with
no signicant Li-ion conductivity.3,5–8 When the inert ceramic
and polymer phases are combined in the CPE, there are two
pathways for ions to transport through the system: (i) through
the bulk polymer phase only and (ii) in the polymer interfacial
layer along the polymer-ceramic interface.3,6,7,9 When an active
ceramic ller is used, an additional pathway mostly through the
ceramic particles is possible; however, we have shown that
whether this mechanism is present is critically dependent on
the value of the polymer-ceramic interface ion exchange
time.3,6,7,10 Two of the pathways, through the bulk ceramic phase
and through the bulk polymer phase only, are well studied,
while the kinetics and mechanisms of interfacial ion transport
is mostly unknown and yet to be elucidated.6,7 For most CPEs
where the volume fraction of the ceramic ller, whether active
or inert, is lower than that of the polymer (termed “ceramic-in-
polymer”), the major conduction pathway is through the poly-
mer matrix, suggesting that the ion conduction mechanisms
are through the polymer and along the interface and thus the
bulk ionic conductivity of the ceramic ller does not contribute
to conductivity enhancement.2,6,7,11 Consequently, limitations in
conductivity enhancement compared to the corresponding SPE
in the composites is attributed to high interfacial resistance to
transport along the polymer interfacial layer.2,6,7,11–13

High interfacial resistance to ion transport originates from
the incompatibility and adherence of the polymer and ceramic
components, which negatively impacts ionic conductivity in
many CPEs.6 This means that understanding and tuning
J. Mater. Chem. A
interfacial polymer/ceramic electrostatic interactions and ion
transport along and across the interface is key to designing
a high performing CPE. We know from models, such as the
Anderson-Stuart model developed for silicate glasses, that for
small ions, such as lithium, electrostatic interactions are the
main contribution to the activation barrier for ion transport in
polymer electrolytes.14 The importance of electrostatic interac-
tions transfers from polymer electrolytes to composite electro-
lytes, especially for reducing activation barrier and therefore
enhancing ion transport both in the bulk polymer and along the
polymer-ceramic interface. Because of the complexity of the
interfacial structure and the limitations in experimental tech-
niques that can probe and analyze the interfacial processes,
there are few methodical studies to design and understand the
polymer-ceramic interface in literature, with most studies
utilizing a screening method with sporadic choices of polymer
and ceramic components.6,7

The use of computational methods, such as density func-
tional theory (DFT), alongside experimental synthesis and
testing allows for a deeper understanding of the CPE structure
and transport mechanisms. In DFT calculations, which are
electronic-scale, quantum-mechanics based calculations, the
system is constrained to a few hundred atoms. Due to the size
restrictions of DFT, the polymer phase is represented by
a monomer unit, which we term a polymer fragment for the
purposes of this work, and is added to the ceramic slab as an
absorbate. While this representation of the CPE surface
removes any of the segmental dynamics of the polymer which
are important for ion transport, these calculations provide
valuable information regarding the electrostatic interactions at
the interface which play a key role in ion transport at the
nanometer scale, specically at the polymer-ceramic interface,
as seen in Fig. 1. DFT calculations are also static at absolute
zero, meaning static properties, such as adsorption energy and
lithium binding energies, are being calculated to subsequently
lend insight into kinetic properties.

In previous work, DFT calculations were used to correlate
adsorption energy (Eads) and lithium binding energy (ELibind) to
experimentally obtained ionic conductivity measurements for
dual-ion conducting (DIC) poly(ethylene oxide) (PEO) – based
CPEs with lithium bis(triuoromethane sulfonyl)imide (LiTFSI)
salt and either Al2O3, perovskite La0.8Sr0.2Ga0.8Mg0.2O2.55

(LSGM), or uorite Gd0.1Ce0.9O1.95 (GDC) as the ceramic ller.15

Specically, a more negative adsorption energy, corresponding
This journal is © The Royal Society of Chemistry 2026
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to more favorable surface interactions between the LiTFSI and
ceramic slab, was found to correlate with a less negative lithium
binding energy, meaning the lithium atom is less strongly
bound to the TFSI anion.15 Therefore, for a calculation of
a LiTFSI molecule with either a Al2O3, GDC, or LSGM slab, static
DFT calculations were able to accurately explain experimental
kinetic properties, ultimately showing that enhanced surface
adsorption interactions between the phases can help to
enhance lithium transport in DIC CPEs, where the anion and
cation are both mobile.15

In our previous work, a ux synthesis method was reported,
allowing for the synthesis of A-site disordered cubic (Pm�3m) or
pseudocubic (P4/mmm) perovskite La0.5Li0.5−xMxTiO3, M = Na,
K, (LMTO) nanorods with high surface area.16 The development
of the ux synthesis method solved one of the long-standing
issues of synthesizing a cubic or pseudocubic perovskite
phase LLTO, which is a commonly used superionic ceramic
ller.3,8,16 The cubic or pseudocubic perovskite phase is
preferred for ionic conductivity properties because it has a more
disordered distribution of lithium, lanthanum, and vacancies
(if any) than other lower-symmetry perovskite polymorphs, such
as the layered tetragonal (P4/mmm) and orthorhombic phases
(Pnma), for example.8,17 It should be noted here that, in our
previous work, Rietveld renement of XRD data for LMTO
nanorods showed equally good ts of both the cubic and
pseudocubic perovskite phase.16 The pseudocubic phase (P4/
mmm) is very nearly cubic (Pm�3m), with slight distortions in one
dimension of the crystal lattice due to octahedral distortions
slightly lowering the symmetry of the crystal structure.18 Ionic
radii differences between the Li+, Na+, K+, and La3+ cations on
the cation suggest that the crystal should be slightly distorted
from cubic phase and favor the pseudocubic phase.

Because of the ux synthesis medium used to make the
nanorods, it was found that sodium and potassium atoms also
uniformly occupied the A-site alongside lanthanum and
lithium.16 This was determined through energy dispersive X-ray
spectroscopy (EDS) measurements, which showed a uniform
distribution of Na, K, and La across the bulk LMTO nanorod,
and XRD renement.16 LLTO is an A-site superionic perovskite,
but, in this work, the A-site vacancies were mostly lled to allow
for the controlled study of the ion transport mechanism along
the interface.9,16 Tolerance factor calculations were reported to
show that the addition of sodium and potassium on the A-site
lattice can help stabilize the cubic or pseudocubic perovskite
LMTO phase due to the larger ionic radii of the sodium and
potassium ions at XII coordination.16 It is important to note
that, while the tolerance factor is a good predictor for perovskite
phase, synthesis conditions such as thermal history can lead to
LLTO samples with similar compositions adopting different
crystal structures.17,19–23 When Li0.11Na0.24K0.02La0.43TiO2.82

nanorods (LMTO-800) were combined with a single-ion con-
ducting (SIC) copolymer formed with vinyl ethylene carbonate
(VEC) and lithium sulfonyl (triuoromethane sulfonyl)imide
methacrylate (LiMTFSI), the subsequent CPE with 50 wt%
LMTO had a room temperature bulk conductivity of 3.0 ×

10−5 S cm−1, an approximate two-fold enhancement compared
to the corresponding SIC SPE which has a bulk room
This journal is © The Royal Society of Chemistry 2026
temperature conductivity of 1.4 × 10−5 S cm−1.9,16 CPEs with
commercially-available LLTO were also analyzed and showed no
conductivity enhancement.9,16 In further work and character-
ization of these LMTO and LiMTFSI based CPEs, the enhance-
ment in conductivity was attributed to the formation of
a percolating interfacial polymer layer, which facilitates faster
lithium-ion transport by mitigating ion–ion correlations,
approximately 5 nm thick around the LMTO nanorods. The
nanorod morphology, with a small average diameter (∼33 nm)
and high aspect ratio (∼5), is advantageous for CPE applications
because the nanorods can align to form a continuous interfacial
transport pathway for ions, as seen in Fig. 1.2,3,9,16,24 Li tracer
exchange nuclear magnetic resonance (NMR) spectroscopy for
the LMTO and LiMTFSI based CPEs conrmed that LMTO acts
as an inert ceramic ller, with no exchange of lithium ions
between the polymer and ceramic phases seen even at long
timescales.9,10 Therefore, electrochemical measurements in
conjunction with NMR measurements of the LMTO-based CPE
revealed that the enhancement in conductivity is attributed to
an increase in interfacial ion transport.9,10 It was suggested that
the addition of sodium and potassium ions in LMTO could
enhance the interfacial lithium-ion transport mechanism, but
no direct proof was reported.16 This could suggest that tailoring
the A-site composition of the LMTO nanorod can help to tune
LMTO surface interactions with the polymer, helping to
enhance interfacial Li-ion transport and consequently the total
ionic conductivity of the CPE.

Here, we use DFT calculations to evaluate the impact that the
LMTO structure has on phase stability and interactions between
the ceramic surface and p(LiMTFSI) polymer. First, bulk LMTO
calculations of pseudocubic and orthorhombic perovskite
phases show that the decomposition enthalpy gap between the
phases is reduced with increasing sodium and potassium
content. Structurally, Ti–O and La–O bond length distributions
narrow and the octahedral TiO6 rotations reduces, with the
average TiO6 octahedral rotation angle decreasing (trending
towards fully symmetric and cubic) with increasing sodium and
potassium content. As previously reported, this can be attrib-
uted to the increased sodium and potassium ion size, allowing
them to more stably occupy the large A-site. Our High Angle
Annular Dark Field (HAADF) Scanning Transmission Electron
Microscopy (STEM) and Electron Energy Loss Spectroscopy
(EELS) results then probed the LMTO nanorod surface to reveal
their (110)-oriented and Ti-rich surface chemistry, which was
shown to not change with LMTO composition. These surface
chemistry studies then informed the modeling, where DFT
calculations of Ti-terminated and (100)-oriented LMTO slabs
showed that the electrostatic interactions between LMTO and
MTFSI increase with sodium and potassium composition. This
indicates that the surface with sodium and potassium is more
energetically stable and has stronger interactions with the
polymer, leading to a reduced binding of lithium to the anion
unit and thus increased mobility of lithium at the interface.
Overall, this combination of experimental and computational
techniques across length scales provides unique insights into
the interactions that impact interfacial ion transport and indi-
cates how best to design Li-conducting CPEs with enhanced
J. Mater. Chem. A
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conductivity. Specically, tuning the interfacial chemistries and
developing methods to quantify the interfacial ion transport
pathway is key to CPE design for next-generation Li-ion
batteries.

2. Methods
2.1. Density functional theory calculations

Non-spin polarized DFT calculations were done with a plane
wave basis set and the projector augmented wave (PAW)method
as implemented in the Vienna Ab Initio Simulation Package
(VASP) 6.3.0.25–30 The r2SCAN meta-generalized gradient
approximation and the r2SCAN + rvv10 meta-generalized
gradient approximation (metaGGA) with nonlocal van der
Waals corrections were selected as the exchange functional for
the bulk and surface calculations, respectively.31–34 For all the
DFT calculations, we utilized the pseudopotentials from the
PBE PAW dataset (version 54, September 2015 release). These
pseudopotentials, although developed for the Perdew–Burke–
Ernzerhof exchange functional, are used for metaGGA calcula-
tions as well.35 Table S1 in the SI provides a list of the specic
POTCAR or pseudopotential used for each element in the
calculation, which were implemented in our calculations using
the MPScanRelaxSet class in pymatgen.36 An energy conver-
gence criterion between self-consistent cycles of 10−5 eV and
a force convergence criterion of 0.02 eV Å−1 were used in the
DFT calculations.

For the bulk LMTO calculations, fully ordered models of the
pseudocubic (P4/mmm) and orthorhombic (Pnma) structures
were studied. We note that this is not a comprehensive review of
the various perovskite polymorphs and congurational
complexity, such as partial oxygen occupancy, cation vacancies,
and lithium positional disorder and occupancy of interstitial
sites, that are possible for the Li0.5−xMxLa0.5TiO3 (M = Na/K)
system.18 Instead, our bulk LMTO calculations aim to isolate
the role of lattice symmetry and A-site chemistry on structural
and energetic behavior. Experimental XRD renement suggests
a structure that can be described as cubic or pseudocubic,
consistent with the average A-site ionic radii. Accordingly,
pseudocubic (P4/mmm) was selected to represent the high-
symmetry limit, while orthorhombic (Pnma), which is
a common tilted perovskite structure and is a predicted ener-
getically stable LaTiO3 polymorph on the Materials Project
database, was used as a representative low-symmetry
phase.16,18,38–53 With this in mind, a structure le of pseudo-
cubic (P4/mmm) perovskite phase LaTiO3 was obtained from the
Inorganic Crystal Structure Database (ICSD) and a structure le
of orthorhombic (Pnma) perovskite phase LaTiO3 was obtained
from the Materials Project database.18,38–53 Again, the pseudo-
cubic perovskite phase is very nearly cubic, with small TiO6

octahedral rotations causing a slight distortion in one of the
lattice parameters.18 Both the orthorhombic and pseudocubic
crystal structure unit cells along with lattice position descrip-
tions showing the A-site, Ti-site and O-site locations are seen in
Fig. S1 in the SI. Special quasirandom structures (SQS) of
Li0.5−xMxLa0.5TiO3 (M = Na or K) were constructed for various x
compositions ranging from 0 to 0.50 using the integrated
J. Mater. Chem. A
cluster expansion toolkit (ICET).54,55 The SQS supercell sizes
were 80 atoms for the pseudocubic structures and 160 atoms for
the bulk orthorhombic structures. Full DFT relaxations were
then done to allow atom positions and lattice parameters to
optimize using the conjugate gradient algorithm.26 A Mon-
khorst Pack k-point mesh of 8 × 8 × 8 and 6 × 6 × 4 was used
for the pseudocubic and orthorhombic unit cells respectively
and scaled based on the supercell size of the SQS structures.56

Decomposition enthalpies (DHd) of the pseudocubic and
orthorhombic LMTO structures were calculated using the
binary oxides for reference values as:

DHd ¼ ELi0:5�xMxLa0:5TiO3
�

hnLi
2
ELi2O þ nM

2
EM2O þ nLa

2
ELa2O3

þ nTiETiO2

i
;M ¼ Na or K

(1)

where ELi0.5−xMxLa0.5TiO3
is the DFT computed energy of the LMTO

SQS structure, ni is the number of atoms of species i in the
supercell, and ELa2O3

, ELi2O, ETiO2
, and EM2O are the DFT ground

state energy per formula unit of the binary oxides for A-site
cations in the LMTO structure.57 For the binary oxide calcula-
tions for reference energies, the same DFT calculation criteria
were applied as was done for the bulk LMTO structures.

For the surface DFT calculations, fully ordered LMTO surface
models were generated from the cubic perovskite lattice, which
provides high-symmetry reference planes and consistent slab
construction. During DFT relaxation, LMTO surface atoms are
free to distort, effectively capturing local pseudocubic relaxa-
tions while avoiding artifacts from pre-imposed low-symmetry
distortions. Also, due to the computational cost of these
surface calculations, starting from the higher symmetry cubic
(Pm�3m) can improve DFT convergence issues and the cubic/
pseudocubic distinction is so subtle that surface properties
from DFT will not be strongly affected. 4 × 4 supercell (in-
plane), symmetric, Ti-terminated LMTO slabs that were 11.877
Å thick, with two AO layers and three TiO2 layers, composed of
288 atoms, and separated by a vacuum layer approximately 15 Å
thick along the orthogonal, (100) direction were generated from
the cubic LaTiO3 unit cell.18,58 Lanthanum atoms were then
randomly replaced with lithium, sodium, and potassium atoms
to achieve the desired Li0.5−xMxLa0.5TiO3 composition (x), with
x varying from 0 to 0.5, while still maintaining symmetry within
the slab along the orthogonal direction. The A-site composition
was also kept constant among all the A-site layers within the
slab. Similar to that done for the bulk LMTO DFT models di-
scussed above, compositional complexity, such as partial
occupancy of lattice sites and off-center lithium sites that has
been reported in LLTO structures, are not considered in our
surface LMTO DFT models.18 This allows us to draw clear
conclusions regarding the effect of A-site chemistry with the
substitution of Na and K on the A-site lattice on subsequent
surface properties.

As previously discussed, in DFT calculations because of the
size limitations, the polymer phase is approximated as a poly-
mer fragment or monomer. In our work, the polymer of
importance is p(MTFSILi), a Li-conducting and single-ion
This journal is © The Royal Society of Chemistry 2026
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Fig. 2 Example structure of polymer fragment ((a) LiMTFSI and (b)
MTFSI) and LMTO slab interface used in DFT surface calculations. (c)
Skeletal representation of LiMTFSI polymer fragment.37
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conducting polymer where the only mobile species in the bulk
polymer phase and along the interface is the Li+ cation. Our
work has focused on SIC-based composites since these
composites have minimized space charge layers along the
polymer-ceramic interface and likely have less tight coordina-
tion with Li + cations which is a common issue with dual-ion
conducting PEO-based composite electrolytes. Following this,
a LiMTFSI polymer fragment structure, with the chemical
bonding seen in Fig. 2c, was built using the Amsterdam
Modeling Suite with atom positions pre-optimized with the
Universal Force Field (UFF).59,60

For the following surface and polymer fragment DFT calcu-
lations, the atom positions were allowed to fully relax using the
conjugate gradient method while the cell volume and shape was
held constant. Dipole corrections were also applied along the
orthogonal, (100) direction and a Monkhorst Pack k-point mesh
of 1 × 2 × 2 was used.56 The atom positions in the middle three
layers within the LMTO ceramic slab were held constant during
all the calculations using selective dynamics to allow the atoms
in the outer layers to relax to their surface-like positions. Three
sequential calculations were done for each LMTO slab compo-
sition. First, a DFT calculation of the LMTO slab was done. The
LiMTFSI polymer fragment was then added as an absorbate
approximately 3 Å from the LMTO slab, as seen in Fig. 2a, and
a DFT calculation was conducted. The LiMTFSI polymer frag-
ment was placed at the same location across all calculations
with the S]O and C]O groups closest to the ceramic slab,
following the previous ndings with LiTFSI.15 Finally, the
lithium atom from the LiMTFSI was removed, as seen in Fig. 2b,
This journal is © The Royal Society of Chemistry 2026
and another DFT relaxation was done. It is important to note
that these two subsequent and dependent calculations of
LiMTFSI/LMTO then MTFSI/LMTO are required to calculate Li
binding energies from eqn (6) and capture the possible inter-
facial electrostatic interactions in the system. Calculations
allowing the atom positions to relax were also done for LiMTFSI
and MTFSI polymer fragments in vacuum without the LMTO
slab.

From the LMTO slab DFT calculations, the surface energy (g)
of the slabs was calculated as:

g ¼ 1

2A

"
Eslab �

X
i

nimi

#
(2)

g ¼ 1

4A

�
2Eslab � nLaELa2O3

� nLiELi2O � nMEM2O � 2nTiETiO2

�
;M

¼ Na or K

(3)

where A is the surface area of one side of the slab, Eslab is the
DFT calculated energy of the slab, ni is the number of atoms of
species i in the slab, mi is the chemical potential of species i.
Note that the binary oxide reference values for the surface
energy calculations were bulk DFT calculations with the same
criteria as the calculations used for the bulk LMTO calculations
but with the r2SCAN + rvv10 exchange functional since the
inclusion of van der Waals interactions shis the total
energy.31–34

For the calculations with LiMTFSI and MTFSI adsorbed to
the LMTO slab, the adsorption energy and lithium binding
energy was calculated with the following equations:

Eads(LiMTFSI) = EDFT(LMTO + LiMTFSI) − EDFT(LMTO)

− EDFT(LiMTFSI) (4)

Eads(MTFSI) = EDFT(LMTO + MTFSI) − EDFT(LMTO)

− EDFT(MTFSI) (5)

ELi
bind = EDFT(LMTO + LiMTFSI) − EDFT(LMTO + MTFSI)

− E(Li) (6)

where Eads(LiMTFSI) is the adsorption energy of LiMTFSI,
Eads(MTFSI) is the adsorption energy of MTFSI to LMTO, and
EDFT(i) is the DFT energy of a system with components i, ELibind is
the lithium binding energy at the interface, and E(Li) is
a lithium reference energy from a bulk lithium metal DFT
calculation with the same criteria as the binary oxide references
in eqn (3).15

ELi
bind(ref) = EDFT(LiMTFSI) − EDFT(MTFSI) − E(Li) (7)

A reference lithium binding energy (ELibind(ref)) was also
calculated from the DFT calculations of just MTFSI and
LiMTFSI polymer fragments in vacuum with eqn (7).

For the interfacial DFT structures of LiMTFSI adsorbed to
Li0.5La0.5TiO3 (or Li24La24Ti64O176), Li0.125Na0.375La0.5TiO3 (or
Li6Na18La24Ti64O176), and Li0.125K0.375La0.5TiO3 (or Li6K18La24-
Ti64O176) LMTO slabs, the electron charge density was written
J. Mater. Chem. A
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from the converged calculations. Electron charge density
difference plots were generated using these written les from
these interfacial calculations with VESTA, with the electron
charge density difference (Dr) calculated as:

Dr = rLiMTFSI/Li6M18La24Ti64O176
− rLiMTFSI/Li24La24Ti64O176

,

(M = Na or K) (8)

where ri is the electron charge density from the DFT calculation
of system composed of i. For the electron charge density
difference plots, the electron charge density accumulation and
depletion isosurfaces are projected on top of the LiMTFSI/Li6-
M18La24Ti64O176 structures.
2.2. Flux synthesis of LMTO nanorods

The reaction mixture was prepared by combining P25–TiO2,
LiNO3, La(NO3)3$6H2O, KCl, and NaCl in a mass ratio of 1 : 2 :
0.3 : 2.8 : 2.2. The components were thoroughly ground in an
agate mortar and subsequently ball-milled for 5 minutes using
a ZrO2 milling jar. The resulting mixture was dried at 200 °C for
2 hours in a conventional oven, then transferred to an alumina
crucible and heated to 800 °C for LMTO-800 nanorods and 900 °
C for LMTO-900 nanorods at a rate of 5 K min−1 under ambient
air for 5 hours to complete the ux reaction. Aer natural
cooling to room temperature, the residual salts were removed
by water washing through vacuum ltration. The resulting
white solid was dried at 100 °C for 2 hours in a vacuum oven,
manually ground into a ne powder, and further calcined at
600 °C for 2 hours in air at a heating rate of 5 °C min−1 to yield
LMTO-800 and LMTO-900 nanorods.

From our previous work using inductively coupled plasma
optical emission spectroscopy (ICP) analysis, the compositions
of the LMTO-800 and LMTO-900 nanorods was determined to
be Li0.11Na0.243K0.02La0.431TiO2.82 and Li0.01Na0.27K0.01La0.51-
TiO2.71, respectively.16
2.3. High angle annular dark eld STEM and EELS

Samples for the STEM/EELS study were prepared by embedding
the nanowires in vacuum-compatible epoxy resin and
sectioning the resulting composite with ultramicrotome to be
able to observe the nanowires down the long axis. STEM and
EELS analysis was carried out using Oak Ridge National Labo-
ratory's (ORNL's) Nion UltraSTEM 200 microscope operated at
200 kV and equipped with Gatan Ennium EELS spectrometer.
3. Results and discussion
3.1. Phase stability and structure of bulk LMTO

First, we examined the bulk properties and phase stability of
Li0.5−xMxLa0.5TiO3 (M = Na or K) with DFT calculations. To
investigate thermodynamic stability, the decomposition
enthalpy was calculated for both the LMTO orthorhombic
(Pnma) and pseudocubic (or tetragonally-distorted cubic) (P4/
mmm) phase, as seen in Fig. 3a. In DFT, decomposition enthalpy
is used to show the relative stability of a material compared to
a mixture of the most stable corresponding binary oxides, with
J. Mater. Chem. A
a more negative decomposition enthalpy indicating the
compound is more stable than its binary constituents.57 It is
also used to construct phase diagrams, with differences in
decomposition enthalpies showing which phase is more
stable.57 These decomposition enthalpies are calculated at
absolute zero and entropic contributions to the thermodynamic
stability, which play a big part in cubic and pseudocubic ther-
modynamic stability especially at higher temperatures, are not
represented. Because of the addition of additional cations (Na+

and K+) on the A-site lattice, congurational entropy would help
to stabilize the higher symmetry cubic or pseudocubic phase.16

Previous work has shown that r2SCAN does well, especially
compared to other exchange functionals, at predicting decom-
position enthalpies.61 For Li0.5La0.5TiO3 (i.e. No Na/K, x = 0.0),
there is a gap in the decomposition enthalpies of the ortho-
rhombic and pseudocubic phase of approximately 0.045 eV/
formula unit, indicating the orthorhombic phase is more
thermodynamically stable compared to the pseudocubic phase.
As the sodium and potassium composition increases, the
decomposition enthalpy gap between the orthorhombic and
pseudocubic phases decreases and eventually goes to zero,
showing that sodium and potassium help to thermodynami-
cally stabilize the pseudocubic phase. Also from the decompo-
sition enthalpy calculations, we note that potassium plays
a larger role in stabilizing the pseudocubic perovskite phase,
with the gap in decomposition enthalpies diminishing more
rapidly as the potassium, composition increases compared to
calculations with sodium. The decomposition enthalpy gap
became zero at a Na content around 0.50 and a K content of
roughly 0.25. This is consistent with previously reported toler-
ance factors, where the perovskite polymorph phase stability is
predicted based on the ionic radii of the components and when
comparing the Shannon ionic radii of potassium, sodium, and
lithium which are 1.64 Å, 1.39 Å, and 0.92 Å, respectively, under
XII coordination for sodium and potassium and VIII coordina-
tion for lithium, since the Shannon ionic radii of lithium is not
available at XII coordination.16,62

Ionic radii play an important part in perovskite phase
stability because if the cation is too small to occupy the large A-
site, the TiO6 will rotate to accommodate the reduced cation
size.16 This can ultimately reduce the long-range Li-ion trans-
port pathways and the symmetry of the crystal structure in the
bulk.63 The main difference separating the orthorhombic,
pseudocubic, layered tetragonal, and cubic phases is the degree
of TiO6 rotations and the distribution of A-site cations and
vacancies in the lattice.18 Because of this, the average TiO6

octahedral rotation angles were obtained by calculating the
apical O–O–O bond angle from the bulk LMTO DFT calcula-
tions. As seen in Fig. 3b, the average octahedral rotation angle
generally decreases with increasing sodium and potassium
content, showing an increase in symmetry and stabilization of
the pseudocubic phase. Specically, the average TiO6 octahe-
dral rotation angles decreases from 10.40° for x = 0 (Li0.5La0.5-
TiO3) to 8.69° for x = 0.5 and M = Na (Na0.5La0.5TiO3) and 3.47°
for x = 0.5, M = K (K0.5La0.5TiO3). This trend in octahedral
rotation angles in bulk pseudocubic LMTO ultimately agrees
with the calculated decomposition enthalpies. Also agreeing
This journal is © The Royal Society of Chemistry 2026
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Fig. 3 DFT calculated (a) decomposition enthalpies (DHd) of Li0.5−xMxLa0.5TiO3 (M=Na or K) for the pseudocubic and orthorhombic phases and
(b) average TiO6 octahedral rotation angles with standard deviation error bars from bulk pseudocubic DFT calculations for Li0.5−xMxLa0.5TiO3 (M
= Na or K).
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well with the calculated decomposition enthalpies, the average
TiO6 rotation decreases more with potassium substitution on
the A-site lattice compared to sodium substitution. While, in
this work, we are focused on inactive LMTO ceramics and not
worried about lithium transport within the bulk ceramic, the
phase, symmetry, and cation distribution within the lattice
plays an important part in the interactions between the polymer
and ceramic surface in the CPE. Also, ultimate application of
CPEs in next generation energy storage devices, active llers are
essential, so the ability to synthesize the cubic or pseudocubic
perovskite LMTO phase with A-site vacancies will be crucial.7,10

Overall, these bulk calculations show the importance of sodium
and potassium at increasing the thermodynamic stability of the
pseudocubic LMTO phase compared to the lower symmetry
orthorhombic LMTO phase.

From the bulk LMTO calculations of the pseudocubic
perovskite phase, the bond length distributions and averages
for Li–O, Na–O, K–O, Ti–O, and La–O were extracted. In
a perfectly symmetric cubic perovskite LaTiO3 structure, the
bond length of all La–O and Ti–O bonds are approximately 2.80
Å and 1.98 Å, with the lanthanum atoms having a coordination
number of XII and the titanium atoms having a coordination
number of VI. The bonding distribution can tell us more about
the symmetry of the structure, with a narrowing of the bond
length distribution prole indicating a more highly ordered
structure. The element-specic bond length can indicate the
strength of the bonding, which can be tracked as a function of
sodium and potassium composition. Specically, the Li–O bond
distribution and length, especially more asymmetry or shorter
bonds near the dopants, can indicate possible lithium trapping
due to local distortions in the A-site environments.64 The
bonding information from the distributions also allows us to
gain insight into the coordination of the cations in the crystal
structure. For the bulk pseudocubic Li0.5La0.5TiO3 structure,
DFT predicted average bond lengths of 2.29 Å, 2.65 Å, and 1.96 Å
for the Li–O, La–O, and Ti–O bonds. Compared to the LaTiO3

structure, the La–O bonds are shorter and stronger in Li0.5-
La0.5TiO3. When sodium and potassium is substituted for
This journal is © The Royal Society of Chemistry 2026
lithium on the A-site lattice, the average bond lengths range
between 2.09–2.25 Å for Li–O bonds, 2.79–2.82 Å for K–O bonds,
2.57–2.65 Å for Na–O, 2.60–2.69 Å for La–O bonds, and 1.96–1.97
Å for Ti–O bonds. The average bonds lengths for the bulk LMTO
structures are plotted versus sodium and potassium composi-
tion in Fig. S15 and S16. Compared to the Li0.5La0.5TiO3 bulk
structure, there are no signicant changes in the average Ti–O
and La–O bond lengths for the LMTO bulk structures. Of note,
the average bond length of Na–O bonds is approximately the
same as the La–O bonds (2.57–2.65 Å for Na–O and 2.60–2.69 Å
for La–O), while the K–O bonds are on average approximately
0.20 Å longer than the La–O bonds. This is most likely because
the Shannon ionic radii of sodium and lanthanum are
approximately the same, being 1.39 Å and 1.36 Å respectively
under XII coordination, compared to potassium with a much
larger Shannon ionic radius of 1.64 Å.62 Because of this, there is
a more narrow distribution in A–O bond lengths in a sodium-
containing LaTiO3-based structure (Na0.5La0.5TiO3), reducing
the overall disorder of the material which is important for ion
conductivity properties.65 This narrowing of bond length
distributions is shown in our data in the bulk Na0.5La0.5TiO3

bond distribution plots and average bond length plots in the SI
(Fig. S14 and S16). A slight decrease in the Li–O average bond
length, from 2.29 Å in Li0.5La0.5TiO3 to 2.20 Å in Li0.1875-
Na0.3125La0.5TiO3 and 2.09 Å in Li0.1875K0.3125La0.5TiO3, is
observed with the increasing sodium and potassium A-site
substitution. This decrease in average Li–O bond length and
wide distribution in Li–O bond lengths in the structures with
a large doping composition of sodium and potassium could
represent a slight increase in the Li–O bond strength and
trapping of lithium in asymmetric coordination with sup-
pressed TiO6 motion, which could promote more lithium
trapping in the crystal structure, which would reduce local
lithium mobility. This assertion based on the bonding chem-
istry in our bulk LMTO calculations with varying Na and K
content is supported by the experimental ndings of Jimenez
et al., who found that lithium conductivity decreased with
increased Na content in Li0.5−xNaxLa0.5TiO3 perovskites.19
J. Mater. Chem. A
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Fig. 4 Faceting and surface chemistry in LMTO-800 nanorods. (a) Overview HAADF STEM image of LMTO nanorod with spectrum image area
shown as green box. (b) HAADF STEM image acquired concurrently with Electron Energy Loss (EELS) image over the area in green box; the
direction of intensity profile is indicated by a red arrow. (c and d) Areal density maps computed from Ti L and La M edges, respectively. (e) Profiles
of the maps in (c and d) taken along the direction indicated in (b) and averaged over ∼6.5 nm. Faceting and Ti enrichment/termination at the
surface can be clearly seen.

Journal of Materials Chemistry A Paper

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 0

2 
M

ar
ch

 2
02

6.
 D

ow
nl

oa
de

d 
on

 3
/2

3/
20

26
 2

:5
0:

42
 A

M
. 

 T
hi

s 
ar

tic
le

 is
 li

ce
ns

ed
 u

nd
er

 a
 C

re
at

iv
e 

C
om

m
on

s 
A

ttr
ib

ut
io

n-
N

on
C

om
m

er
ci

al
 3

.0
 U

np
or

te
d 

L
ic

en
ce

.
View Article Online
LMTO nanorods reported in our previous work have all acted
as inert ceramic llers, with little to no ionic conductivity.9,10,16

However, based on our work and knowledge, we know that to
achieve signicant enhancements in ionic conductivity in CPEs,
active ceramics with high ionic conductivities will be neces-
sary.10 If vacancies were incorporated into the perovskite lattice
to use LMTO as active ceramic llers for CPEs, this decreased
Li–O bond length and increase in Li–O bond distribution with
sodium and potassium doping could lead to decreased Li-ion
conductivity in the bulk ceramic. Further molecular dynamics
simulations beyond the scope of this work would be needed to
denitively show the impact of Na and K doping on the perov-
skite A-site lattice's impact on bulk ionic conductivity of the
LMTO ceramic with A-site vacancies networks. Therefore,
although Na and K helped to stabilize the pseudocubic struc-
ture which is favored for higher bulk Li-ion conductivity and
seen in experimental XRD data of LMTO nanorods, they also
likely trap Li movement by suppressing octahedral exibility,
leading to decreased local ion mobilities in the LMTO ceramic.
3.2. LMTO surface termination

To determine preferential faceting and surface termination of
the nanorods, we employed HAADF STEM and EELS mapping.
EELS in an aberration-corrected electron microscope is gener-
ally capable of identifying chemical identity of a single atomic
layer in projection (see e.g. Ref. 60 and 61), which would include
surface termination and surface element enrichment.66,67 Two
types of LMTO nanorods were examined, LMTO-800 and LMTO-
900. The number 800 and 900 refer to the nanorod's ux
synthesis temperature (800 and 900 °C, respectively). It was
important to nd the rods or fragments of rods oriented as close
as possible to vertical orientation (along the beam direction),
J. Mater. Chem. A
however tilting the sample was problematic due to quickly
accumulating beam damage when a convergent probe was
stationary on the sample (illumination conditions for tilting).
We therefore had to rely on nding the nanorods already in the
correct orientation or close to it. Fig. 4a shows an LMTO-800
nanorod in close-to-perpendicular orientation showing (110)
pseudocubic facets (orientation determined via diffractogram
of the image). A region of the top facet (Fig. 4b) was examined
with EEL spectrum imaging; Ti and La areal density maps are
given in Fig. 4c and d. A prole of both maps taken normal to
the top facet and averaged over ∼6.5 nm (Fig. 4e) shows that La
signal falls off 0.25–0.3 nm before the Ti signal, indicating Ti
enrichment at the surface.

LMTO-900 nanorods show consistent behavior with respect
to surface chemistry (Fig. 5). In this case we were able to nd
a nanorod oriented precisely vertical along the beam direction,
enabling us to observe high resolution structural information in
addition to chemical information. In the case of this nanowire,
(110) facets were interspersed with small (100) pseudocubic
facets giving overall a rounder shape in cross-section, probably
due to smaller overall cross-section of this rod. The region of the
EELS spectrum image is marked with a green box on the over-
view image (Fig. 5a); cubic lattice of the nanorod is well
resolved. Some waviness is visible in the HAADF image taken
simultaneously with the EELS spectra (Fig. 5b) due to small
specimen dri exacerbated by longer dwell times required for
EELS spectra collection. The spectral proles (Fig. 5e) taken
along the red arrow direction in Fig. 5b show clear atomic
column bumps, with La and Ti out of phase with each other as
expected. Ti prole clearly shows extra bumps and enhanced
intensity at the surface compared to the La prole. From this
dataset it is evident that the nanorod surface is Ti terminated.
This journal is © The Royal Society of Chemistry 2026
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Fig. 5 Faceting and surface chemistry in LMTO-900 nanorods. (a) OverviewHAADF STEM image of LMTO-900 nanorod oriented down the long
axis with spectrum image area shown as green box. (b) HAADF STEM image acquired concurrently with EELS image over the area in green box;
the direction of intensity profile is indicated by a red arrow. (c and d) Areal density maps computed from Ti L and La M edges, respectively. (e)
Profiles of the maps in (c and d) taken along the direction indicated in (b) and averaged over ∼1.7 nm. Faceting and Ti enrichment/termination at
the surface can be clearly seen. Maxima on the elemental profiles correspond to the successive atomic planes.
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As reported in our previous work through X-ray diffraction
(XRD) characterization of LMTO-800, there are small amounts
of Ti-containing impurities, specically TiO2 (8.1%) and
La2Ti2O7 (9.0%), in the LMTO nanorods aer the ux
synthesis.16 When the synthesis temperature was increased to
900 °C to produce LMTO-900 nanorods, the La2Ti2O7 impurity
was eliminated and XRD analysis indicated TiO2 (9.6%) impu-
rity.16 From the HAADF-STEM and EELS analysis presented
above, the Ti-enrichment of the LMTO nanorod surface was
found for the LMTO-800 and LMTO-900 nanorods, showing that
the Ti-enrichment of the surface is not attributed to the
La2Ti2O7 impurity. Additionally, since we observe a continuous
lattice in the STEM imaging and do not observe pockets of
isolated Ti-rich particles across the surface, as would be ex-
pected for segregated TiO2 phases, we conclude that this Ti-
enrichment of the LMTO surface is unlikely to be attributed
to the TiO2 impurity. While inherent heterogeneity along the
surface cannot be fully discounted, this STEM and EELS data
probing LMTO-800 and LMTO-900 surfaces are consistent in
showing a (110)-oriented and Ti-enriched LMTO surface across
Na and K compositions and synthesis temperatures.
3.3. Surface stability and structure of LMTO

Following the insights gained from the STEM imaging of the
LMTO nanorod surface structure and elemental composition,
DFT calculations of Ti-terminated (100)-oriented LMTO ceramic
slabs with varying sodium and potassium compositions were
done. Although STEM imaging showed that the LMTO-800 and
LMTO-900 nanorod surfaces are mostly (110)-oriented, we used
the Ti-terminated (100) surface for the DFT calculations because
it is a lower index surface that is easier for DFT modeling and
convergence while still allowing us to systematically observe the
impact of surface chemistry and composition in LMTO that is
applicable to the real system. Both the (110) and (100) Ti-
This journal is © The Royal Society of Chemistry 2026
enriched surfaces share a Ti–O framework that governs Li
coordination at the interface, allowing our model to capture the
essential chemistry crucial to surface properties, especially Li
and polymer interactions with the surface. From the LMTO
ceramic slab only calculations, similar to the bulk LMTO
calculations, the average bond lengths, bond length distribu-
tions, and average octahedral rotation angles were extracted to
compare to the bulk LMTO DFT calculations. For the surface
Li0.5La0.5TiO3 calculation, the average bond lengths of Li–O, La–
O, and Ti–O was 2.07 Å, 2.73 Å, and 1.96 Å. Compared to the
bulk Li0.5La0.5TiO3 average bond lengths reported in Section
3.1, the Li–O average bond length at the surface is approxi-
mately 0.22 Å shorter, suggesting that the lithium is more
strongly bound to the oxygen atoms at the surface compared to
the bulk, and the La–O average bond length at the surface is
approximately 0.08 Å longer, suggesting that the lanthanum
atoms are slightly less strongly bound to the oxygen at the
surface. There is no change in the Ti–O average bond length for
Li0.5La0.5TiO3 at the surface compared to the bulk. For the
LMTO surface calculations, the average bond lengths of the Li–
O, Na–O, K–O, La–O, and Ti–O bonds are approximately 2.03–
2.12 Å, 2.69–2.78 Å, 2.82–2.83 Å, 2.73–2.74 Å, and 1.96–1.97 Å. As
seen in Fig. S32 and S33, the average Li–O, Na–O, K–O, La–O,
and Ti–O bond lengths do not signicantly change as the
composition of sodium and potassium increases in the LMTO
slab. Enhanced Li–O bond strength at the surface, which is
indicated by the shorter average Li–O bond lengths at the
surface compared to bulk, may promote lithium trapping and
decrease surface mobility, potentially accounting for the
absence of Li-ion transport from the bulk polymer to the bulk
ceramic in prior tracer-exchange NMR studies of LMTO-based
composites. When the lithium is more strongly bound to the
oxygen at the ceramic surface, the mobility of the lithium atoms
at the surface will go down; sodium and potassium ions also
likely block Li-ion transport pathways in the crystal structure
J. Mater. Chem. A
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both at the bulk and at the surface. Similarly to what was seen in
the bulk LMTO calculations, the La–O and Na–O average bond
lengths are roughly the same at the surface. Bond length
distributions were also tracked but no signicant changes in
distributions were observed as the composition of sodium and
potassium was varied; these distributions are reported in the SI
for this work.

The average TiO6 octahedral rotation angle was also calculated
from the LMTO slab calculations, and these are reported in
Fig. S34 in the SI. In the LMTO slab calculations, we use selective
dynamics tox the atompositions in themiddle layers, as seen in
the structure in Fig. S34; this allows the atoms in the outer layers
to relax to a surface-like conguration. Because of this, the
average TiO6 octahedral rotation angles in the surface calcula-
tions are skewed higher by approximately 4–8° compared to the
bulk LMTO calculations. Across all of the LMTO slabs modeled,
the average TiO6 octahedral rotation angle is not zero, assuring
that pseudocubic distortions are still captured in the surface
atoms that were not xed with selective dynamics aer DFT
relaxation despite the starting lattice positions being cubic
(Pm�3m). As shown in Fig. S34, it is clear that the same trend as
calculated for the bulk LMTO models is evident for the surface
LMTO models in that the average TiO6 octahedral rotation angle
at the surface decreases with increasing LMTO sodium and
potassium composition. When no Li is present in the LMTO DFT
slab model (x = 0.5), the TiO6 octahedral tilting is close to zero,
specically 0.41° for M = Na and 0.47° for M = K; this is
compared to the TiO6 octahedral tilting of 2.05° when no Na or K
is present in the LMTO slab (x = 0). Therefore, even at the
surface, the substitution of lithium for larger sodium and
potassium cations onto the perovskite A-site lattice helps to
increase the symmetry at the surface by reducing the TiO6 octa-
hedral rotations to a more cubic or pseudocubic-like state. This
increased symmetry at the surface can aid in more favorable and
continuous electrostatic interactions between the polymer and
ceramic phases, which is important for CPE design.

Surface energy calculations from the relaxed DFT LMTO
slabs unveil the role that sodium and potassium doping in the
perovskite A-site lattice on the (100)-oriented, Ti-terminated
surface stability. We report the surface energy results in
Fig. S35, where the surface energy is shown to steadily decrease
with increasing sodium and potassium content. This shows that
doping of sodium and potassium increases the thermodynamic
stability of the Ti-terminated (100) surface for the LMTO
nanorods, meaning less energy is required to form the surface.
To connect to the STEM and EELS analysis presented in Section
3.2, these calculated surface energies indicate that Ti-
enrichment of the nanorod LMTO surface is physically
reasonable without doing a direct comparison of different
surface terminations in DFT. More stable surfaces with lower
surface energies are less prone to dissolution and degradation,
which can be benecial for electrolyte applications. This can
also indicate that the increased sodium and potassium ion size
helps to fulll the coordination needs of the surface atoms and
redistribute the charge density in a more stable conguration.
Overall, this thermodynamic surface stability with increasing
sodium and potassium doping in the perovskite A-site lattice
J. Mater. Chem. A
can be benecial for CPE applications, specically for inert
ceramic llers where bulk conductivity in the ceramic is not
important for the overall conductivity of the CPE. For active
ceramic llers, a less stable surface (i.e. a higher surface energy)
can possibly be more reactive with faster Li-ion transport at the
interface. It is important for us to reiterate here that one of the
goals of this paper is to use static DFT calculations to under-
stand the impact that the A-site LMTO composition has on the
LMTO structure, which can correlate to kinetic properties in the
CPE, but our DFT outputs are not inherently kinetic properties.
3.4. LMTO interactions with LiMTFSI

Next, because we are ultimately interested in SIC p(MTFSILi)-
based CPE applications and interactions between the polymer
and the ceramic are important in CPEs, we added a LiMTFSI
polymer fragment to the LMTO ceramic slabs and calculated
adsorption energies and lithium binding energies, which are
presented in Fig. 6a and b. Our work has specically focused on
SIC-based composites since these composites have minimized
space charge layers along the polymer-ceramic interface and
likely have less tight coordination with Li+ cations which is
a common issue with dual-ion conducting PEO-based
composite electrolytes, where both the Li+ cation and anion
are mobile within the polymer matrix. Adsorption energy is
a measure of the energy required to separate the polymer frag-
ment from the LMTO slab, representing the strength of the
electrostatic interactions between the two components. A
negative adsorption energy means that the adsorption process
is thermodynamically favored and the adsorbed state, or inter-
face, is lower in energy than if the two components were in-
nitely separated. Subsequently, an increase in adsorption
energy (i.e. a less negative adsorption energy) signies that the
adsorption process is less thermodynamically stable and the
electrostatic interactions between the polymer fragment and
the LMTO slab decreased. Quantifying adsorption energy of the
polymer fragment to the ceramic surface is important because
electronegative atoms along the polymer chain are known to
anchor to the ceramic surface and this anchoring is correlated
with interfacial free volume and chain disorder, which has been
correlated to interfacial ion transport.7,68 Additionally, because
lithium adsorption at the interface occurs primarily through
coordination with surface oxygen atoms, the Ti-enriched
surface, as indicated through EELS analysis in Section 3.2,
may indirectly inuence adsorption energy and Li binding by
modifying the local oxygen environment rather than through
direct Li+–Ti4+ electrostatic interactions. Therefore, we want to
quantify the impact of A-site chemistry in TiO-terminated
LMTO slabs on important adsorption and Li binding interac-
tions which can impact the LMTO nanorod performance in
composite electrolytes.

The MTFSI adsorption energy for the Li0.5La0.5TiO3 slab with
no sodium or potassium doping was calculated to be −3.51 eV.
For the slabs with sodium and potassium compositions (x) in
Li0.5−xMxLa0.5TiO3 (M = Na or K), the MTFSI adsorption energy,
plotted in Fig. 6a, was shown to steadily decrease, becoming
more negative and reaching a minimum of approximately
This journal is © The Royal Society of Chemistry 2026
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Fig. 6 Calculated (a) MTFSI adsorption energies (Eads(MTFSI)), and (b) lithium binding energy (ELibind) fromDFT calculations with Li0.5−xMxLa0.5TiO3

(M = Na or K) ceramic slabs with various M A-site compositions (x).
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−3.85 eV. Overall, this signies that the interface between
LMTO and MTFSI becomes more compatible, or thermody-
namically favorable, with an increase in the sodium and
potassium composition in the LMTO slab. This adsorption
energy of the MTFSI polymer fragment to the LMTO slab seen in
Fig. 6a is shown to be inversely correlated to the lithium binding
energy seen in Fig. 6b where the lithium binding energy
becomes less negative as the sodium and potassium composi-
tion increases. These DFT results agree with the trend reported
in previous literature, where the stronger the MTFSI is bound,
or adsorbed, to the ceramic surface, the higher the Li binding
energy, or the less strongly bound the lithium atom is.15 The
lithium binding energy is the strength of the bond between the
lithium atom, which is our mobile species in the CPE, and the
MTFSI polymer fragment, which is our immobile anion species
in the CPE. If the lithium binding energy increases (i.e. becomes
less negative), this means that the lithium atom is less strongly
bound to the MTFSI, or the energy required to dissociate the
lithium from the MTFSI, is lower. This is correlated to a more
mobile lithium atom and decreased resistance to Li-ion trans-
port along the interface. There is no such correlation observed
between the LiMTFSI adsorption energies, plotted in Fig. S36 in
the SI, and the MTFSI adsorption energies or lithium binding
energies.

When compared to the reference LiMTFSI Li binding energy
(ELibind(ref)), which was calculated to be −4.35 eV, the Li binding
energy when the LiMTFSI is adsorbed to the LMTO slabs with Na
and K compositions below x= 0.5 is lower, meaning the lithium is
more strongly bound to the MTFSI anion at the interface
compared to in vacuum, which is used to represent the bulk
polymer state. This physically makes sense since the potential
energy landscapes are different at the interface compared to in
bulk, with the lithium atom being energetically shared by both the
polymer and the ceramic surface at the interface and can explain
the long-standing observation of interfacial transport resistance in
CPEs. As the sodium and potassium substitution for lithium on
the A-site perovskite lattice increases, the lithium binding energy
generally approaches the reference LiMTFSI Li binding energy
and, at x = 0.5, the Li binding energy at the interface goes above
This journal is © The Royal Society of Chemistry 2026
the reference LiMTFSI Li binding energy, as seen in Fig. 6b, while
maintaining strong MTFSI adsorption to LMTO. This indicates
that the Li-ion is more mobile at the polymer/La0.5M0.5TiO3 (M =

Na or K) interface than in the bulk polymer phase. Overall, this
increase in lithium binding energy with increasing Na and K
compositions signies an increase in Li-ion mobility along the
polymer-ceramic interface as the composition changes. We would
like to reiterate here that for all the DFT calculations, the LiMTFSI
polymer fragment was added to the LMTO slab at the same loca-
tion and then positions were allowed to relax. This means that the
differences in Li binding energy and adsorption energy seen across
the LMTO slabs are solely due to changes in the electrostatic
interactions between the LMTO slab and LiMTFSI polymer frag-
ment. We hypothesize that as the lithium binding energy at the
interface approaches the lithium binding energy of the polymer
fragment in vacuum, the resistance to lithium transport along the
interface goes away, meaning interfacial lithium transport
increases thus increasing the ionic conductivity of the CPE. For
small cations, such as lithium, electrostatic interactions are known
to be themain contributor to ion transport in polymer electrolytes,
as shown through the Anderson-Stuart model.1 Therefore, an
increase in favorable electrostatic interactions and increase in
lithium mobility at the interface is assumed to be directly corre-
lated to a decrease in the activation barrier for interfacial Li-ion
transport and thus an increase in ionic conductivity attributed to
interfacial transport.

While the trend of MTFSI adsorption energy and lithium
binding energy across LMTO compositions is generally consis-
tent, a small number of data points slightly deviate, notably x =
0.0625 (Na), x = 0.125 (K), and x = 0.3125 (K), as shown in Fig. 6
and S36. These deviations in adsorption and lithium binding
energies occur despite maintaining identical LiMTFSI initial
orientation and placement across all LMTO slabs and are not
due to differences in the slab surface energies, which vary
linearly with LMTO composition, as observed in Fig. S35. Slight
deviations possibly occur due to the multi-step relaxation of the
DFT calculations, where the MTFSI adsorption energy, and thus
lithium binding energy, relies on the nal relaxed structure
from the LiMTFSI adsorption structures, which slightly vary
J. Mater. Chem. A
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Fig. 7 Electron density difference plots comparing electron density of the (left) LiMTFSI/Li6K18La24Ti64O176 and (right) LiMTFSI/Li6Na18La24-
Ti64O176 calculated structures with the electron density of the LiMTFSI/Li24La24Ti64O176 calculated structure generated with Vesta, with charge
accumulation isosurfaces colored yellow and charge depletion isosurfaces colored light blue.70 The Li coordinated to the MTFSI polymer
fragment is removed for clarity of isosurfaces around it, but it's coordination (colored black) is zoomed in on at the center of the figure for both
structures.
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between LMTO slab composition structures. Because of the
large simulation cell size, complex local cation environments
from A-site compositional changes, and the computational cost
of fully sampling all possible adsorbate and dopant congura-
tions and orientations, we attribute these deviations to
a combination of genuine local chemical effects and residual
numerical uncertainty inherent in slab–adsorbate DFT calcu-
lations. Such variability is typical for large polar adsorbates on
mixed-cation oxide surfaces and we believe this does not affect
the overall conclusions drawn from the observed compositional
trends above in Fig. 6.69

In Fig. 7, electron charge density difference plots are shown
comparing the charge density of the LMTO/LiMTFSI calcula-
tions with the charge density of the LLTO/LiMTFSI calculation.
These electron charge density difference plots show where there
is electron density accumulation and depletion in the interfa-
cial LMTO/LiMTFSI structures compared to similar LLTO/
LiMTFSI interfacial structures without Na and K substituted
onto the A-site perovskite lattice. When comparing the charge
density around the mobile Li that is coordinated to the MTFSI
polymer fragment, there is charge accumulation away from the
MTFSI and toward the LMTO slab, as seen in the zoomed in
images in Fig. 7. This means that the electron charge density
around the mobile Li accumulates more toward the LMTO slab
when compared to the LLTO slab (i.e. the electron charge
density is farther from the MTFSI polymer fragment). This
supports the Li binding energy results that suggest that the Li
charge is more delocalized from the MTFSI anion at the LMTO
interface compared to the LLTO interface due to the addition of
Na and K on the A-site lattice, which increases the electrostatic
interactions between theMTFSI and LMTO. As shown in Section
3.3, the substitution of Na and K on the A-site lattice changes
the bonding character and TiO6 octahedral tilting at the LMTO
J. Mater. Chem. A
surface, which can thus impact the Li electrostatic interactions
with the LMTO surface oxygen atoms, which is shown from the
Li binding energy calculations and Li charge accumulation near
the LMTO interface compared to the LLTO interface in Fig. 7.
Therefore, based on our surface calculations of LMTO with
varying A-site compositions of Li, Na, and K and a LiMTFSI
polymer fragment, we conclude that the replacement of Li for
Na and K into the A-site lattice will increase the Li-ion transport
along the polymer-ceramic interface in the CPE by increasing
the energetic stability of the LMTO and p(MTFSI) interface,
further delocalizing the Li+ charge from the MTFSI−. This
assertion from our DFT calculations is supported by our
previous experimental work that showed a two-fold increase in
ionic conductivity attributed to a percolating interfacial trans-
port network in the LMTO-800 nanorod based composite elec-
trolyte opposed to commercially available LLTO particle based
composites and rutile TiO2 based composites.9,16

Our results indicate that the sodium-containing and
potassium-containing alternative to A-site disordered pseudo-
cubic perovskite Li0.5La0.5TiO3 would be good inert ceramic
llers for p(MTFSILi)-based composite electrolytes. Specically,
p(MTFSILi)-based CPEs with inert LMTO llers with increased
Na and K compositions will have increased Li-ion transport
along the interface and thus increased overall ionic conduc-
tivity. This suggests that Li content in the inert ceramic ller is
not necessary for improved Li-ion interfacial transport in CPE
design for solid-state Li-ion batteries, which is signicant due to
the limited availability and cost of Li resources. Ultimately, in
order to achieve signicant enhancements in ionic conductivity
in composite electrolytes (on the order of 10 to 100 fold
enhancements), it has been suggested that superionic ceramics
llers with non-negligible bulk conductivity will be necessary to
achieve ion exchange across the polymer-ceramic interface.10
This journal is © The Royal Society of Chemistry 2026
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This could indicate that, if future work was done to synthesize
a highly active LMTO ceramic, adding Na and/or K to the A-site
perovskite lattice could negatively impact the bulk LMTO
conductivity and thus interfacial Li-ion exchange across the
polymer-ceramic interface while simultaneously improving Li-
ion transport along the interface, so one would need to
balance this tradeoff to design a composite electrolyte with
optimal transport both along and across the interface. Also, for
future work since LMTO could be used in Na- and K-conducting
electrolytes, it would be interesting to extend this work on
interfacial Li-ion transport for applications in Li-ion batteries to
determine the impact that LMTO A-site composition has on Na
and K binding energy and Na-ion and K-ion interfacial transport
for applications in sodium–ion and potassium–ion batteries.
We do note, however, that sodium lanthanum titanate, the
sodium-conducting alternative to LLTO, is generally not
considered a good sodium–ion conductor.19,65

4. Conclusions

This work uses a combination of DFT calculations and STEM
and EELS measurements to reveal the role that the A-site lattice
composition in La0.5Li0.5−xMxTiO3 (M = Na, K) (LMTO) has on
the bulk and surface crystal structure and interactions of LMTO
with LiMTFSI, which are important for CPE applications in
future Li-ion battery technologies. From the bulk LMTO DFT
calculations, decomposition enthalpy calculations showed that
increased sodium and potassium compositions in LMTO
increase the thermodynamic stability of the pseudocubic
perovskite phase compared to the lower-symmetry ortho-
rhombic phase. This is attributed to the increased ionic radii of
sodium and potassium compared to lithium, which also leads
to reduced TiO6 octahedral rotations indicating a higher
symmetry structure and a slightly smaller Li–O bond length.
HAADF STEM and EELS measurements were used to unveil the
surface elemental composition and facet orientation of the
experimentally synthesized LMTO nanorods, using the newly
developed ux synthesis method.16 It was shown that the LMTO
nanorods, even when having different A-site lattice composi-
tions due to the synthesis temperature, have a (110)-oriented
interspersed with a small amount of (100)-oriented and Ti-
enriched surface. Finally, we used surface LMTO DFT calcula-
tions to quantify the LiMTFSI and MTFSI adsorption energies,
quantifying the strength of the interactions of the polymer,
represented as a polymer fragment, with LMTO for various
sodium and potassium compositions. These adsorption ener-
gies were correlated with the lithium binding energies of Li to
MTFSI when adsorbed on the LMTO surface. We showed that
increasing the sodium and potassium surface chemistry
composition in LMTO can strengthen the compatibility of the
polymer (p(LiMTFSI)) and ceramic (LMTO) phases, allowing for
the lithium charge to be more delocalized from the MTFSI
anion and thus more mobile at the polymer-ceramic interface,
ultimately increasing interfacial Li-ion conductivity. Overall,
detailed DFT calculations revealed that Na and K doping into
LMTO is benecial for improving the ion transport rate of the
polymer phase near the surface of the LMTO nanorods.
This journal is © The Royal Society of Chemistry 2026
However, Na and K doping can also simultaneously decrease Li
mobility within the LMTO ceramic phase, contributing to
increased ion transport resistance and ion exchange times
across the polymer-ceramic interface. These results showcase
the importance of performing comprehensive, interdisciplinary
studies to understand how the bulk structure and surface
interactions at the atomic level between the polymer and
ceramic phases can impact properties that are crucial for tar-
geted CPE design for next-generation Li-ion batteries.
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