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LiNi0.5Mn1.5O4 (LNMO) is a promising cathodematerial owing to its high operating potential of 4.75 V vs. Li+/

Li. However, the high potential triggers interfacial instability, such as electrolyte oxidation. A mechanically

robust cathode–electrolyte interphase (CEI) is essential for maintaining structural integrity and ensuring

reliable performance of high-voltage lithium-ion batteries. CEI layer thickness is often under 20 nm,

making the assessment of its elastic properties challenging. We applied an amplitude-modulated/

frequency-modulated scanning force microscopy method to enable quantitative mechanical

characterization of thin CEI layers on rough composite electrode surfaces. We systematically varied the

number of battery cycles and investigated the morphology and elastic modulus of the interphase layers

on LNMO cathodes. The pristine crystalline LNMO surface exhibited an elastic modulus of approximately

126 ± 20 GPa, whereas the binder/carbon (b/c) regions had a modulus of 1.9 ± 0.1 GPa. After only 5

cycles the elastic modulus on LNMO decreased to 3.2 ± 1.2 GPa, indicating an LNMO passivation by CEI

growth. After 200 cycles, the elastic modulus became homogeneous with the moduli on the LNMO and

b/c regions reaching 3.9 ± 0.8 GPa and 3.9 ± 0.4 GPa, respectively. This mechanical convergence is

supported by a convergence in chemical composition of the interphase between the LNMO and b/c

regions. We also observed a compositional shift from ether-rich oligomers to a more oxidized, carbonyl-

rich organic network. The final stabilized modulus of z4 GPa reflects an organic-dominated interphase

with enhanced intermolecular interactions. Inorganic species are likely buried beneath the organic-rich

top layer. This work provides understanding of interfacial stability and establishes a robust and

reproducible framework for quantifying the elastic modulus of interphase layers within composite

electrodes, providing insights for the design of stable high-voltage battery systems.
Introduction

The electrode–electrolyte interphase is critical for the perfor-
mance of lithium-ion batteries.1 The interphase layer should
remain intact on the surface of the active material to ensure
stable cycling performance of batteries.2 During repetitive
charge–discharge processes, the active materials undergo
volume uctuations, leading to mechanical stress and strain.3

These cyclic deformations, along with non-uniform strain
distributions, oen result in interphase cracking.4,5 Then the
mechanical degradation of the interphase exposes fresh elec-
trode surfaces to the electrolyte, accelerating decomposition
reactions and promoting the continuous formation of
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interphase layers.6 This process ultimately increases cell
impedance and reduces cycling performance.7,8 To prevent
interphase cracking and mechanical degradation of the inter-
phase, the mechanical properties of the interphase layer play an
important role in maintaining structural integrity and miti-
gating brittleness during repeated volumetric uctuations. This
characteristic is essential for the interphase to remain
mechanically elastic, enabling it to withstand the repeated
stress generated during lithium ion de/intercalation processes.
However, the thickness of an interphase layer is typically
<20 nm. A mechanical characterization of the interface layer
requires its deformation. For such thin interphase layer thick-
nesses, substrate deformation during indentation measure-
ments becomes more likely, thereby compromising
measurement accuracy. Therefore, the mechanical properties of
thin interphase layers are difficult to quantify using traditional
methods. We investigate the mechanical properties of the
interphase layer formed on LiNi0.5Mn1.5O4 (LNMO) cathodes
using the bimodal amplitude modulation-frequency modula-
tion (AM-FM) mode in scanning force microscopy (SFM). This
J. Mater. Chem. A
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method enables themeasurement of the elastic modulus of thin
lms due to small indentation depths <2 nm. These indentation
depths enable quantitative, reliable results which are unaf-
fected by the underlaying substrates.

On the cathode side, the interphase is known as the cathode–
electrolyte interphase (CEI). In contrast to the solid–electrolyte
interphase (SEI) on anodes, CEI layers have been less studied.
This is because the cathode surface remains relatively stable
below 4.2 V in conventional carbonate-based electrolytes. As
a result, signicant interphase formation does not occur,
making CEI improvements in these batteries less substantial.1

However, the pursuit of high-voltage cathodes to enhance
energy density is oen accompanied by reduced CEI stability.9

At elevated voltages, the electrolyte exceeds its thermodynamic
stability limit, resulting in CEI formation with thicknesses
ranging from a few nanometers up to approximately 20 nm.1 A
uniform CEI layer functions as a protective barrier that
suppresses parasitic reactions at high voltage. Most cathode
materials are ceramic and brittle, making them particularly
susceptible to stress and strain during high-voltage operation.
This mechanical stress increases the likelihood of CEI
cracking.10 When the CEI cracks or fails, structural and chem-
ical degradation mechanisms can occur (Fig. 1a): (i) unpro-
tected surfaces are exposed to the electrolyte thereby creating
localized hot spots for electrolyte decomposition; (ii) products
of electrolyte decomposition, such as hydrouoric (HF) acid,
can then directly attack the freshly exposed cathode surface and
then promotes transition metal ions (Mx+) dissolution, the
migrated Mx+ destabilizes the SEI, which in turn accelerates
further electrolyte decomposition on the anode;11–13 (iii)
ongoing interfacial reactions at the cathode drive inactive
phases conversion, e.g., the conversion of the LNMO spinel to
a poorly Li+ diffusion rock-salt-like phase.14 Reactions (i) and (ii)
result in increased impedance and reactions (ii) and (iii) lead to
capacity loss. An elastic CEI can better accommodate electrode
volume changes, suppress crack propagation, and maintain
intimate contact with active materials. These characteristics
collectively contribute to a reduction of continuous electrolyte
decomposition and the mitigation of capacity loss.15 Therefore,
understanding the mechanical properties of the CEI is essential
for evaluating interphase stability and improving the long-term
performance of lithium-ion batteries.

One of the most important mechanical properties is Young's
modulus, which denes how much strain a material experi-
ences under a given stress.16 Numerous studies have quantied
the Young's modulus of electrode materials using nano-
indentation with a diamond indenter.17,18 For this purpose,
a Berkovich geometry is widely used. It possesses a spherical cap
with a radius exceeding 100 nm before transitioning into its
pyramidal geometry.19 The modulus is typically extracted by
tting force–displacement curves. However, two factors have
limited the application of nanoindentation for measuring the
CEI layer.

The rst factor is lateral resolution limitation which typically
ranges from several hundred nanometers to a few microme-
ters.20 This resolution is insufficient for accurately mapping the
nanoscale morphology of CEI layers. The limited resolution also
J. Mater. Chem. A
hinders the differentiation between active materials and other
components, such as binders and conductive carbon in
composite electrodes (Fig. 1b). Daboss et al. observed that
electrochemical strain predominantly occurred in the soer
binder matrix rather than in the hard carbon microparticles.
The authors concluded that the different ion dynamics would
then affect later interphase formation.21 To differentiate the
interphase layer on the cathode from that on the binder/carbon
(b/c) surface, we refer to the interphase in the b/c region as the
non-CEI layer (Fig. 1c).

The second factor is sensitivity due to a limitation in
indentation depth. Reliable modulus measurements via nano-
indentation generally require indentation depths of at least
z15 nm.22 However, since the CEI typically ranges from a few to
z20 nm in thickness, indentation depths of z15 nm risk
substrate effects, thereby compromising measurement accu-
racy.16 Therefore, SFMmethods which enable small indentation
depths <2 nm are advantageous.

SFM is highly suitable for acquiring nanoscale information
with minimal surface intrusion, typically limited to only a few
nanometers.23 By correlating topography and modulus images,
we differentiate the interphase layer formed on LNMO particles
from that on the b/c region. Among SFM-based methods for
mapping mechanical properties, tip-based nanoindentation24–26

and bimodal SFM27 are the two most widely used techniques. In
tip-based nanoindentation, the elastic modulus is obtained by
tting force–displacement curves. Several studies have applied
this method to SEI layers using indentation depths ranging
from z5 nm to over 20 nm.28–31 Given that CEI layers are
generally thinner than SEI layers, indentation depths must be
limited to less than 2 nm for accurate indentation character-
ization (e.g., in a 20 nm-thick CEI).32 However, such shallow
indentations are highly susceptible to inaccuracies arising from
factors such as tip tilt, instrumental noise, and tip geometry.33,34

As an alternative, bimodal SFM enables rapid, high-
resolution mapping of elastic properties by simultaneously
exciting the cantilever at two resonance frequencies. The
amplitude modulation-frequency modulation (AM-FM) tech-
nique combines the robust control of amplitude modulation at
the rst resonance with the high sensitivity and signal-to-noise
ratio of FM at the second. AM-FM modulus mapping has been
successfully applied to materials ranging from so polymers
(0.1–3 GPa) to hard metals (>100 GPa).35 AM-FM imaging typi-
cally offers higher speed compared to tip-based nano-
indentation, as the elastic modulus is predominantly calculated
by using the frequency shi of the second vibration eigen-
mode.36 In contrast, nanoindentation requires acquiring and
tting force–displacement curves at each point.37 The AM-FM
technique is also suitable for thin samples because it quan-
ties small deformations with high sensitivity, with typical
indentation depths ranging from 0.1 to 10 nm.35 This capability
makes it particularly appropriate for the modulus mapping of
CEI layers. To accurately map the modulus, one must account
for surface tilt, as otherwise the indentation area may be mis-
estimated.38 Height data obtained from the topography channel
allows for pixel-by-pixel determination of local tilt angles,
enabling correction of modulus values accordingly.
This journal is © The Royal Society of Chemistry 2026
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Fig. 1 (a). The schematic diagram represents the degradation of cycling performance caused by cracking of the CEI layer and simultaneous
deterioration of the SEI. (b) Schematic of the pristine cathode before cycling. (c) Electrode and formed interphase layer after the battery was
cycled for multiple times. During cycling, electrolyte decomposition occurs near the electrode surface, leading to the formation of CEI layers on
the crystalline LNMO surface. On the b/c regions, decomposition products also accumulate, forming interphase layers. We refer to the inter-
phase formed on b/c areas as the non-CEI layer. (d) SFMmeasurements were performed on the electrode surface to characterize its morphology
and mechanical properties. Prior to imaging, residual electrolyte was removed from the electrodes.
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LiNi0.5Mn1.5O4 (LNMO) is a promising cathode material
owing to its high operating potential (z4.75 V vs. Li+/Li).
However, the high potential triggers severe electrolyte oxidation
and transition metal dissolution.39 Understanding the
mechanical properties of CEI formed on LNMO is therefore
essential to enhance interfacial stability and extend the cycle
life of high-voltage lithium-ion batteries. Herein, we apply the
AM-FM method to study CEI layers formed in high-voltage
LNMO/Li cells. We track the evolution of CEI morphology and
modulus in dependence of cycling number by recording AM-FM
imaging on LNMO electrodes at different cycling stages
(Fig. 1b–d). The modulus on LNMO particle surfaces decreases
fromz120 GPa to 3.2 GPa due to CEI formation. An increase in
modulus observed in non-CEI regions suggests that interphase
formation and mechanical evolution also take place on non-
active components. Specically, aer 200 cycles, the moduli of
the LNMO and b/c regions converge to z4.0 GPa. This
mechanical convergence is supported by composition charac-
terization, which reveals that the non-CEI progressively evolves
toward a CEI-like chemical composition. Furthermore, compo-
sitional analysis reveals the chemical evolution of the inter-
phase, and the relationship between the measured modulus
and the interphase composition is also elaborated.
Results and discussion
LNMO composite electrode before cycling

In our work we use a composite electrode consisting of LNMO
primary particles, polyvinylidene uoride (PVDF) binder, and
conductive carbon (Fig. 1b). The b/c regions exhibit a granular,
aggregated structure, whereas the LNMO particles display
This journal is © The Royal Society of Chemistry 2026
distinct crystalline surfaces with a diameter of several
micrometers. In the pristine state, the electrode surface has
well-dened LNMO crystals alongside localized binder-carbon
aggregates. We rst analyze the pristine LNMO electrode
before examining CEI formation aer cycling (Fig. 2a–c). The
topography reveals two main types of surface features: well-
dened crystalline particles (black-bordered area) and b/c
aggregates (white-boarded area) (Fig. 2a). Owing to the
different orientation of LNMO crystals, angle calibration is
essential to correct the measured modulus for obtaining accu-
rate mechanical properties of interphase layers. We calibrated
the AM-FM method by using silica microspheres. A correction
factor was obtained for different indentation angles enabling
accurate calibration of modulus values across the electrode
surface. Details of the calibration procedure are given in the
Experimental section. In addition, several small particles were
observed on the crystalline surface. The small particles in
region I (Fig. 2b) exhibit a signicantly lower modulus than the
surrounding crystalline surface, suggesting that they are b/c
aggregates. Apart from these observations, the crystalline
surfaces appear clean. To verify this assignment, scanning
electron microscopy-energy-dispersive X-ray spectroscopy (SEM-
EDS) mapping was performed on the pristine electrode surface
(Fig. S1). The elemental distributions show that Ni, Mn, and O
are localized on the crystalline particles, whereas C and
enriched F from the PVDF binder are predominantly distributed
in the interstitial particle aggregates regions, thereby providing
chemical validation for distinguishing LNMO particles from b/c
regions in the SFM analysis. For the crystalline surfaces, we
manually segmented regions labeled I through III based on the
topographic outline of crystal facets and plotted the
J. Mater. Chem. A
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Fig. 2 Modulus evolution of interphase layers observed with SFM using amplitude modulation-frequency modulation. SFM characterization of
the surface of a pristine LNMO electrode (a–c) and electrode after 5 (d–f), 30 (g–i), 60 (j–l) and 200 (m–o) cycles: (a, d, g, j and m) topography
images, (b, e, h, k and n) calibratedmodulus maps, and (c, f, i, l and o) corresponding modulus distribution histogram for the masked regions (I–IV
and b/c). The black dotted curve represents Gaussian fits of eachmodulus. The histograms of the entire unmaskedmaps correspond to the gray-
bordered bar chart. Scale bar: 2 mm.
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corresponding modulus distributions (Fig. 2c). We use the
standard deviation sigma (s) obtained from the Gaussian t to
represent the distribution width and the tting error. The
moduli at regions I, II, and III correspond to 145± 10, 113± 12,
and 117± 11 GPa, respectively. These values are consistent with
previously reported modulus values for LNMO (136± 12 GPa) in
the literature.40 The variation in modulus between regions I and
II, III may result from anisotropic atomic arrangement and
bonding associated with different crystallographic orienta-
tions.41,42 The LNMO-free electrode reveals clear aggregates of
binder and carbon (Fig. S2a). The modulus distribution for b/c
J. Mater. Chem. A
mixture has a peak value of 1.9 ± 1.0 GPa (inset of Fig. 2c). The
modulus histogram of b/c mixture shows a long tail, which
arises because the conductive carbon phase exhibits a higher
modulus than the polymer binder. As carbon particles are
embed into the binder matrix, local variations in binder thick-
ness contribute to a broader modulus distribution, particularly
above 4 GPa. Such prepared LNMO composite electrodes were
used in coin cells, and then cycled for varying times to promote
interphase layer formation. Therefore, the pristine LNMO
electrode and b/c electrode serve as a reference for identifying
This journal is © The Royal Society of Chemistry 2026
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and distinguishing the CEI layer and non-CEI regions during
interphase formation and evolution at different cycling stages.
Interphase layer on LNMO electrode aer cycling

We cycled LNMO/Li batteries for certain times to obtain inter-
phase layers at different stages. Aer 200 cycles, the cell
retained approximately 81% of its initial capacity (Fig. S3a),
which is comparable to values reported in the literature for
similar electrolyte systems.39 The rst discharge capacity was
130.3 mAh g−1 and increased to 132.6 mAh g−1 aer two cycles.
This initial capacity increase can be attributed to an activation
process during early cycling. During the initial cycling stage,
electrolyte wetting and pore penetration are incomplete. The
interphase layer is still forming due to electrolyte decomposi-
tion. As these transient processes stabilize aer the rst few
cycles, the discharge capacity exhibits a slight rebound,
reecting improved electrolyte accessibility and relative stabi-
lization of the electrode–electrolyte interface.43 The voltage gap
between redox plateaus (Fig. S3b) rises with increasing current
density. At a constant C-rate of 0.5C, the voltage gap between
redox plateaus in the capacity vs. voltage curves gradually
increases from the 30th to the 200th cycle. This progressive
voltage hysteresis indicates increasing polarization during
cycling, which is commonly associated with slower ion trans-
port, hindered charge-transfer kinetics, structural degradation
of the electrode, and the accumulation of interfacial side
reactions.44

Aer charge–discharge cycling LNMO electrodes in coin
cells, the AM-FM method was employed to map the surface
morphology and the modulus of the top layer (Fig. 2d, e, g, h,
j, k, m and n). The moduli were analyzed in corresponding
histograms (Fig. 2f, i, l and o). Aer ve cycles, the primary
LNMO surfaces remained clearly visible, showing distinct
crystalline facets and sharp grain boundaries (Fig. 2d). The
modulus of the LNMO surface decreased signicantly from over
100 GPa to several GPa owing to the formation of the CEI layer
(Fig. 2e). The high-voltage cycling induces substantial CEI
growth and pronounced chemical evolution, resulting in inter-
phase formation.45 In contrast, any effects arising from short-
term electrolyte exposure are limited as they may induce only
weak surface reactions or solvent adsorption. The adsorbed
electrolyte solvents do not undergo signicant oxidative
decomposition. So, mere exposure of cathode materials to the
electrolyte only leads to weak and nascent interphase layers.45,46

Thus, the interphase layer formed solely through passive elec-
trolyte exposure contributes negligibly to the overall interphase
formation, and therefore we will not discuss this effect here.
The modulus map reveals differences between the LNMO
particles and b/c regions. In regions containing LNMO particles,
which are labeled by I–IV, the CEI layer exhibited a higher
modulus than the surrounding b/c area. The modulus values in
regions I–IV ranged from 2.3 ± 0.7 to 3.5 ± 0.9 GPa (Fig. 2f),
suggesting that CEI stiffness varies with crystallographic
orientation and surface termination.47 Furthermore, the width
of the histogram indicates differences in modulus values owing
to local variations in CEI composition and thickness.48 The
This journal is © The Royal Society of Chemistry 2026
modulus variation across region II suggests the formation of
a mechanically heterogeneous CEI layer. An enlarged view
(Fig. S4a–c) highlights the specic area selected for detailed
analysis. The topography image (Fig. S4b) reveals that the early-
stage interphase structure exhibits nanometric secondary
particles distributed across the crystalline surface. These
secondary particles indicate that the electrolyte decomposition
products have coated the underlying crystalline surface with
a non-uniform thickness and increased surface roughness. The
corresponding phase image (Fig. S4c) further demonstrates
mechanical heterogeneity, which is consistent with composi-
tional and structural variations within the CEI layer during the
early stage of formation. In the b/c region, the calibrated
modulus slightly decreased from 1.9 ± 1.0 to 1.4 ± 1.2 GPa due
to the formation of a non-CEI surface layer. Li et al. reported
that the b/c mixture reacts with the electrolyte, leading to the
formation of a so, organic-rich surface lm containing uo-
rinated organics and carbonate fragments.49 Daboss et al.
observed that local deformation predominantly occurs in the
binder matrix rather than in the active hard carbon particles,
indicating distinct electrochemical behavior between the
binder and the active material.21 Such differences in ion
accessibility and electrochemical strain may promote the
formation of compositionally distinct interphase layers on the
binder and on the active material aer cycling. In conclusion,
cycling the LNMO electrode 5 times already resulted in
a signicant decrease in moduli compared to the pristine
surface.

We continued to measure the surface topography and
modulus of the LNMO electrode aer 30 cycles (Fig. 2g and h).
With this extended cycling, the CEI composition evolves, as the
amount of organic components from electrolyte oxidation in
the CEI increase and transition-metal dissolution products (e.g.,
MnFx) incorporate into the interphase.9,50 The modulus distri-
bution of manually segmented regions shows 2.7 ± 0.1,
6.5 ± 0.7, 2.0 ± 0.1 and 5.1 ± 0.4 GPa in the CEI layer (region I–
IV) and 1.8 ± 0.8 GPa in the non-CEI layer (Fig. 2i). The non-CEI
layer still displayed a lower modulus than the CEI layer formed
on the surface of LNMO crystalline (Fig. 2h). The slight increase
of the mean value from 1.4 ± 1.2 to 1.8 ± 0.8 GPa may result
from the migration of transition metal compounds from the
LNMO surface to the carbon/binder region during continued
cycling.49 In comparison to the electrode aer 5 cycles (s of 0.4
to 1.2 GPa), the modulus distribution in region I and III (s of
0.1 GPa) narrowed across crystal planes, which suggests more
uniform mechanical properties of the local CEI layer. This
uniformity may result from the merging of CEI layers across
neighboring particles or from the signicant accumulation of
electrolyte decomposition products, both of which contribute to
a mechanically homogenized CEI. These observations are
consistent with the progressive growth and evolution of the CEI
during cycling.51 Regions I and III exhibit lower modulus values
(2.7 and 2.0 GPa) compared to regions II and IV (6.5 and
5.1 GPa), indicating a heterogeneous CEI structure composed of
both rigid and so components. This difference may originate
from partial CEI dissolution into the electrolyte and deposition
of transition-metal dissolution products into the interphase.
J. Mater. Chem. A
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As cycling progresses, the interphase layer typically becomes
thicker due to the exposure of fresh cathode surfaces and
continued electrolyte decomposition.52 Therefore, additional
SFM measurements were conducted on the LNMO electrode
aer 60 cycles (Fig. 2j and k). Compared to electrodes cycled for
5 and 30 cycles, the elastic modulus map (Fig. 2k) shows
minimal variation across different crystal planes. Mechanical
properties become more uniform. The CEI layer at this stage
appears amorphous with a morphology characterized by
rounded particles in region I (Fig. S5), suggesting the formation
of a thicker and mechanically consistent interphase. The
manually segmented regions exhibit modulus values of
4.2 ± 0.2, 4.9 ± 1.2, 5.3 ± 1.6 and 4.2 ± 0.3 GPa in regions I–IV
(Fig. 2l). The inserted image (Fig. 2l) shows the modulus
distribution of the non-CEI region. The modulus of the non-CEI
layer increased from 1.8 ± 0.8 GPa to 4.7 ± 1.3 GPa aer
extended cycling, converging to the modulus of the CEI layer.
This result suggests that the b/c region becomes fully covered
with electrolyte decomposition products, similar to the coverage
on the LNMO surface.

To investigate the long-term evolution of the interphase
modulus, we recorded the surface topography (Fig. 2m) and the
calibrated modulus map (Fig. 2n) of the LNMO electrode aer
200 cycles, and plotted the modulus histogram for each region
(Fig. 2o). The mean value of the modulus of the non-CEI layer
corresponded to 4.2 ± 1.1 GPa and remained close to the
modulus of the adjacent CEI layer. This observation conrmed
that an interphase layer with similar composition to CEI had
also formed on the surface of the binder and carbon. Addi-
tionally, the modulus histogram displays a tail in the high-
modulus region, which may result from the incorporation of
transition-metal ion products originating from the LNMO
surface. The segmented regions exhibit modulus values of
3.6 ± 0.1, 3.7 ± 0.2, 4.6 ± 0.5 and 4.6 ± 0.5 GPa in regions I–IV
(Fig. 2o). Consistent with the contrast observed aer 60 cycles,
the modulus distribution across regions became narrower
compared to that recorded aer 5 and 30 cycles. This small
variation indicates that CEI layers maintain mechanical
uniformity even aer extended cycling.
Fig. 3 (a) Calibrated moduli of pristine LNMO and interphase layers for
standard deviation extracted from Gaussian fits. (b) Schematic illustration
LNMO surface and the b/c region, including the modulus of the differen

J. Mater. Chem. A
We then conducted conventional nanoindentation
measurements for comparison to support the methodological
validity of our results (Fig. S6). Due to the inherent constraints
of the Berkovich indenter geometry and contact mechanics
models, conventional measurements required a minimum
indentation depth of 30–100 nm on cycled electrodes. These
indentation depths signicantly exceed the CEI layer thickness,
which is approximately 20 nm. Consequently, the mechanical
properties of the underlyingmetal oxide substrate interfere with
the measurement, leading to an overestimated modulus (e.g.
z10.3 GPa on LNMO). Furthermore, conventional nano-
indentation has limited lateral resolution (z1.25 mm) and fails
to distinguish between LNMO particles and binder/carbon
regions. By contrast, the AM-FM technique is well suited for
thin-lm systems because indentation depths can be reduced to
below 2 nm, enabling reliable modulus mapping of CEI layers
without signicant substrate inuence. Its high lateral resolu-
tion not only allows clear distinction between LNMO particles
and b/c regions, but also provides topography information. This
capability enables pixel-by-pixel determination of local surface
tilt angles, allowing for the correction of modulus values
(Fig. 2b, e, h, k and n). The intrinsic elastic modulus of the CEI
was determined to be around 4 GPa aer 200 cycles.

We summarize and discuss the elastic moduli of both the
CEI and non-CEI layers at different cycle numbers, including
moduli obtained from the pristine LNMO electrode (Fig. 3a). We
calculated mean modulus values and the corresponding stan-
dard deviations (s). The standard deviation arises from two
primary contributions: measurement uncertainty and intrinsic
mechanical inhomogeneity of the interphase layer within each
region. The intrinsic mechanical inhomogeneity of the inter-
phase originates from its heterogeneous composition, which
consists of varying proportions of organic and inorganic
components as well as local CEI thickness.48 Measurement-
related contributions include frequency-tracking noise and
thermal dri of the SFM system. In principle, the relative
contribution of measurement error to s can be evaluated by
comparing s values across different samples or across different
regions within the same sample. In this study, the smallest s
med after 5, 30, 60 and 200 cycles. The error bars correspond to the
of the evolution of the modulus within the interphase layer on both the
t components present in the pristine electrode.

This journal is © The Royal Society of Chemistry 2026
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Table 1 Summary of the calibrated moduli of pristine LNMO and
interphase layer formed after 5, 30, 60 and 200 cycles, including their
mean values and standard deviations

Pristine 5 cycles 30 cycles 60 cycles 200 cycles

LNMO (GPa) 126 � 20 3.2 � 1.1 4.5 � 1.6 4.1 � 0.7 3.9 � 0.8
b/c (GPa) 1.9 � 0.1 1.6 � 0.3 2.2 � 0.7 3.5 � 1.1 3.9 � 0.4
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observed is approximately 0.1 GPa. So, the s arises mainly from
interphase mechanical heterogeneity rather than instrumental
noise under the optimized experimental conditions employed.
We also calculated the mean modulus and standard deviation
separately for crystalline LNMO regions and b/c regions for each
sample (Table 1). This parameter reects the dispersion of
measured modulus values within each distinct surface region.
The clean crystalline LNMO surface and b/c mixture exhibited
modulus values of 126 ± 20 GPa and 1.9± 0.1 GPa, respectively.
Average modulus values with corresponding standard devia-
tions of the CEI layer aer 5, 30, 60, and 200 cycles were
3.2 ± 1.1, 4.5 ± 1.6, 4.1± 0.7, and 3.9± 0.8 GPa, respectively. In
the LNMO regions, this dispersion is primarily attributed to
variations in crystal orientation.48 As for the b/c regions, they
exhibit the lowest modulus dispersion prior to cycling.
However, the dispersion in the b/c regions increases aer
cycling. We attribute this increase to microscale heterogeneity
leading to local variations in ionic diffusivity. This dispersion
promotes non-uniform interphase formation across the b/c
network.53 The observed CEI modulus values are reasonable,
as CEI layers which formed under cycling conditions are oen
much soer than pure inorganic layers8 (e.g., LiF and Li2CO3),
due to their porosity and the incorporation of organic species.
Organic and inorganic species, like oligomers and Li2CO3 are
thermodynamically unstable at around 4 V vs. Li/Li+. Never-
theless, oligomeric species and Li2CO3 persist within the CEI
under cycling conditions owing to kinetic limitations54 and
a dynamic regeneration process.55 Both effects result in the
retention of these species within the CEI rather than their
complete oxidative removal during battery cycling. The initial
increase in modulus from 3.2 to 4.5 GPa likely reects inter-
phase densication or an increase in inorganic content during
early CEI formation. This interpretation is consistent with the
ndings of previous studies,49 who observed progressive accu-
mulation of inorganic species from the rst few formation
cycles up to 20 cycles. An alternative explanation is that the
initial organic-rich CEI is mechanically unstable and prone to
cracking. This instability may lead to localized stiffening due to
structural reorganization and the redistribution of inorganic
species. The relatively high standard deviation of 1.6 GPa aer
30 cycles further suggests modulus non-uniformity across
different crystalline facets. Based on the above analysis, we
conclude that the interphase exhibits pronounced heteroge-
neity (Fig. 3b) aer the initial pre-cycled stages (5 and 30 cycles).
These results indicate that the CEI behaves as a dynamic and
non-uniform layer during the early stages of cycling. Initially,
this lateral heterogeneity (Fig. S4c) indicates localized electro-
lyte decomposition, which leads to the formation of
This journal is © The Royal Society of Chemistry 2026
a chemically mixed and unstable CEI that is unevenly distrib-
uted across the crystalline surface. Partial CEI dissolution into
the electrolyte and deposition of transition-metal species within
the interphase further contribute to spatial variations in
modulus. In situ SFM imaging (cycling up to 4.5 V) shows that
CEI lms form mainly at the edge planes of LiCoO2 crystals and
decompose upon discharge, while little lm growth occurs on
the basal planes.56 Similarly, CEI formation on LNMO particles
strongly depends on the specic crystallographic planes
exposed at early stage.47

Aer 60 cycles, both the average modulus and standard
deviation decreased to 4.1 GPa and 0.7 GPa, respectively. Aer
200 cycles, the modulus stabilized at approximately 3.9 GPa
(Table 1). This downward trend in the standard deviation
indicates mechanical homogenization (Fig. 3b) upon extended
cycling (60–200 cycles), likely resulting from the formation of
a more elastic and continuous CEI layer, which evolves from
a heterogeneous, compositionally diverse interphase in the
early stages. Such evolution is consistent with progressive CEI
degradation and reorganization driven by electrolyte oxidation.
The improvement in uniformity results from ongoing electro-
lyte decomposition and transition-metal dissolution, which
together produce a re-evolved and compositionally mixed CEI.57

For the non-CEI regions, the modulus initially decreases
slightly from 1.9 ± 0.1 GPa to 1.6 ± 0.3 GPa aer 5 formation
cycles (Fig. 3a). This decrease is likely due to the deposition of
organic electrolyte decomposition products. The subsequent
increase to 2.2 ± 0.7 GPa suggests increased incorporation of
inorganic components and densication of the non-CEI layer.
Aer 60 and 200 cycles, the modulus of the non-CEI region
stabilizes at 3.5 ± 1.1 GPa and 3.9 ± 0.4 GPa, respectively,
showing a similar trend to that of the CEI layer. This conver-
gence in mechanical behavior (Fig. 3b) indicates that the non-
CEI region also undergoes stabilization, consistent with
previous studies reporting that electrolyte decomposition
products in inactive regions becomemechanically stable during
prolonged cycling.49 This mechanical convergence is further
elucidated by time-of-ight secondary ion mass spectrometry
(ToF-SIMS) depth proling to track the chemical evolution of
the interphase. The NiO2

−- and C2
−-fragments (Fig. S7) enable

a reliable spatial distinction between LNMO particle regions
and b/c regions. C2HO− fragments result from organic electro-
lyte decomposition and exhibit similar depth distributions in
both LNMO and b/c regions across different cycling stages
(Fig. S8a–c). PO3

− fragments are formed as decomposition
products from the conducting salt LiPF6. Across all samples the
signal intensity of PO3

− is higher in the LNMO region than in
the b/c region; however, the difference decreases signicantly
from 0.18 to 0.09 aer 200 cycles (Fig. S8d–f). This reduction
directly correlates with the decreasingmodulus gap between the
interphase on LNMO and b/c regions, from 3.2 ± 1.1 GPa vs.
1.6 ± 0.3 GPa at early stages to 3.9 ± 0.8 GPa vs. 3.9 ± 0.4 GPa
aer long-term cycling. Furthermore, the gradual increase of
NiO2

− intensity in the b/c region (Fig. S8d–f) suggests a non-
uniformly covering CEI, which allows for transition metal
dissolution and redeposition under high-voltage conditions.
Aer 200 cycles, the interphase layer on both LNMO and b/c
J. Mater. Chem. A
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regions develop a characteristic layered CEI-like structure,
which shows an organic-rich outer layer and an inorganic-rich
inner layer (green lines in Fig. S8). Overall, the ToF-SIMS
results indicate that the interphase in the b/c regions progres-
sively evolves toward a CEI-like composition, providing
evidence for the observed mechanical convergence.

During the early cycling stage, the heterogeneous CEI
remains unstable. Both the soer (z2 GPa) and harder
(z6 GPa) regions progressively evolve toward an intermediate
modulus of z4 GPa. The initially lower modulus can be
enhanced through further oxidation of electrolyte products and
the deposition of inorganic species, which improves mechan-
ical stability but simultaneously increases interphase imped-
ance due to the accumulation of inorganic compounds (such as
MnFx and LiF). This process of mechanical stabilization
generally emerges aer approximately 60 cycles. Unlike the
formation of a thin, continuous, and ordered interfacial
protection layer of dissolved Cu and Fe ions in hydronium-ion
batteries,58 the redeposition of dissolved transition-metal ions
of Mn and Ni tends to occur on the electrode surface in
a heterogeneous and poorly ordered manner. This disordered
redeposition contributes to an interphase with higher ionic
resistivity. Consequently, these deposits at the electrode surface
can severely impede Li+ transport kinetics and accelerate elec-
trolyte oxidation at the exposed active sites.

To directly study the accompanying evolution of ion-
transport and charge-transfer kinetics associated with this
mechanically stabilized interphase, we performed electro-
chemical impedance spectroscopy (EIS) measurements on
LNMO/Li cells aer 5, 30, 60, and 200 cycles (Fig. S9a). The
Nyquist plots consist primarily of two semicircles, which we
attribute to the solid electrolyte interphase lm resistance (Rf)
in the high-frequency region and the charge-transfer resistance
(Rct) in the medium-frequency region. We used the equivalent
circuit model (inset in Fig. S9a) to t the impedance data. The
impedance spectra reveal that Rf increased from 61 U to 86 U

aer 60 cycles, and further increased to 104 U aer 200 cycles
(Fig. S9b), where CEI modulus stabilized at around 4 GPa. This
trend provides direct evidence for increased ionic transport
Fig. 4 Quantitative analysis of CEI components in dependence on
decomposition products, the ratio dependence of C]O to C–O in C 1s
dependence of LiF and P–F bonding in the F 1s spectra.

J. Mater. Chem. A
resistance which is related to interphase layer evolution.
Consequently, the extracted Rct increased with cycling and
reached as high as 347 U aer 200 cycles. This increased Rct

restricted interfacial charge-transfer kinetics aer long-time
cycles. It is also noteworthy that both Rf and Rct at the 5th
cycle are higher than those at the 30th cycle. The decrease in
both values is consistent with the formation of a chemically
unstable and continuously evolving interphase during the early
cycling stage. A more mature SEI formed upon subsequent
cycling which facilitates Li+ de-solvation and interfacial charge
transfer, leading to reduced impedance.59 The EIS results
complement our ndings. As the mechanical homogeneity
improved with cycle numbers, the interphase layer impedes Li+

transport properties and slows electrochemical kinetics. The
latter leads to the degradation of capacity retention and rate
capability during extended cycling.60

To establish a direct link between the observed mechanical
changes and the underlying chemical origin of the CEI, we
studied the compositional changes of the interphase at
different cycling stages using X-ray photoelectron spectroscopy
(XPS). XPS spectra were collected from the LNMO electrode
before and aer 5, 30, 60, 200 cycles (Fig. S10). In the C 1s
spectra, the C]C signal originates primarily from the conduc-
tive carbon. The measurements exhibit a gradual decrease in
C]C relative intensity aer cycling, which indicates a decom-
position reaction of the electrolyte on the surface of conductive
carbon, leading to interphase formation on its surface.61 Aer
60 cycles, the C]C peak exhibits an increase in binding energy
of approximately 0.3 eV, associated with the formation of an
electric potential gradient between the cathodematerial and the
CEI.62 This peak shi and the further decrease in intensity aer
200 cycles indicate the formation of a distinct interphase layer
covering the conductive carbon surface at this stage. The C–C/
C–H, C–O, and C]O signals result from products of the organic
electrolyte decomposition. To quantitatively describe the C–C/
C–H, C–O and C]O evolution, we calculated the total peak area
of these three components and the intensity ratio of C]O to
C–O bonds (Fig. 4a). The total organic peak area decreased
slightly from 5 to 60 cycles and then increased substantially
cycling number. (a) The peak area evolution of organic electrolyte
spectra, and C]O/P]O to C–O/P–O in O 1s spectra. (b) Peak area

This journal is © The Royal Society of Chemistry 2026

http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/d5ta09458e


Paper Journal of Materials Chemistry A

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 1

7 
A

pr
il 

20
26

. D
ow

nl
oa

de
d 

on
 4

/1
7/

20
26

 1
0:

50
:4

4 
PM

. 
 T

hi
s 

ar
tic

le
 is

 li
ce

ns
ed

 u
nd

er
 a

 C
re

at
iv

e 
C

om
m

on
s 

A
ttr

ib
ut

io
n 

3.
0 

U
np

or
te

d 
L

ic
en

ce
.

View Article Online
aer 200 cycles, reecting the combined effects of component
decomposition, dissolution, and regeneration. Meanwhile, the
C]O to C–O ratio increased with cycling, indicating a trans-
formation from initially formed ether-rich oligomers to a more
oxidized carbonyl network. This interpretation is supported
by the signals corresponding to O 1s: the ratio of C]O/P]O to
C–O/P–O in O 1s spectra decreased slightly aer 30 cycles and
then increased aer 60 and 200 cycles. Such a compositional
shi is expected to increase the modulus within the organic CEI
components.

However, the CEI layer is composed of both organic and
inorganic components. Thus, the modulus of the interphase
layer should not only depend on changes in the organic
deposits. In the F 1s spectra, the P–F and LiF signals originate
from inorganic lithium-salt decomposition products, which
generally possess higher moduli than organic carbonate-
derived species. For example, crystalline LiF exhibits
a modulus as high as approximately 89 GPa.8 Accordingly, we
quantied the evolution of LiF and P–O peak areas as a function
of cycle number (Fig. 4b). Aer 30 cycles, the peak area of the
LiF signal reached a maximum. LiF is chemically stable and
resistant to further decomposition.63 With continued cycling,
electrolyte solvent decomposition continued, and the peak area
of the LiF signal decreased due to the increase in organic CEI
components. However, we cannot exclude that the decrease in
LiF content aer long-time cycles may also result from LiF
detachment as a result of CEI decomposition.45,64 In summary,
we conclude that a LiF-richer layer might be present as an inner
layer of the CEI aer a higher cycling numbers. A LiF-richer
inner layer would contribute less to the measured surface
modulus.

Considering a continuously evolving CEI morphology and
modulus values of only several gigapascals, the CEI can be
identied as being dominated by organic compounds. In this
structure, LiF does not form a continuous, high-modulus
inorganic framework. So, there is a limited inuence on the
overall surface modulus. The interphase modulus evolved from
a relatively low value associated with C–O rich compositions
aer the initial 5 cycles (Table 1). The increased ratio between
C]O/C–O leads to stronger molecular polarity, which suggests
enhanced intermolecular interactions. The intermolecular
interactions restrict segmental mobility, leading to an increased
mechanical modulus within the organic interphase layer. A
relatively higher modulus exists owing to less organic electrolyte
decomposition and more LiF aer 30 cycles. Finally, the stabi-
lization at approximately 4 GPa arises from the combined
effects of increased organic oxidation and the reduced contri-
bution of LiF to the surface-sensitive modulus measurement.

To gain insights into the thickness of the CEI at different
cycling stages, several complementary approaches were
explored. SFM scratching experiments suggest a CEI thickness
on the order of 15 nm, while cross-sectional transmission
electron microscopy (TEM) observations indicate an apparent
interphase thickness exceeding 20 nm. XPS spectra of cycled
electrodes still exhibit detectable metal-oxide signals, implying
that the CEI is porous rather than fully dense. However, these
thickness estimates are subject to substantial uncertainties due
This journal is © The Royal Society of Chemistry 2026
to incomplete CEI removal during SFM scratching, projection
and crystallographic orientation effects in TEM imaging, and
the limited applicability of signal attenuation analysis for
porous interphases. These approaches provide only order-of-
magnitude estimates. As a result, these thickness estimates
cannot be directly compared with surface-sensitive elastic
modulus measurements quantitatively.
Conclusion

We measured the mechanical properties of the interphase layer
formed on LiNi0.5Mn1.5O4 (LNMO) cathodes by using the
bimodal amplitude modulation-frequency modulation (AM-
FM) mode in scanning force microscopy (SFM). The lateral
resolution enabled us to distinguish different components in
composite electrodes and record the height information of each
pixel. Owing to the different orientation of LNMO crystals, we
calibrated the AM-FM method by using silica microspheres. A
correction factor was obtained for different indentation angles
enabling accurate calibration of modulus values across the
electrode surface. By combining AM-FM technology with tilt-
angle calibration, we are able to apply this approach to char-
acterize various cathode materials and obtain accurate, quan-
titative modulus maps of their CEI layers.

The measured evolution in modulus reects an initial CEI
passivation process, followed by subsequent reformation. A key
nding is the progressive mechanical homogenization of both
the CEI on the LNMO region, and non-CEI on binder/carbon
(b/c) region, which eventually converged to a modulus of
approximately 4 GPa during long-term cycling. ToF-SIMS depth
proling provides the chemical evidence for this mechanical
convergence. The chemical contrast between LNMO and b/c
regions signicantly decreased as both areas evolved toward
a similar layered interphase. This nding conrms that the
interphase on b/c regions progressively evolves toward a CEI-
like chemical composition. XPS analysis reveals that the
modulus evolution was driven by a compositional shi from
ether-rich oligomers to a more oxidized carbonyl network. The
nal stabilized modulus reects an organic-dominated inter-
phase. EIS measurements further correlate the mechanical
homogenization with an increase in both interphase and
charge-transfer resistances.

It is well established that CEI exhibits depth-dependent
compositional heterogeneity.65 Therefore, the change in
modulus is not determined by thickness alone. Instead, it is
driven by compositional changes at different depths. AM-FM
measurements primarily probe the outer CEI due to the
shallow tip–sample interaction. The progressive removal of the
outer CEI can be achieved by systematically increasing the tip–
sample interaction force and adjusting scanning parameters.
Subsequent AM-FM measurements on these modied surfaces
increasingly reect the mechanical properties of the inner CEI.
Such depth-resolved investigations of the CEI modulus and
structure may contribute to a deeper understanding of its
functional mechanisms and provide useful guidance for the
future design of the CEI in high-voltage cathode systems.
J. Mater. Chem. A
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Experimental details

Coin cell assembly
Preparation of the LNMO electrode. The LNMO slurry was

prepared by mixing LiNi0.5Mn1.5O4 (LNMO) (RONBAY TECH-
NOLOGY), poly(vinylidene uoride) (PVDF, >99.9%) (Xiamen
Tmax), and conductive carbon (Xiamen AOT, battery grade) in
N-methyl-2-pyrrolidone (NMP) (Carl Roth, >99.8%) at a mass
ratio of 90 : 5 : 5. The mass ratio of PVDF to NMP was 1 : 16. The
slurry was stirred for 8 hours at 800 rpm, then cast onto
aluminum foil, blade-coated, and dried at 80 °C for approxi-
mately 12 hours. The dried electrode was punched into circular
disks with a diameter of 14 mm, resulting in an active material
loading of approximately 4.2 mg cm−2.

Assembly of coin cells. 2032-type coin cells were assembled in
an argon-lled glovebox (MBRAUN; p(H2O)/p# 0.1 ppm, p(O2)/p
# 0.1 ppm), using the LNMO cathode, polypropylene (PP)
separator (PP-25, Celgard), lithium foil counter electrode, and
60 mL of electrolyte. The electrolyte (Sigma-Aldrich, battery
grade) contained 1 mol LiPF6 in a 1 : 1 (v/v) mixture of ethylene
carbonate (EC) and diethyl carbonate (DEC). Pure dimethyl
carbonate (DMC, 99%, Sigma-Aldrich) was used to remove
residual lithium salts. Aer assembly, the cells were removed
from the glovebox and allowed to rest for 8 hours before
electrochemical testing.

Charge/discharge tests. The charge/discharge tests were
performed using a LAND battery testing system (Wuhan, China)
under a constant current program. The operating voltage
window for the LNMO/Li coin cells was 3.5–5.0 V. Based on the
theoretical capacity of LNMO, the C-rate was dened specic
current (e.g. 1C = 170 mA g−1). A C-rate of 0.2C was applied for
the initial ve cycles to promote interphase layer formation,
followed by a current rate of 0.5C for the remaining cycles at
28 °C.

Electrochemical impedance spectroscopy (EIS). EIS was
carried out within the frequency range from 100 kHz to 10 mHz
with an amplitude of 10 mV. Ten data points were collected per
frequency decade. To ensure consistency and account for the
potential dependence of charge-transfer resistance, all EIS
spectra were recorded at the fully discharged state. Fitting was
performed using EC-Lab soware (Bio-Logic) with an equivalent
circuit model R1 + Q2/R2 + Q3/R3. In this model, R1 represents the
ohmic resistance (solution resistance and contact resistance).
The rst parallel combination Q2/R2 corresponds to the
formation of an interphase lm at the high-to-medium
frequency range. The second parallel combination Q3/R3 is
attributed to charge transfer resistance. Constant Phase
Elements (CPEs, Q) were employed instead of pure capacitors to
account for the non-ideal capacitive behavior resulting from
surface roughness or inhomogeneity.

Scanning electron microscopy (SEM). SEM measurements
were performed in a eld-emission SEM (Hitachi SU8000).
Images were recorded using an accelerating voltage of 3 kV.
Energy-dispersive X-ray spectroscopy (EDX) was conducted
using a eld-emission SEM at 3.0 kV, with area mapping over
a representative LNMO electrode surface.
J. Mater. Chem. A
Nanoindentation. Young's moduli were measured by nano-
indentation using a MFP Nanoindenter (Asylum Research,
Oxford Instruments, USA) equipped with a diamond Berkovich
indenter. Each series of indentations was done on a grid of 16×
16 indents on a 20 × 20 mm2 area. The virtual deection and
Inverse Optical Lever Sensitivity were calibrated by sapphire
indenter and sapphire standard sample. The Young's moduli
were calculated by tting the indentation curves according to
the Oliver–Pharr method66 using the AR18.16.32 soware
(Asylum Research, Oxford Instruments, USA). The Young's
modulus was obtained as elastic response of the sample upon
unloading from the slope of the onset of the unloading curve.
Since applying a load of 3 mN to the LNMO surface resulted in
a force–displacement curve with no well-dened slope, we used
a higher load force of 6 mN so that analyzable loading and
unloading curves could be measured. During nanoindentation
measurements, some force–displacement curves exhibited
irregular or non-physical behavior, such as abnormal loading-
unloading responses. These irregular curves are typically
caused by surface contamination, poor tip-surface contact, or
local surface roughness. These invalid measurements were
excluded from further analysis by applying a mask in the force
map.

Reference sample preparation
Polystyrene (PS) lm sample. A PS solution (40 mg mL−1) was

prepared by dissolving polystyrene (molar weight = 110 843 g
mol−1) in tetrahydrofuran. Then, 60 mL of the PS solution was
dropped onto a glass substrate. A uniform PS lm was obtained
by using a spin coater (LabSpin6, SUSS MicroTec) operated at
2000 rpm, with an acceleration of 400 rpm s−1 and a spin time
of 30 seconds. The coated lm was then le in a fume hood at
room temperature for 3 hours. The nal lm thickness was
approximately 500 nm.

Silica microspheres sample. A silica microsphere (SiO2)
dispersion (SS04N, Bang Laboratories, Inc.; mean radius z1.5
mm) was diluted with ethanol. Then, the diluted dispersion was
dropped onto the prepared PS lm. The sample was kept at
room temperature for 10 minutes, followed by drying in an oven
at 110 °C for 20 minutes.

Scanning force microscopy. SFM measurements were per-
formed using the MFP-3D Innity system (Asylum Research,
Oxford Instruments, USA) in an argon-lled glovebox
(MBRAUN, p(H2O)/p # 0.1 ppm, p(O2)/p # 0.1 ppm; argon
purity: 99.9999% from Air Liquide). Gwyddion soware (https://
gwyddion.net) was used for SFM data analysis. SFM cantilevers
(160AC-NA, MikroMasch) with a nominal spring constant of
26 N m−1 and resonance frequency of 300 kHz were employed
for both topography and modulus mapping. All cantilevers had
an aluminum reective coating on the backside.

Amplitude modulation-frequency modulation mode. AM-FM
mode operates in a manner similar to tapping mode, applying
gentler forces than contact mode, making it suitable for
imaging thin lms. Under appropriate operating parameters,
the maximum indentation depth is maintained below 2 nm. In
AM-FM mode, two oscillator signals are combined to simulta-
neously excite the cantilever's rst and second resonancemodes
This journal is © The Royal Society of Chemistry 2026
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Fig. 5 Schematic illustration of the working principle of AM-FM mode. A1,free and A2,free represent the free amplitudes of the first and second
resonance modes, respectively. A1 denotes the instantaneous amplitude of the first mode. Df2 indicates the resonance frequency shift of the
second mode.
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(Fig. 5).67,68 The detection signal is subsequently analyzed to
isolate the responses corresponding to each resonance. The rst
resonance is used for amplitude modulation (AM) mode. The
amplitude A1 serves as the feedback signal, and then the
controller adjusts the cantilever's z-position to maintain
a constant setpoint amplitude, thereby generating topography
data. The second resonance is used for frequency modulation
(FM) mode. A phase-locked loop maintains the phase of the
cantilever oscillation at 90° and adjust the drive frequency as
required. The resulting frequency shi is used to calculate the
elastic modulus, with stiffer surfaces producing larger shis
than those observed for soer surfaces.35 A punch-shaped SFM
tip model is applied because the tip radius is smaller than the
indentation depth. The cantilever's effective indentation radius
is determined using reference samples of known modulus.27

The theory of elastic modulus quantication used in AM-FM
mode has been described previously.35,36 As the tip radius is
much smaller than the contact radius, the SFM tip is modeled
as a at punch. Based on this assumption, the elastic modulus E
was calculated using the following formula:

E ¼ p

R

ffiffiffi
1

6

r �
k1

Q1

A1;free

A1;set

cos F1

��1=2�
2k2Df2

f2

�3=2

where R is the contact radius, k1, A1,free, Q1, A1,set and F1 are the
spring constant, free amplitude, quality factor, setpoint ampli-
tude and interaction phase for the rst mode. f2, Df2 and k2 are
the resonance frequency, frequency shi and spring constant at
the second mode. The spring constant k1, resonance frequency
f1 and quality factors Q1 are determined before the experiment
by tting the thermal noise spectra of the cantilever away from
the surface. In addition, the cantilever was sinusoidally excited
by a piezoelectric actuator. We recorded the oscillation ampli-
tude and phase as a function of frequency. The excitation
amplitude was adjusted so that the cantilever oscillated at
a desired steady-state amplitude of A1,free in the absence of tip–
sample interaction. The free amplitude (A1,free) at the rst
resonance was around 150 nm and at the second one was
approximately 0.5 nm. The second resonance frequency f2 was
identied from the peak in the amplitude spectrum. The second

spring constant k2 was calculated using: k2 ¼ k1 �
�
f2
f1

�2

. Upon

approaching the sample, the interaction phase F1 was deter-
mined at the rst resonance frequency as the phase difference
between the cantilever deection signal and the driving signal.
This journal is © The Royal Society of Chemistry 2026
We adjusted the setpoint amplitude A1,set until we obtained
a stable interaction phase F1 of below 60°. For this setting the
ratio between set and free amplitude is around 0.7. A small
amount of frequency shi Df2 was applied via the piezoelectric
actuator to maintain the second eigenmode on resonance as the
tip interacts with the sample. To estimate the tip radius (R), we
used reference samples (polystyrene with a modulus of 3 GPa 69

and fused silica with a modulus of 73 GPa). The closer the
modulus of the reference and test sample, the more accurate
the result. For example, the modulus of b/c aggregates is typi-
cally overestimated when measured against a calibration
sample of fused silica, because the modulus of b/c (1–2 GPa)
differs signicantly from that of fused silica. So, we calibrated
b/c electrode with polystyrene lm sample. We rst performed
an AM-FMmeasurement on the reference sample and extracted
the tip radius value by tting the measured frequency shi to
the corresponding theoretical equation. Aer themeasurement,
we repeated the calibration on the reference samples. We only
considered measurements where the difference in tip radius
values before and aer the sample measurement was less than
10%. The second resonance frequency (f2) is theoretically 6.267
times larger than the rst resonance frequency (f1).70 However,
the actual ratio deviates slightly due to tip mass, cantilever
geometry, and material inhomogeneity.71 In our experiments,
the second resonance frequency was around 5.7 times larger
than the rst resonance frequency. We used high-frequency
cantilever holder during AM-FM measurement to ensure accu-
racy at these low amplitudes. We employed the sigma (s) value
to represent the histogram distribution and tting error, which
was calculated using the following formula:

s ¼ w

2
ffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2 lnð2Þp

Here w denotes the full width at half maximum (FWHM)
parameter extracted from the Gaussian tting results. We also
calculated the sample standard deviation (SD) to quantify the
variability of the moduli across different crystal facets in
summary of the calibrated modulus table (Table 1).

Tilt angle calibration. The AM-FM mode described above is
based on the Hertz contact model,36 which assumes a at
surface. However, when measurements are performed on tilted
surfaces, the effective indentation area changes, leading to
inaccurate modulus values.38,72 In this study, we focus on CEI
layers formed on crystalline surfaces, which oen exhibit tilted
J. Mater. Chem. A
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Fig. 6 Modulus calibration for different local tilt angles. (a) 3D topography of silica microspheres. The overlayed color scale represents the
apparent modulus. (b) Apparent modulus in dependence on surface tilt angle. The error bars correspond to the standard deviation of the mean.
(c) The ratio of apparent to real modulus as a function of surface tilt angle (q). The blue line represents a polynomial fit from 0 to 45°. The red line
shows a correction factor based on a geometrical relationship (1/cos q)2.5.
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surfaces. Therefore, angle calibration is essential to correct the
measured modulus for obtaining accurate mechanical proper-
ties of interphase layers.

We used silica microspheres with a radius of z1.5 mm as
calibration samples. Silica is mechanically isotropic, with
a nominal modulus of 70 GPa.73 The measured apparent
modulus reduces with increasing tilt angle (Fig. 6a). For tilt
angles >z70° the tip may slide sideways resulting in an unde-
ned tip sample contact. Then modulus calculation becomes
unreliable. The soware detects these events and automatically
masks the corresponding pixels during measurement. By
extracting modulus values at different tilt angles, we obtained
the distribution of measured modulus as a function of angle
(Fig. 6b). The modulus initially decreases with increasing tilt
angle, and then gradually increases beyond approximately 60°.
To calculate modulus of tilted surfaces, we dene a correction
factor as the ratio between the apparent and nominal modulus
of the silica sphere (Fig. 6c). A. N. Ahmine et al. reported that for
a spherical tip, the correction factor scales with (1/cos q)2.5,
where q is surface tilt angle.74 In our calibration, the decrease in
apparent modulus from 0° to around 50° follows a (1/cos q)2.5

dependence. In order to calculate the modulus of surfaces at
any angle and to take into account non-spherical tip shapes, we
used polynomial tting to derive a specic correction factor for
our system (Fig. 6c). The tting equation was:

Kc = 1.00031 + 0.00161q − 1.43861 × 10−4q2 − 2.55867 × 10−5q3

+ 4.53632 × 10−7q4

where q is the local tilt angle (in degrees), and Kc is the
correction factor. Only data from regions with tilt angles below
45° were used for tting, as the trend below 50° is well-
J. Mater. Chem. A
approximated by the (1/cos q)n dependence, and the poly-
nomial t aligns well with the raw data with an applied tting
cut-off angle of 45°. In all subsequent data analysis, we apply
this equation to compute the correction factor and mask
regions with local tilt angles above 45°.

X-ray photoelectron spectroscopy (XPS). XPS measurements
were performed on electrode samples cycled up to 200 cycles.
Samples were mounted on a sample holder inside an argon
glovebox (p(H2O)/p# 0.1 ppm, p(O2)/p# 0.1 ppm) using double-
sided copper tape on top of polyimide tape, insulating the
samples from the spectrometer in a ‘oating’ conguration. The
holder was sealed under vacuum before transferring to a Kratos
AXIS Supra + X-ray photoelectron spectrometer. A mono-
chromated Al Ka X-ray source (1486.6 eV) with X-ray power of
225 W was used for measurements, with the ‘slot’ collimation
and ‘hybrid’ lens modes. The analysis spot size was approxi-
mately 700 × 300 mm2. Charges was neutralized during
measurements with a current of 0.43 A, bias of 1.1 V and charge
balance of 4.1 V. A pass energy of 20 eV was used for high-
resolution scans.

The CasaXPS soware was used for spectral analysis,
employing a Shirley background and employing the Gaussian–
Lorentzian GL (30) peak shape. Energy calibration was per-
formed using the peak for sp3 carbon (C–C) from the surface
layer hydrocarbon species at 284.8 eV. The calibration was
veried by checking the binding energy positions for spectra of
all other elements. The probing depth for the measurements is
estimated at approximately 14 nm, using polyethylene as
a material representative in density to the interphase layer, and
employing the TPP-M2 equation75,76 (probing depth z 3 times
the inelastic mean free path of electrons). The binding energy
and assignment of each peak are presented in the Table S1.
This journal is © The Royal Society of Chemistry 2026
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Time-of-ight secondary ion mass spectrometry (ToF-SIMS).
SIMS was performed using a ToF-SIMS M6 hybrid instrument
(IONTOF GmbH, Münster, Germany). To prevent atmospheric
exposure, samples were transferred into the ultra-high-vacuum
chamber under an argon atmosphere via a Leica EM VCT500
shuttle (Leica Microsystems GmbH, Wetzlar, Germany). Mass
spectra were collected in negative-ion mode using a 30 kV Bi
primary ion using Bi1

+. The analyzer was operated in delayed
extraction mode, yielding amass resolution (m/Dm) ofz4700 at
m/z = 19.00 u (F−) and a signal intensity of roughly 25 000
counts per second. Charge compensation was maintained using
a low-energy electron ood gun. An analysis area of 25× 25 mm2

was rastered at a 512 × 512 pixel resolution with a 100 ms cycle
time (mass range m/z = 0–963 u). Spectra were calibrated using
O−, C2

−, MnO2
− and NiO2

− fragments. Given the nanometer-
thick CEI, the primary ion dose during image acquisition was
sufficient to provide depth resolved information. Since sputter
yields were unknown, ion uence was used to represent depth
resolved information.

Data evaluation was conducted with SurfaceLab 7.6 soware
(IONTOF, Germany). Regions of Interest for the LNMO particles
and b/c region were dened using intensity thresholds of NiO2

−

and C2
− signals, respectively. This segmentation allows for

a comparison of the CEI chemical composition across the
different electrodes.
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