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Discontinuous coordination boosting ion
transport in solid polymer electrolytes

Bochun Liang, †ab Xue-Yan Huang, †c Shendong Tan, a Tairan Wang, b
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Chen-Zi Zhao, *c Jun Fan, *b Tingzheng Hou *a and Qiang Zhang cf

Decoupling Li+ transport from polymer segmental dynamics is crucial for enhancing ionic conductivity (s) and

transference number (t+) in solid polymer electrolytes (SPEs). Herein, by studying four ether-based SPEs with

varying oxygen density, we identify a transition from polymer relaxation-limited ion transport in poly(ethylene

oxide) (PEO) to ion hopping-dominant transport in poly(tetrahydrofuran) (PTHF), poly(1,3-dioxolane) (PDOL),

and poly(trioxymethylene) (PTOM). Molecular dynamics simulations and solid-state 7Li nuclear magnetic

resonance reveal origins of the transition. In PTHF, weak solvation with lithium bond characteristics contri-

butes to a less-shielded Li+ environment, while in PDOL and PTOM, the discontinuous coordination (DC)

structure and multi-chain binding are pivotal. The presence of DC structures is experimentally confirmed by

in situ attenuated total reflection Fourier transform infrared spectroscopy and supported by quantum

chemistry calculations. As a result, PDOL and PTOM exhibit t+ values exceeding 0.5 and enhanced s values

of 4.3 � 10�3 and 8.5 � 10�3 S cm�1 at 373 K, respectively. The Li/SPEs/LiFePO4 cell with ex situ-prepared

PDOL achieves a superior capacity retention of 90.8% after 50 cycles. This work underscores the significance

of functional group spacing in tuning the transport mechanisms and demonstrates how the decoupling

strategy can guide the bottom-up design of advanced SPEs.

Broader context
Solid polymer electrolytes (SPEs) are key candidates for enabling high-energy lithium metal batteries, yet their practical application is fundamentally restricted
by the intrinsic coupling between ion transport and sluggish polymer segmental dynamics. This work presents a transformative molecular-level strategy to
overcome this limitation by precisely tuning the functional group density along polymer backbones. Specifically, increasing the oxygen density in ether-based
SPEs effectively decouples Li+ motion from segmental relaxation, leading to a 2–3 fold increase in both ionic conductivity and Li+ transference number
compared with conventional poly(ethylene oxide) (PEO). The origin of the transition is identified as the formation of unique discontinuous coordination (DC)
structures, corroborated by a combination of in situ spectroscopic analysis and theoretical calculations. Critically, the engineered SPE enables high-
performance full Li|LiFePO4 cells that demonstrate a 5-fold increase in capacity retention after 50 cycles, confirming its device-level superiority.
This performance is directly attributed to the concept of local functional group spacing control, providing a generalizable strategy applicable to energy
storage materials where ion transport and interfacial stability are intertwined. Engineering coordination chemistry through polymer structure design is
anticipated to serve as a pivotal approach to advance materials design for next-generation energy storage technologies.

1. Introduction

Solid polymer electrolytes (SPEs) offer a promising solution for
enabling the practical operation of high-energy-density lithium
metal anodes, which are challenging to pair with routine
organic liquid electrolytes due to safety concerns and dendrite
formation.1–3 SPEs are cost-effective, easier to process, and
exhibit superior interfacial compatibility,3–5 establishing them
as a leading technical pathway for the commercialization of all
solid-state batteries.6,7 Nevertheless, SPEs face significant lim-
itations, particularly low ionic conductivity (s) and low Li+

transference number (t+) at room temperature.8,9 Ether-based
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SPEs, such as poly(ethylene oxide) (PEO) and poly(tetrahydrofuran)
(PTHF), have been extensively utilized as an ionic conductive
matrix to facilitate the ionic conduction in SPEs.10–17 However,
their room-temperature s and t+ are limited to 10�4 S cm�1 and
below 0.5, respectively.4,18 These limitations of ether-based SPEs
largely arise from the strong dependence of Li+ transport on the
segmental relaxation of the polymer chains coordinating Li+.4,18,19

Ether groups in PEO, with their strong coordinating capability, are
effective in dissolving lithium salts and enhancing chain flexibility,
thereby promoting Li+ transport via segmental motion of the
polymer chains.20 However, the segmental dynamics are signifi-
cantly hindered at or below room temperature due to polymer
crystallization and the restricted relaxation of the polymer
chains.21,22

Decoupling Li+ movement from the overall polymer dynamics
is one of the effective strategies to address these issues,4,18,19,23

which can be achieved through appropriate molecular design.9,24

The rational construction of packing-frustrated structures25–27 or
liquid crystalline polymers28,29 can decouple the local sidechain
relaxation from the main chain of polymer matrices. At the
monomer level, modifying functional groups and polymer
chemistry can reduce the coupling strength between Li+ and
the polymer binding sites.16,30,31 Nevertheless, balancing the
salt solubility and the coupling strength remains challenging.4

Alternatively, variations in oxygen spacing along the polymer
backbone are expected to alter the Li+ solvation structure,
which in turn can regulate Li+ dynamics. For instance, PTHF-
based electrolytes exhibit higher Li+ transference numbers
compared to PEO-based electrolytes due to looser ether oxygen
coordination, resulting in weaker binding and easier decoup-
ling.15,16,32 Recently, ether-based polymers with denser oxygen
spacing, such as poly(1,3-dioxolane) (PDOL)33–36 and poly(trioxy-
methylene) (PTOM),37–39 have been reported to exhibit excellent
transport properties. For instance, in situ synthesized PDOL
electrolyte has demonstrated high ionic conductivity at room
temperature (410�3 S cm�1) and low interfacial resistances.33

Similarly, copolymers of PDOL and PTOM exhibit increasing ionic
conductivity and Li+ transference number as the trioxymethylene
fraction increases up to a critical point where crystallization
occurs.37 These findings suggest the potential for effectively
decoupling ion transport from segmental dynamics in ether-
based SPEs by tuning oxygen spacing. However, uncovering the
intrinsic design rules for this decoupling strategy requires a
deeper understanding of the ion transport mechanisms, particu-
larly the microscopic cation dynamics at the atomic level.34,40,41

Given the extremely small temporal and spatial scales
involved in ion motion, it is challenging to reveal the ion
transport mechanism when relying solely on experimental
techniques.42 In this context, molecular dynamics (MD) simu-
lations have become a valuable tool for investigating cation
dynamics in SPEs.15,34,43–48 Recently, a theoretical framework
has been proposed to quantify cation transport modes in MD
trajectories of SPEs, including intrachain hopping, segmental
relaxation, and interchain hopping.49–51 This approach, based
on the dynamic bond-percolation model52,53 and the Rouse
model,54 allows for the exploration of atomic-level mechanisms

governing cation transport in SPEs, including the decoupling
of Li+ transport from polymer relaxation. The advancements
in computational and sampling techniques enable rigorous
variable-controlled comparative studies and detailed mecha-
nistic investigations, paving the way for the bottom-up design
and optimization of ether-based SPEs.

In this contribution, we demonstrate that by controlling
the oxygen density in ether-based polymers, PDOL and PTOM,
which have a higher oxygen density along the polymer back-
bone, serve as superior ionic conductive phases for SPEs. Both
PDOL and PTOM electrolytes exhibit higher ionic conductivity
in the amorphous state and enhanced Li+ transference num-
bers. By quantifying the time scales of Li+ transport through
intrachain hopping, polymer segmental relaxation, and inter-
chain hopping, we reveal that Li+ transport in PEO is predomi-
nantly governed by polymer segmental dynamics, whereas in
PTHF, PDOL, and PTOM, Li+ transport is primarily facilitated
by ion hopping. Moreover, a unique solvation structure featur-
ing discontinuous coordination sites are observed in the PDOL
and PTOM electrolytes, which are validated by a combination of
in situ attenuated total reflection Fourier transform infrared
(ATR-FTIR) spectroscopy and quantum chemistry calculations.
Further analysis of Li+ dynamics, energetics of Li+–polymer
interaction, and solid-state nuclear magnetic resonance (ssNMR)
characterization illustrates that these discontinuous coordination
structures underlie the weaker correlation of PDOL and PTOM
with Li+ and contribute to the enhanced Li+ transport.

2. Results and discussion
2.1. Effects of oxygen density on transport properties

The solvation structure of cations in liquid electrolytes is deter-
mined by the solvent type, salt selection, and concentration,
all of which impact ionic transport properties.55–58 Similarly,
modifying the Li+ solvation structure in SPEs offers a potential
strategy for tuning Li+ transport modes. Unlike liquid electro-
lytes, where Li+ coordination can be adjusted by altering solvent
concentration, in ether-based SPEs, the distribution of coordi-
nating sites is fixed on the polymer backbone. Therefore, we
hypothesize that modifying the spacing of these coordinating
sites provides a direct means to influence Li+ transport.

Therefore, we investigate the effect of oxygen density on the
transport properties of ether-based SPEs using four linear
polymer matrices, PTHF, PEO, PDOL, and PTOM, with a C : O
ratio of 4 : 1, 2 : 1, 3 : 2, and 1 : 1, respectively (Fig. 1a). Each
polymer was mixed with lithium bis(trifluoromethanesulfonyl)-
imide (LiTFSI), a widely used lithium salt in SPEs for lithium
metal batteries due to its electron delocalization, and excel-
lent thermal and electrochemical stability.59–62 A molar ratio
of Li+ to ether oxygen (Oe) was set to 1 : 20 to form four
SPE systems. Classical MD simulations were performed to
obtain the key transport properties. Unless otherwise speci-
fied, these SPEs are referred to by their constituting polymers:
PTHF, PEO, PDOL, and PTOM, respectively. Polymer chain
lengths were selected according to a constant number of
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heavy atoms (or equivalently, a comparable molecular weight)
criterion.

Self-diffusion coefficients of Li+ and TFSI� were first deter-
mined by the mean-square displacement from MD simulations
(Fig. S13). Across the studied temperature range, PTOM exhi-
bits notably higher self-diffusion coefficients for Li+ and mod-
erately higher coefficients for TFSI�, followed by PDOL.
Although the difference between the Li+ self-diffusion coeffi-
cient of PTHF and those of PEO and PDOL is insignificant,
PTHF presents a notably lower value for TFSI�. Clustering
analysis (Fig. S14) reveals that the slow ion transport in
PTHF stems from impaired salt dissociation and pronounced

ion clustering, resulting from its sparse polar oxygen
solvating sites.

Moreover, both ionic conductivity (s) and lithium trans-
ference number (t+) were obtained by analyzing the MD trajec-
tories based on the Onsager transport theory, which rigorously
accounts for ion correlations in electrolytes.57,63 Fig. 1b presents
the calculated s. A clear trend can be observed for the s value:
PTOM 4 PDOL 4 PEO 4 PTHF, indicating that oxygen density
plays a significant role in governing the ionic conduction.
However, a different pattern emerges for the calculated t+

(Fig. 1c). Relative to PEO, both increasing and decreasing the
oxygen density lead to a pronounced enhancement in t+.

Fig. 1 Effects of oxygen density on transport properties of ether-based polymer electrolytes. (a) Schematic illustration of ether-based polymers in SPEs
systems, solvation structures, and the effect on Li+ transport in the contribution. The variation in oxygen density along the polymer backbone influences
the Li+ solvation structure, tuning the Li+–Oe binding strength and results in optimal Li+ transport. Hydrogen atoms are omitted in the snapshot of the
solvation structure for clarity. The calculated (b) ionic conductivity (s), (c) Li+ transference number (t+) from MD simulations, and (d) Onsager transport
coefficient analysis. The experimental measured (e) s and (f) t+. (g) The measured and calculated Tg.
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Additionally, our evaluation shows that the concentration effect
is minimal, with the trends of s and t+ remaining consistent
across varying concentrations (Fig. S15). This indicates that the
differences in transport properties arise from variations in
oxygen density. Onsager transport coefficient analysis was
further performed to quantify the fractional contributions of
different ion pair correlations to the total ionic conduction,63

P(Lij), as presented in Fig. 1d. The results reveal a unique
cation–anion correlation in PTHF, characterized by a positive
value, indicative of the cation–anion clustering discussed
above. This correlation negatively impacts the overall ionic
conductivity due to the opposite charges carried by the cation
and anion. In PEO, favorable salt dissociation leads to a
pronounced self-anion–anion correlation, whereas the self-
cation–cation correlation is weak, with a fraction even lower
than that in PTHF. This highlights a strong coupling between
Li+ transport and polymer dynamics in PEO. As the oxygen
density increases in PDOL and PTOM, the fraction of self-
cation–cation correlation rises, while that of self-anion–anion
correlation decreases. Notably, the absolute magnitudes
(Fig. S16) of both correlations increase, despite slightly aggra-
vated ion clustering. This suggests that the enhanced ionic
conductivity in PDOL and PTOM predominantly originates
from accelerated Li+ diffusion. Collectively, these results sug-
gest that distinct mechanisms govern the calculated s and t+

in the four electrolytes, while the underlying physical and
chemical origins merit further investigation.

Building on the amorphous-state simulation results, we
conducted experimental measurements to evaluate the actual
transport properties under concentrations and polymer mole-
cular weights closely matched to those in the simulations.
1H nuclear magnetic resonance (NMR) spectra confirm the
successful synthesis of these polymer matrices (Fig. S17).
Fig. 1e presents the measured s results. In the high-tem-
perature range of 373–393 K, where differential scanning
calorimetry (DSC) confirms suppressed crystallization (Fig. S18),
s decreases in the order PTOM 4 PDOL 4 PEO 4 PTHF,
mirroring the MD trend and validating the predictions for
amorphous-state conductivity. As the temperature decreases
(363–333 K), s drops more rapidly for PTOM and PDOL, altering
the conductivity order to PEO 4 PTOM E PDOL 4 PTHF. As the
temperature further decreases to room temperature (323–298 K),
a pronounced reduction in s is observed for PEO, exhibiting
the well-known non-Arrhenius temperature dependence,19

consistent with previous reports.4,60 The final conductivity
ranking at room temperature is PTHF 4 PDOL 4 PTOM 4
PEO. The melting peak at around 50 1C (Fig. S18) attributes the
drop in s for PEO to its crystallization. Further wide-angle X-ray
scattering (WAXS) measurements (Fig. S19) reveal that the addi-
tion of LiTFSI suppresses crystallization in PDOL and PTOM
compared with the pristine polymer membranes. Among these
electrolytes, PTHF exhibits the lowest activation energy, as its s
decreases more gradually with temperature, suggesting superior
low-temperature performance. Furthermore, the measured t+

trend (Fig. 1f) also aligns with the MD prediction, where PEO
exhibits the lowest value (0.23), while modifying the oxygen

density, whether increasing or decreasing, significantly enhances
t+, yielding values above 0.5. Overall, these results confirm that
tuning oxygen density effectively optimizes the transport proper-
ties of SPEs, especially promoting Li+ transport. Additionally, as
another important factor governing the ionic conductivity, the
glass transition temperature (Tg) was obtained using DSC
measurements and MD-simulated PVT relationships,64 as
shown in Fig. 1g. The calculated Tg reproduces the trend of
the measured values and agrees within approximately 30 K.64,65

This comparison rationalizes the observed room-temperature s
trend that PTHF, with the lowest Tg, exhibits the highest room-
temperature s, whereas PEO shows the opposite behavior.

2.2. Li+ transport modes

To reveal the influence of polymer chemistry and variations in
Oe spacing on Li+ transport, the Li+–polymer interaction was
first analyzed by extracting the Li+–Oe association lifetime (ts)
(Fig. S20). Among these systems, PEO exhibits the largest ts,
indicating the strong Li+–Oe association. In contrast, the
weaker Li+–Oe association in other systems facilitates more
frequent ion hopping, promoting more efficient Li+ transport.
Additional ab initio molecular dynamics (AIMD) simulations
were performed, which corroborate the Li+–Oe correlation
observed using the classical molecular force field.

The mechanistic differences in Li+ transport across these
systems were investigated by quantifying the Li+ transport time
scales in three distinct modes:49–51 intrachain hopping, poly-
mer segmental relaxation, and interchain hopping (Fig. 2a).
Specifically, t1 represents the time required for Li+ to traverse a
polymer chain via intrachain hopping. t2 denotes the relaxation
time of the polymer segment with Li+ coordination. The corres-
ponding spatial scale in the absence of intrachain or interchain
hopping is determined by the polymer radius of gyration
(Fig. 2b), while t3 corresponds to the waiting time for inter-
chain hopping to occur, which can be treated as the renewal of
the intrachain transport process and is crucial for long-range
Li+ transport.51 Additionally, the Rouse time (tR) can be defined
as the relaxation time of the whole polymer chain, which
characterizes the overall polymer dynamics. Details of the
approach can be found in Supplementary Note 5. The structural
properties and calculated time scales for the PEO system were
compared with previous studies under identical conditions
using a polarizable force field,51 showing reasonable agreement
(Table S5). Fig. 2c and d present the tR and t2 values for the four
investigated systems, respectively. The trends in t2 and tR are
similar, with PEO exhibiting the fastest polymer dynamics
(lowest values), indicating that Li+ transport in PEO is predo-
minantly facilitated via polymer relaxation. In contrast, t1 and
t3 follow the opposite trend (Fig. 2e and f), where PEO shows
the largest values, followed by PDOL, PTHF, and PTOM. Nota-
bly, for t3, the difference between PEO and PTHF/PTOM
exceeds an order of magnitude. Although PEO and PDOL
exhibit similar amorphous s, their underlying Li+ transport
mechanisms differ significantly. Li+ transport in PEO is highly
dependent on polymer segmental motion, resulting in poor
room-temperature s and low t+. The loosely spaced sites along
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the backbone of PTHF lead to weak Li+–Oe coupling, which
enhances t+ but compromises salt dissociation. In contrast,
PDOL and PTOM exhibit a more balanced Li+–Oe interaction,
ensuring sufficient salt dissociation while also facilitating Li+

decoupling from the polymer chains for efficient ion transport.
Overall, while Li+ transport in PEO is primarily governed by
polymer relaxation, ion hopping plays a dominant role in
PTHF, PDOL, and PTOM.

Given the pivotal role of polymer chains in determining ion
transport mechanisms, we further investigated the structural
variations and segmental dynamics within the simulated polymer
systems. With the selected chain length (Fig. 1a) comprising
comparable numbers of heavy atoms (C and O), the calculated
contour lengths exhibit similar values across the four polymers
(Fig. S21a). This indicates that the observed difference in trans-
port modes arise from polymer chemistry rather than chain
length. Furthermore, the persistence lengths and radius of
gyration were calculated (Fig. 2g and h), indicating a chain
flexibility trend of PEO 4 PDOL 4 PTOM 4 PTHF. The end-to-
end distance (Fig. S21b) consistently reflects the order of chain
flexibility, with PEO adopting more compact, coiled conforma-
tions that yield a smaller end-to-end distance, and simultaneously
faster chain rearrangement. These structural trends are fully
consistent with the relaxation behavior captured by the calculated
tR and t2.

Through the transport-mode analysis, we demonstrate that
tuning the oxygen density along polymer backbones provides

an effective strategy to decouple Li+ transport from polymer
dynamics, thereby enhancing transport properties. To evaluate
the generality of this approach, we performed additional MD
simulations by replacing the TFSI� anion with other commonly
used anions in SPEs, including FSI�, PF6

�, and BF4
� (Fig. S22

and S23). The enhancements in transport properties and the
transition in Li+ transport modes induced by oxygen-density
tuning are consistently observed across all anions studied.
Additionally, unlike Li+ transport, anion transport is shown to
be largely governed by salt dissociation and exhibits weak
correlations with the polymer (Fig. S24).

2.3. Structural origins

The structural origin of these transitions in the ion transport
modes is of particular interest, especially for PDOL and PTOM.
They feature denser polar sites and higher molecular polarity
(Table S6), where a stronger Li+–polymer interaction would be
intuitively expected. To deepen the understanding of the differ-
ences in transition mode in these electrolytes, comprehensive
analysis of the MD trajectories was conducted, which shows
that in PTHF and PEO, when only one polymer chain is present
in the Li+ solvation shell, Li+ typically coordinates with a
continuous sequence of oxygen sites along the chain (Fig. 3a
and Fig. S25), consistent with previous reports.32,40 However,
in PDOL and PTOM, a discontinuous coordination (DC) struc-
ture emerges (Fig. 3b and Fig. S25, S26). Taking PTOM as an
example (Fig. 3b), Li+ binds to nonadjacent oxygens along the

Fig. 2 Transport mode analysis of the electrolytes. Schematic illustrations of (a) the three transport modes and the corresponding time scales for Li+

transport, and (b) structure properties of polymer chains. The calculated (c) tR (Rouse relaxation time for whole polymer chains), (d) t2 (Rouse relaxation
time for the binding Oe), (e) t1 (intrachain hopping), and (f) t3 (interchain hopping). The statistic (g) persistence length and (h) radius of gyration.
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polymer chain, leaving several uncoordinated oxygens between
binding sites and forming an expanded solvation shell. AIMD
simulations provide evidence at a high accuracy level of how
the DC structure affects the Li+ solvation dynamics. As shown
in Fig. 3c (PTOM) and Fig. S27 (PDOL), the evolution of
coordinated and uncoordinated oxygens reveals frequent swap-
ping between these two states, indicating significant competi-
tion in Li+ coordination. This dynamic instability disrupts the
one-chain chelate structure and weakens the Li+–Oe binding.
As a result, Li+ in PDOL and PTOM tends to coordinate
with multiple polymer chains to eliminate the presence of
uncoordinated Oe between coordinated Oe in its solvation shell
(Fig. 3d and Fig. S25). In PEO, the one-chain chelate structure
is the most stable and predominant. In PTHF, due to the
loosely spaced Oe sites, certain degree of two-chain binding
is observed. However, as discussed in the previous section,
a significant number of TFSI� anions also participate in the Li+

solvation shell. As the oxygen density increases, multi-chain

coordination becomes more prominent in PDOL and PTOM,
indicating that multi-chain binding is thermodynamically more
stable than the one-chain chelate structure, which facilitates
interchain hopping of Li+.

To demonstrate the enhanced interchain hopping transport
assisted by the multi-chain binding, we compared the local Li+

dynamics in PEO, PDOL and PTOM by tracking the evolution of
coordination and representative Li+ hopping events (Fig. S28).
Li+ in PTOM engages in a dynamic three-chain coordination
environment and completes interchain hopping within 0.2 ns,
an order of magnitude faster than in PEO. This stark contrast
highlights the critical role of multi-chain binding in accelerat-
ing Li+ transport via interchain hopping in systems like PTOM.
Extended coordination trajectories further reveal system-
specific transport characteristics as discussed in Fig. S29.

The structural features of Li+–polymer interaction were
further examined using NMR spectroscopy and quantum chem-
istry calculations. Solid-state 7Li NMR spectroscopy was employed

Fig. 3 Structural origins of the transport mode transitions. Representative Li+ solvation structure in (a) PEO and (b) PTOM. Hydrogen atoms are omitted
for clarity. The one-chain chelate of PEO displays continuous coordination, whereas that of PTOM exhibits discontinuous coordination. In PEO, the one-
chain chelate is more stable than the multi-chain coordinate complex, while it is the opposite in PTOM. (c) The discontinuous coordination (DC) structure
observed in the AIMD simulation of PTOM. The uncoordinated oxygen and the coordinated oxygen swap frequently. (d) The statistical binding polymer
chain number of Li+. (e) Solid-state 7Li NMR spectra, (f) binding free energy of the representative Li+–polymer complex; the numbers represent the
binding chain number of Li+, and (g) binding energy decomposition into contributions of permanent electrostatics (ELEC), Pauli repulsion (PAULI),
dispersion (DISP), polarization (POL), and charge transfer (CT) for different systems.
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to probe the local environment of Li+ in the electrolytes (Fig. 3e).
The lithium nuclei in PEO are the most shielded, indicating the
strongest Li+–polymer interaction, while the shielding is the
weakest in PTHF. This can be attributed to the looser oxygen
coordination environment and the formation of lithium bonds,
as evidenced by the fraction of Li+ with coordination number
(CN) r4 (Fig. S30).66 The order of chemical shifts, from most
shielded to least shielded, aligns with the order of Oe CN from
high to low, as obtained from MD simulations (Fig. S31). This
highlights the dominant role of Oe in determining the degree
of Li+ shielding. Additionally, the full width at half maximum of
the peaks is associated with the mobility of Li+. The order
of peak width is 0.1259 (PTOM) o 0.1326 (PDOL) o 0.1330
(PTHF) o 0.4339 (PEO), which corroborates the order of the Li+

diffusion coefficient calculated from MD simulations (Fig. S13).
The Li+–polymer binding free energies were calculated based

on representative Li+–polymer complexes sampled from MD
simulations. For PTHF and PEO, we focused on one-chain
chelate structures, which feature continuous coordination.
For PDOL and PTOM, we randomly sampled both one-chain
binding structures, exhibiting DC structures, and multichain
binding structures, where coordination is typically more conti-
nuous, with fewer uncoordinated Oe atoms. The representative
optimized structures and the calculated binding free energy
(DG) results are shown in Fig. S32 and Fig. 3f, respectively. This
trend in DG further supports our previous conclusions regard-
ing the Li+ transport mechanisms in these electrolytes. Speci-
fically, the DC structures in PDOL and PTOM result in smaller
binding free energies (PDOL-1 and PTOM-1), making multi-
chain binding thermodynamically favorable to minimize
the number of uncoordinated Oe between coordinated ones.
As a result, this leads to a stronger Li+–polymer interaction
(more shielded) compared to PTHF. Additionally, energy
decomposition analysis (EDA) was performed to assess the
electronic structure origins of the Li+–polymer interaction.
The binding energy was decomposed into contributions from
permanent electrostatics (ELEC), Pauli repulsion (PAULI), dis-
persion (DISP), polarization (POL), and charge transfer (CT), as
shown in Fig. 3g. In all structures, electrostatic interactions
dominated the total binding energy, followed by polarization
effects.

2.4. Identification of the discontinuous coordination
structures

To validate the presence of DC structures in PDOL and PTOM,
we conducted ATR-FTIR spectroscopy experiments for both
pristine polymers and electrolytes (Fig. S33). The characteristic
C–O–C stretching vibration modes in the range of 1170–1030 cm�1

were adopted to investigate the different Li+–OE coordination
behavior for all four systems. For PTHF and PEO, a single coordi-
nated C–O stretching peak or enveloped feature emerges upon salt
addition, while more diverse changes were observed in PDOL and
PTOM. Notably, pure PTOM exhibits a single C–O–C vibrational
peak, which splits into multiple peaks upon salt addition, suggest-
ing a more heterogeneous solvation environment and the presence
of DC structures.

To gain further insight into the ATR-FTIR spectra, quantum
chemical calculations were performed to obtain the vibration
modes of representative structures sampled from MD simula-
tions. The calculated results were compared with the experi-
mental spectra in Fig. 4a, b and Fig. S34. For PEO, the
experimental peak near 1092 cm�1 broadens and slightly shifts
to 1104 cm�1 upon the addition of salts (first row in Fig. 4a),
consistent with shifted peaks from 1091 cm�1 to 1109 cm�1

predicted by the calculations (second and third row in Fig. 4a).
A similar result was observed for PTHF (Fig. S34a), where the
C–O peak at 1102 cm�1 shifts to 1060 cm�1, corresponding to
the calculated shift from 1127 cm�1 to 1071 cm�1. For PTOM
(Fig. 4b), the initial peak at 1088 cm�1 splits into four peaks
upon salt addition, in excellent agreement with theoretical
predictions. Specifically, the pristine PTOM chain exhibits
a single C–O stretching mode at 1095 cm�1, whereas the
Li+–PTOM complex displays multiple peaks at 1138, 1105,
1072, and 1034 cm�1. Notably, these peaks can be assigned to
coordinated (red) and uncoordinated (orange) Oe atoms in the
DC structures. In PDOL (Fig. S34b), although spectral complex-
ity increases due to the asymmetrical ether groups in the
monomer, we still identify shifted vibrational peaks corres-
ponding to uncoordinated oxygens. Collectively, these results
validate the presence of DC solvation structures in PTOM and
PDOL, establishing a correlation between the theoretically
predicted DC structures and experimental spectroscopy. Such
structures weaken the Li+–polymer interaction, despite the
higher polarity of the polymer backbone and increasing oxygen
density, facilitating multi-chain binding and promoting faster
Li+ hopping transport.

Fig. 4c schematically illustrates how solvation structures
with varying Oe spacings influence Li+ transport modes and
properties. In PEO, Li+ transport is primarily governed by
polymer segmental relaxation due to the tight binding between
the polymer chain and Li+, which accounts for the experimen-
tally observed non-Arrhenius behavior of ionic conductivity
(s drop at lower temperatures). While the tight binding pro-
motes salt dissociation, it also restricts Li+ hopping transport,
particularly at low temperatures when polymer dynamics slow
down. In contrast, Li+ transport in PDOL and PTOM is domi-
nated by ion hopping, which favors high room-temperature
ionic conductivity and an elevated Li+ transference number.
This enhanced transport results from the instability of their DC
structures, which provide optimal Li+–polymer coupling driven
by the competition between coordinated and uncoordinated Oe
atoms. This competition facilitates the formation of multi-
chain binding structures and promotes Li+ interchain hopping
transport.

2.5. Electrochemical performance

To comprehensively assess the performance of these electro-
lytes, we performed electrochemical tests, beginning with the
evaluation of electrochemical stability windows (ESWs) using
linear sweep voltammetry (LSV) (Fig. 5a). The decomposition
voltages, ranked from high to low, are 4.8 V, 4.4 V, 4.3 V, and
4.1 V for PDOL, PTHF, PTOM, and PEO, respectively. This trend
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is consistent with the calculated oxidation potentials of polymer–
TFSI� complexes (Fig. 5b), where PDOL exhibits the highest
oxidation stability and PEO exhibits the lowest oxidation stability.
The optimized molecular geometries of the oxidated states further
suggest potential proton transfer reactions in PEO and PTOM
(Fig. S35), indicating electrochemical instability. These findings
highlight PDOL’s superior oxidative stability, making it compati-
ble with high-voltage cathode materials. Critical current density
(CCD) was measured using Li/SPEs/Li symmetric cells. PTHF
exhibited the lowest CCD value due to severe interface polari-
zation (Fig. S36a), whereas PTOM displayed ‘‘soft shorts’’,
as evidenced by a flat voltage profile lacking mass transfer

(Fig. S36b).67,68 These results suggest that further optimization
on their electrochemical interfacial stability is required for
practical use in LMBs. The CCD values for PEO and PDOL are
shown in Fig. 5c and d. Owing to its higher Li+ conductivity,
PDOL demonstrated a higher CCD value (1.2 mA cm�2) com-
pared to PEO (0.8 mA cm�2), with a significant reduction in
voltage polarization.

Full cells were assembled with LiFePO4 (LFP) cathodes and
Li metal anodes to evaluate the practical cycling performance.
The performance results for PEO and PDOL are shown in
Fig. 5e. PDOL presents a 90.8% capacity retention after
50 cycles. This is notably superior to PEO, which retained only

Fig. 4 The identification of the discontinuous coordination structure and its effect on Li+ transport behavior. The ATR-FTIR spectra of (a) PEO electrolyte
and PEO polymer, as well as (b) PTOM electrolyte and PTOM polymer. The first row presents the experimental results, and the second and third rows
display the theoretically calculated vibration modes and the corresponding structures. (c) Schematic illustration of the mechanism of the solvation
structure affecting the Li+ transport in PEO and PTOM.

Paper Energy & Environmental Science

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 2

7 
Ja

nu
ar

y 
20

26
. D

ow
nl

oa
de

d 
on

 6
/1

9/
20

26
 9

:3
1:

52
 A

M
. 

 T
hi

s 
ar

tic
le

 is
 li

ce
ns

ed
 u

nd
er

 a
 C

re
at

iv
e 

C
om

m
on

s 
A

ttr
ib

ut
io

n 
3.

0 
U

np
or

te
d 

L
ic

en
ce

.
View Article Online

http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/d5ee05901a


1624 |  Energy Environ. Sci., 2026, 19, 1616–1629 This journal is © The Royal Society of Chemistry 2026

17.7% of its capacity after 50 cycles. These results are consistent
with previous reports of PDOL and PEO with ex situ
preparation.69,70 In contrast, the Li/PTHF/LFP and Li/PTOM/
LFP cells failed during initial cycling. The failure of the PTHF
cell is attributed to its poor ionic conductivity and the resulting
high internal resistance (Fig. S37). For PTOM, a ‘‘soft short’’ feature
plays a key role. X-ray photoelectron spectroscopy (XPS) analysis of
the solid–electrolyte interphase (SEI) composition reveals the
underlying mechanism. Specifically, a notably higher Li+ fraction
in the SEI of PTOM (Fig. S38) indicates Li-dendrite-induced soft
shorting. Furthermore, C 1s XPS depth profiles (Fig. S39a) reveal a
higher proportion of C–F species in PTOM, distinct from the LiF-
dominated SEI observed in other systems (Fig. S39b). The differ-
ence is attributed to side-reactions of residual solvent during
PTOM electrolyte preparation. Further work will therefore focus
on optimizing the electrolyte preparation in order to fully realize
PTOM’s inherent transport advantages.

It is important to note that these results reflect the intrinsic
electrochemical performance of the electrolyte. The primary

aim of our work is to identify the structural factors that
influence coordination chemistry and decoupling behavior,
and to highlight the potential for further enhancement of
ion transport performance through the rational design of
functional group spacing and solvation structure regulation.
Additional strategies, such as in situ polymerization,5,10,33,36,38

sidechain grafting,12,71,72 crosslinking,14,36 copolymeriza-
tion,10,37,73 regulating chain-spacing,74,75 and composite poly-
mer electrolytes,76,77 can be applied to further improve the full
battery performance of SPEs.

3. Conclusions

A variable-controlled comparative study and an in-depth
mechanistic investigation of the transport properties and
mechanisms were conducted in four ether-based SPEs with
varying oxygen densities along their backbones. Both experi-
mental measurements and MD simulations confirm that

Fig. 5 Electrochemical performance of the electrolytes. (a) The LSV curves. (b) The calculated oxidation potentials for polymer-TFSI� complexes. The
CCD tests of Li/SPEs/Li symmetric cells for (c) PEO and (d) PDOL. The solid curve represents the voltage, and the dashed curve represents the current
density. (e) The cycling performance of Li/PEO/LFP and Li/PDOL/LFP at 0.2C and 80 1C with a cathode mass loading of 5 mg cm�2. Filled circles
represent the specific capacity, and open circles represent the coulombic efficiency.
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modifying the oxygen density relative to PEO can enhance the
Li+ transference number to values exceeding 0.5. In addition,
PDOL and PTOM exhibit higher amorphous ionic conductivity,
while PTHF demonstrates superior low-temperature ionic con-
ductivity. The transport mode analysis reveals that in PEO, Li+

transport is primarily governed by polymer segmental relaxa-
tion, which leads to sluggish ion transport. Altering the oxygen
density results in a transition in Li+ transport mode, from a
predominant reliance on segmental relaxation to an increased
contribution from ion hopping. In PTHF, this transition is
driven by looser oxygen sites and weaker binding with lithium
bond characteristics, though this also results in poor salt
dissociation. In contrast, PDOL and PTOM, with denser oxygen
sites, exhibit a DC structure and induced multi-chain binding,
which are identified as the key factors underlying this transi-
tion. The presence of the discontinuous coordination struc-
tures is further validated through a combination of ATR-FTIR
spectroscopy and quantum chemistry calculations, establishing
a correlation between the microscopic DC structures and
experimental characterization. Local Li+ dynamics analysis,
7Li solid-state NMR, and binding free energy results provide
additional insights into how the DC structure enhances Li+

transport. Specifically, the instability of DC structures weakens
the Li+–polymer interaction and drives the formation of multi-
chain binding configuration, which further promotes Li+ inter-
chain hopping transport. Electrochemical tests demonstrate
that even with ex situ preparation, PDOL, which exhibits
collectively superior Li+ conductivity, transference number,
and electrochemical stability, achieves the best capacity reten-
tion of 90.8% after 50 cycles at 0.2C, significantly outperform-
ing PEO. Overall, this work illustrates how rational molecular
design can effectively decouple ion transport from polymer
segmental dynamics, providing valuable insights for the
bottom-up design of SPE materials.

4. Methods
4.1. Materials

Poly(tetrahydrofuran) (PTHF, average Mn = 2900 g mol�1) and
poly(trioxymethylene) (PTOM, average Mn = 3500 g mol�1) were
purchased from Sigma-Aldrich. Poly(1,3-dioxolane) (PDOL,
average Mn = 3000 g mol�1) was purchased from Shanghai
DaoWin Co., Ltd. Poly(ethylene oxide) (PEO, average Mn =
8000 g mol�1) was purchased from Macklin. Acetonitrile
(99.9% purity, extra dry with molecular sieves) and hexafluor-
oisopropanol (98% purity) were purchased from Innochem.
The polyimide (PI, thickness = 25 mm) separator was purchased
from Jiangxi Xiancai nanofiber Technology Co., Ltd. Lithium
bis (trifluoro-methanesulfonyl) imide (LiTFSI, 99.9% purity)
was purchased from Suzhou Duoduo Chemical Technology
Co., Ltd.

4.2. Preparation of solid-state polymer electrolytes

The polymer electrolytes were prepared by a solvent casting
method. In particular, 1.00 g of PTHF and 0.199 g of LiTFSI

(Li+ : Oe =1 : 20) were dissolved in acetonitrile, and a homo-
geneous solution was formed by stirring for 4 h at 25 1C. The
slurry was then cast onto the PI separator and dried in a
vacuum oven at 60 1C for 12 h to remove the acetonitrile
solvent. For the PEO polymer electrolyte, 1.00 g of PEO and
0.326 g of LiTFSI (Li+ : Oe = 1 : 20) were dissolved in acetonitrile
and a homogeneous solution was formed by stirring for 4 h at
25 1C. The forming and drying procedures were identical to
those used for the PTHF polymer electrolyte. For the PDOL
polymer electrolyte, 1.00 g of PDOL and 0.388 g of LiTFSI
(Li+ : Oe = 1 : 20) were dissolved in acetonitrile and a homoge-
neous solution was formed by stirring for 4 h at 60 1C. The
forming and drying procedures were identical to those used for
the PTHF polymer electrolyte. For the PTOM polymer electro-
lyte, hexafluoroisopropanol was used for dissolving due to
the strong crystallinity of the pristine PTOM. 1.00 g of PTOM
and 0.478 g of LiTFSI (Li+ : Oe = 1 : 20) were dissolved in hexa-
fluoroisopropanol and a homogeneous solution was formed by
stirring for 4 h at 25 1C. The forming and drying procedures
were identical to those used for the PTHF polymer electrolyte.

4.3. Classical molecular dynamics simulations

All classical molecular dynamics (MD) simulations were performed
using the large-scale atomic/molecular parallel simulator
(LAMMPS) package.78 The bonded and nonbonded interactions
for polymers were described by the OPLS-AA force field,79,80

while parameters for Li+ and TFSI� were from ref. 81 and 82,
respectively. The partial charges applied to Li+ and TFSI� were
scaled to 0.7 to mitigate the overestimation of ion–ion inter-
action in nonpolarizable force fields.83 The geometric mean
combining rule was used for mixing the parameters, and
a cutoff distance of 10 Å was set for non-bonded interaction.
The long-range coulombic interaction was computed by the
particle–particle particle–mesh (PPPM) method with an accu-
racy of 10�4.84 The Nose-Hoover thermostat and barostat were
used to control the temperature and pressure, respectively.85

4.4. Ab initio molecular dynamics

Ab initio molecular dynamics (AIMD) simulations were imple-
mented using the QUICKSTEP module86 in the CP2K (v2022.2)
package.87 The PBE exchange correlation functional88 was
employed in conjunction with the DFT-D3(BJ) dispersion correc-
tions.89 The molecularly optimized double-z-DZVP-MOLOPT-
SR-GTH basis set90 was used with the Goedecker–Teter–Hutter
pseudopotentials.91,92 A convergence test was performed for
the PEO system (Fig. S3), indicating that a plane wave cut-off
of 400 Ry is sufficient to obtain energies with an accuracy of
1 meV per atom compared to 800 Ry. Hence, the plane wave cut-off
of 400 Ry with a reference grid cut-off of 50 Ry was used for all
simulations. The orbital transformation (OT) method93 with a DIIS
minimizer and a FULL KINETIC preconditioner was used to solve
the Kohn–Sham equations.

4.5. Quantum chemistry calculations

The binding free energy calculations were carried out using
Gaussian 16.94 The geometry optimizations were performed at
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the B3LYP-D3(BJ)/6-311+g(d,p)95–97 level, while the energy cal-
culations were performed at the B2PLYPD3/def2-TZVP98,99

level. The binding free energy DG was calculated using the
following equation:

DG = Gcomplex � (GLi+ + Gpolymer) (1)

where Gcomplex, GLi+, and Gpolymer represent the Gibbs free
energy of the Li+ –polymer complex, Li+, and polymer segment,
and were calculated as follows:

G = H � TS (2)

with the enthalpy H calculated using the Head-Gordon100

treatment of quasi-harmonic approximation and entropy S
calculated using the quasi-harmonic approximation method
proposed by Grimme.101 The free energy calculation was
computed using the GoodVibes102 Python program. For each
configuration, three solvation structures were randomly
obtained from the classical MD trajectories. Since we only focus
on the coordination structure, the polymer chain was truncated
and ended with methyl groups (Fig. S32).

The local polarity of the polymer was characterized using the
molecular polarity index (MPI)103 and fraction of polar surface
area, which were computed by the Multiwfn program.104 MPI is
defined as:

MPI ¼ 1

A

� �ðð
VðrÞj jdS (3)

where V is the molecular electrostatic potential, A is the total
surface area of the molecule, and the integral is done on
the molecular surface S. Typically, a higher MPI indicates a
higher local polarity. The polar surface area is defined as the
area that the molecular electrostatic potential is larger than
10 kcal mol�1.

The energy decomposition analysis based on absolutely
localized molecular orbitals (ALMO-EDA)105–107 was performed
using Q-chem 6.2.2108 at the B3LYP-D3(BJ)/6-311+g(d,p) level
using the same structure as used in free energy calculations. In
the ALMO-EDA method, the binding energy of two fragments EB

is decomposed into contributions of permanent electrostatics
(ELEC), Pauli repulsion (PAULI), dispersion (DISP), polarization
(POL), and charge transfer (CT):

EB = DEELEC + DEPAULI + DEDISP + DEPOL + DECT (4)

The harmonic vibrational analysis for simulated infrared
(IR) spectra was performed at the B3LYP-D3(BJ)/6-31++G(d)
with an implicit polarizable continuum model (PCM).
The dielectric constants were set to 3.0, 5.0, 2.8, and 4.8 for
PTHF, PEO, PDOL, and PTOM, respectively.109–111 The oxida-
tion potentials were calculated at the B3LYP-D3(BJ)/6-311G(d)
level with an implicit polarizable continuum model (PCM); the
oxidation potential (Eox) is calculated as follows:112

Eox V vs: Li=Liþð Þ ¼ � G Mð Þ � G Mþð Þ½ �
F

� 1:46 V (5)

where G(M) and G(M+) are the free energy of the neutral and
oxidated polymer–TFSI� complexes, respectively.
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