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Phase instability-coupled fracture behavior in
garnet LLZO solid electrolytes: a machine
learning-enabled atomistic study
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Fracture in the garnet-type solid electrolyte Li7La3Zr2O12 (LLZO) poses a critical threat to both the per-

formance and safety of solid-state batteries. To unravel the coupled chemomechanical processes that

govern fracture in LLZO under external loading, we carry out large-scale molecular-dynamics simulations

with a validated machine-learning force field. Our results demonstrate that triaxial stresses at crack flanks

trigger a localized cubic-to-tetragonal phase transformation, which is accompanied by Li-ion rearrange-

ment. The emergent tetragonal domains feature lattice contraction normal to the fracture plane, imposing

coherent misfit strains that provide an additional driving force for further crack propagation. Crucially,

introducing Li deficiencies stabilizes the cubic phase, postponing the phase transition and thereby delay-

ing fracture initiation. These findings highlight the role of intrinsic phase instability in dictating LLZO’s frac-

ture resistance and its critical connection to local Li concentration. This chemomechanical coupling

points toward targeted strategies to enhance the mechanical robustness of garnet electrolytes, including

tuning Li content, ensuring dopant homogeneity, and refining processing protocols.

Broader context
The transition to electric vehicles and grid-scale storage relies on batteries that are both energy-dense and intrinsically safe. Solid-state batteries, which
replace flammable liquid electrolytes with solid materials, are a promising route but are held back by mechanical failure of the solid electrolyte. A key candi-
date material, the garnet Li7La3Zr2O12 (LLZO), can crack in service, threatening both lifetime and safety, yet the atomistic origins of this fracture remain
unclear. In this work, we use advanced computer simulations to show how local stress and subtle changes in lithium content can trigger a hidden phase
change in LLZO that, in turn, drives crack growth. We reveal that making LLZO slightly lithium-deficient stabilizes its structure and delays fracture. These
insights provide practical guidelines for industry and researchers on how to tune composition, doping, and processing to improve garnet electrolytes. More
broadly, our approach can be extended to study and mitigate failure in other solid-state battery materials.

Introduction

Solid-state batteries (SSBs) are at the forefront of next-gene-
ration electrochemical energy storage technologies, promising
high energy density and enhanced safety across a wide range
of operating conditions.1–3 The essential component of SSBs is
the solid electrolyte (SE), which must combine high thermal
and electrochemical stability with fast Li-ion transport, while
acting as a physical barrier against Li dendrite growth. Among
the many SE chemistries under study,4–6 the garnet
Li7La3Zr2O12 (LLZO) is particularly attractive owing to its high

ionic conductivity (in the cubic polymorph) and compatibility
with Li metal anodes.7–9 Yet practical challenges remain,
mostly attributable to mechanical degradation in working
cells, such as crack formation and propagation under accumu-
lated cycling stresses, coupled with Li dendrite penetration
that eventually leads to short circuiting and cell failure.10–13

Multiple intertwined factors collectively contribute to the
mechanical failure of LLZO. For example, the volumetric swing
of the cathode due to repeated Li insertion and extraction can
exert nonnegligible mechanical stresses on adjacent SEs.14

Meanwhile, Li diffusion and accompanying redox reactions at
LLZO/electrode interfaces can disrupt local bonding, promot-
ing subcritical crack initiation and growth that contributes to
cyclic fatigue.15,16 Applying external stack pressure can help
maintain interfacial contact and suppress void formation17–20

but may elevate mechanical loading on the SE, hastening frac-
ture. Local chemical inhomogeneity, such as excess Li accumu-
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lation at grain boundaries (GBs) or pre-existing lattice imper-
fections, can further impel Li dendrite growth and inter-/trans-
granular crack propagation.21–23 These complications stress
the necessity for a fundamental understanding of fracture
mechanisms in LLZO, both to forestall short-circuiting and
thermal runaway and to design more resilient SEs for durable,
high-performance SSBs.9,10,24,25

To date, most efforts to characterize and predict LLZO’s
fracture toughness have focused on assessing its inherent brit-
tleness, through either experimental indentation tests26–31 or
Griffith’s theory-based modeling.32–34 To explicitly address the
potential impact of GBs, Yu and Siegel constructed atomistic
models that suggested significant softening of the elastic
response at selected GBs.35 On the experimental front, Fincher
et al. combined operando microscopy with dynamic mechani-
cal loading to quantify the residual stresses required to
prevent short-circuiting of LLZO.13 Athanasiou et al. employed
photoelasticity to map out the stress fields around Li dendrites
in Ta-doped LLZO during electrochemical cycling, concluding
that the stress distributions near Li dendrite tips match those
expected to cause brittle fracture of SEs.36 These studies have
been very useful in providing plausible microscopic expla-
nations for mechanical degradation modes in LLZO during
operation. However, they did not resolve the fundamental ato-
mistic driving forces for fracture initiation, nor did they inves-
tigate coupled chemomechanical effects that may critically
contribute to crack propagation.

Additional complications arise from the intrinsic meta-
stable nature of cubic LLZO, which is the predominant phase
needed for SE applications.37 The conventional cubic phase of
LLZO adopts a garnet-type lattice structure (space group Ia3̄d )
with random and partial Li+ occupation at the tetrahedral
(24d ) and distorted octahedral (96h) sites that allows for fast
Li+ diffusion. Upon elemental doping (e.g., Ga and Al) or exter-
nally applied stress, LLZO can also crystallize into the acentric
cubic phase with the I4̄3d space group.38,39 In both cubic poly-
morphs, oxygen anions form a rigid sublattice of corner-
sharing ZrO6 octahedra and LaO8 dodecahedra, with Li ions
threading through large interstitial channels. The high sym-
metry of the cubic lattice effectively yields nearly isotropic Li+

conduction pathways and a delocalized Li+ distribution, result-
ing in high conductivities up to 10−4–10−3 S cm−1 at room
temperature.40 In contrast, the tetragonal phase (space group
I41/acd ), which is thermodynamically more stable at room
temperature, evidences an ordered Li ion arrangement with
lowered symmetry: Li+ fully populates the 8a, 16f, and 32g
sites, leading to a slightly tilted ZrO6 framework and a broken
Li+ percolation pathway with substantially reduced ionic con-
ductivity (by two orders of magnitude).

In practice, engineering strategies are often needed to steer
the formation of the superionic yet thermodynamically meta-
stable cubic phase over the tetragonal variant. Examples
include elemental doping and application of external stress
during synthesis.41 The relative phase stability of LLZO can
also be sensitive to Li stoichiometry. For example, local Li
depletion or accumulation experienced during repeated

cycling or resulting from interfacial side reactions with electro-
des can shift local chemical potentials sufficiently to nucleate
tetragonal domains.37 Moreover, the off-stoichiometry of Li
caused by high-energy ball milling, sintering, or pellet press-
ing can further promote Li/vacancy ordering,42 favoring tetra-
gonal phase formation.

The structural richness of LLZO, with its phase sensitivity
to local atomic arrangements of Li and accompanying stress
fields, implies that the system could exhibit unique mechani-
cal properties and failure modes during operation.
Unfortunately, most prior works have centered on the impact
of polymorphic phases on Li-ion transport,43–46 with only a
handful of studies attempting to address the potential coup-
ling with mechanical response. Among these very few reports,
Monismith et al. proposed that uniaxial loading-induced
cubic-to-tetragonal (c-to-t) phase transformation of LLZO could
deteriorate Li-ion transport kinetics47,48 but act as a toughen-
ing mechanism that improves the overall fracture resistance of
polycrystalline LLZO.34 In contrast, Hong et al. concluded that
mechanical polishing in the presence of excess Li can produce
a surface layer of mixed cubic and tetragonal phases that is
prone to Li penetration and early-stage short-circuiting.37 In
light of this discussion, a clear atomistic elucidation of how
the relative stability of LLZO’s polymorphs governs fracture re-
sistance and the coupled chemomechanical response is essen-
tial. Such an understanding can also rationalize design strat-
egies for enhancing the mechanical robustness of LLZO in
practice.

To fill this gap, we carried out large-scale molecular-
dynamics simulations using a rigorously benchmarked
machine-learning force field (MLMD), aiming to uncover the
atomic origins of LLZO’s mechanical failure and the role of
spontaneous phase evolution during crack initiation and
propagation. We considered three LLZO variants: stoichio-
metric cubic (c-LLZO, Li7La3Zr2O12), Li-deficient cubic
(Li6.3La3Zr2O12), and tetragonal (t-LLZO), to address how Li
stoichiometry and phase structure influence the fracture be-
havior of LLZO. By closely analyzing the dynamic evolution of
global stress, local lattice parameters and stress–strain fields,
as well as local Li ion rearrangement during fracture, we eluci-
date how stress-induced c-to-t phase transformations at crack
flanks contribute to the driving force for crack propagation,
thereby compromising the overall fracture resistance of LLZO.
Furthermore, we demonstrate the role of Li concentration in
dictating LLZO’s fracture behavior and propose practical miti-
gation strategies to stabilize the cubic phase of LLZO for
enhanced fracture resistance and cycling longevity.

Results

To allow systematic comparison and elucidation of the impact
of phase and composition variations in LLZO, c-LLZO,
c-Li6.3La3Zr2O12, and t-LLZO specimens were prepared with the
same geometry and initial crack flaw configuration and were
subjected to the same externally applied strain field. Prior to

Paper EES Batteries

EES Batteries © 2026 The Author(s). Published by the Royal Society of Chemistry

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 2

6 
M

ar
ch

 2
02

6.
 D

ow
nl

oa
de

d 
on

 3
/2

6/
20

26
 8

:4
2:

13
 P

M
. 

 T
hi

s 
ar

tic
le

 is
 li

ce
ns

ed
 u

nd
er

 a
 C

re
at

iv
e 

C
om

m
on

s 
A

ttr
ib

ut
io

n 
3.

0 
U

np
or

te
d 

L
ic

en
ce

.
View Article Online

http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/d6eb00053c


the direct fracture simulations on the three LLZO variants,
benchmark tests on c-LLZO samples pre-cracked along three
orientations (010)[001], (1̄10)[110], and (01̄1)[111] were first
conducted to determine the preferential cleavage plane
(Fig. S1; SI Movie SI). These dynamical simulations suggest
that intragranular fracture in LLZO proceeds via brittle clea-
vage, with a strong preference for crack opening along the
{100} plane. Guided by this result, the three LLZO variants
were then initialized with a centered (010)[001] crack of identi-
cal dimensions and composition (Fig. 1a). A static volumetric
expansion of 6.4%, which is slightly below the yield point of
c-LLZO and t-LLZO, determined from hydrostatic expansion
tests on their pristine samples (Fig. 1b), was imposed to drive
steady-state crack growth while eliminating rate effects. Note
that the imposed far-field loading is not intended as a direct
proxy for a macroscopic “operating stress” in a full cell. Rather,
the mechanism studied here is governed by the local stress
state near sharp stress concentrators at nanometer length
scales, where strong stress amplification can produce multi-
GPa stresses within the crack-tip process zone even under com-
paratively modest macroscopic loading. Periodic boundary
conditions were applied in all directions, and more details
regarding the simulation setup can be found in the
Methodology section.

Fig. 1(c1–c3) show the global stress-release responses at
300 K for the three LLZO variants along [100], [010], and [001].
Interestingly, the pristine samples behave nearly identically up
to 6.4% volumetric strain, but introducing a crack flaw pro-
duces marked divergence. The tetragonal phase (t-LLZO; blue

curve) shows no stress drop over the entire simulation. By con-
trast, cubic LLZO (c-LLZO; yellow curve) exhibits a two-stage
response along [100] and [001]: stress plateaus for ∼20 ps
(stage I) and then declines (stage II), whereas along [010] it
decays monotonically. The c-Li6.3La3Zr2O12 composition (red
curve) likewise shows a two-stage response, with a pronounced
in-plane stress buildup during stage I followed by release in
stage II. Although c-Li6.3La3Zr2O12 appears to absorb less
mechanical work under hydrostatic expansion (smaller area
under the curve in Fig. 1b), its crack propagation is delayed
relative to c-LLZO (Fig. 1c), suggesting improved mechanical
stability in the presence of pre-existing cracks.

These differences in mechanical response among the three
LLZO variants are also evidenced in atomistic renderings of
bond rupture, as shown in Fig. 2 (focusing on the Zr–O
bonding network for illustration purposes). In pristine LLZO,
each Zr4+ center is octahedrally coordinated by six O2− ions,
forming a rigid 3-dimensional, interconnected backbone struc-
ture. During fracture of c-LLZO (Fig. 2a), ZrO6 octahedra at the
crack surface progressively convert into ZrO5 and then ZrO4,
with the bond-breakage front propagating from the crack sides
toward the tips. In contrast, t-LLZO (Fig. 2b) retains the ZrO6

coordination environment throughout, underscoring its
superior lattice resilience to crack propagation. The Li-
deficient variant (Fig. 2c) also undergoes a Zr–O bond rupture,
but the rate at which ZrO6 octahedra break down is markedly
slower than that in c-LLZO. This slower bond-rupture pro-
gression aligns with the delayed stress-release behavior
observed in Fig. 1(c1–c3).

Fig. 1 (a) Geometries of the three LLZO variants, i.e., the cubic (c-LLZO and c-Li6.3La3Zr2O12) or tetragonal LLZO (t-LLZO). All initiated with a (001)
[001] center crack of the same dimension. (b) Hydrostatic tension–volumetric strain curves of the pristine c-LLZO and t-LLZO samples under isotro-
pic expansion. The dashed lines indicate the volumetric strain (6.4%) applied to the cracked LLZO samples in panels (c1–c3). (c1–c3) Stress-release
curves of c-LLZO, t-LLZO, and c-Li6.3La3Zr2O12 in the [100], [001], and [010] directions during fracture simulations.
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Since no plane slip, glide, or dislocation activity was
observed in the Zr–O (or La–O) sublattices of any variant, we
propose that the deteriorated fracture resistance of c-LLZO and
c-Li6.3La3Zr2O12 relative to t-LLZO arises from transient dis-

order in the Li sublattice and its stress-driven dynamics.
Within this interpretation, the stage-I stress stagnation in
Fig. 1(c1 and c2) reflects the ionic anelasticity of Li in the
cubic polymorphs—that is, a time-dependent but largely reco-
verable strain produced by stress-induced redistribution/
hopping of mobile Li among metastable sites. This relaxation
is thermally activated and operates on picosecond–nanosecond
timescales relevant to our simulations. By contrast, the more
ordered Li arrangement in t-LLZO suppresses such anelastic
relaxation, so its mechanical response remains predominantly
elastic and the local strength of the Zr–O network governs
crack-opening resistance. Consistent with the thermal origin
of Li mobility and anelasticity, a comparable c-LLZO fracture
simulation at 0 K sustains high stress without crack advance
(green curves in Fig. 1(c1–c3)), confirming that thermally acti-
vated processes degrade fracture resistance in the cubic
polymorphs.

Nevertheless, Li mobility or near-crack bond rupture alone
cannot explain the anisotropic stress evolution observed in
stage I of the cubic polymorphs in Fig. 1(c1–c3). To uncover
the additional mechanisms at play, we performed a more
detailed analysis of the local lattice structure, atomic strain,
and virial stress evolution during fracture. As shown in Fig. 3a,
adaptive common neighbor analysis (CNA)49,50 of the Zr sub-
lattice reveals that a body-centered symmetry (BCC or BCT)
persists throughout crack propagation. Taking advantage of
this well-defined Zr sublattice, we computed the local lattice
“c/a” ratio from the atomic elastic strain tensor, πc/a = (1 + εyy)/
(1 + εxx) (see SI S-I for calculation details) as a proxy to quantify

Fig. 2 Illustrations of Zr–O bonding states around the crack in (a)
c-LLZO, (b) t-LLZO, and (c) c-Li6.3La3Zr2O12.

Fig. 3 Evolution of the local atomic structure in c-LLZO during fracture. (a) Zr sublattice symmetry from adaptive common-neighbor analysis;
body-centered cubic (BCC) or body-centered tetragonal (BCT) environments are shown in blue, while sites lacking clear symmetry (“frustrated”
structures) are rendered in gray. (b) Spatial map of the local lattice c/a ratio, computed from the Zr sublattice’s local elastic strain (a∥x, c∥y). (c) Local
volumetric strain of the Zr-sublattice; pink markers denote regions of negative (compressive) volumetric change. (d) Distribution of local atomic viral
stress. In each color bar, the white line marks the zero or middle value.

Paper EES Batteries

EES Batteries © 2026 The Author(s). Published by the Royal Society of Chemistry

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 2

6 
M

ar
ch

 2
02

6.
 D

ow
nl

oa
de

d 
on

 3
/2

6/
20

26
 8

:4
2:

13
 P

M
. 

 T
hi

s 
ar

tic
le

 is
 li

ce
ns

ed
 u

nd
er

 a
 C

re
at

iv
e 

C
om

m
on

s 
A

ttr
ib

ut
io

n 
3.

0 
U

np
or

te
d 

L
ic

en
ce

.
View Article Online

http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/d6eb00053c


local lattice distortion. As shown in Fig. 3b, regions where
πc/a > 1 appear at the crack tip and its adjacent wing-shaped
regions, whereas πc/a < 1 emerges along the crack sides due to
local biaxial tension. One might initially map any deviation
from πc/a = 1 to a tetragonal domain (πc/a = 0.96 for t-LLZO),
but it remains inconclusive whether these distortions arise
solely from elastic deformation of the cubic lattice or are
indeed associated with the phase evolution from cubic to
tetragonal.

To distinguish between elastic strain and genuine phase
change, we also computed local volumetric strain from instan-
taneous lattice parameters. Surprisingly, negative volumetric
strain pockets appear along the crack flanks (highlighted by
the pink spots in Fig. 3c). Following a pure linear-elastic
response theory under tensile loading, one would expect posi-
tive volume dilation, and therefore these localized volume con-
tractions indicate a potential phase evolution. Further examin-
ation of the local atomic stress distribution (σyy) in c-LLZO
(Fig. 3d; see Fig. S2 for σxx and σxy) highlights that tensile stres-
ses concentrate at the crack tips, effectively driving smooth
crack propagation along the (001) plane. At the same time, pro-
nounced compressive stress regions flank the fracture plane,
co-located with the negative volumetric strain pockets. This

spatial overlap confirms a local c-to-t phase transformation of
LLZO that is directly accompanied by crack propagation.

Having identified the local c-to-t transformation, we next
verified that the stress-induced tetragonal phase corresponds
to the well-established I41/acd space group and examined how
Li-ion stoichiometry influences this phase transformation be-
havior. As noted earlier, Li ions adopt a more ordered arrange-
ment in t-LLZO than in c-LLZO. To quantify this ordering, we
employed a configurational entropy fingerprint51 that projects
integrals of the Li–Li radial distribution functions onto indi-
vidual Li atoms (see SI S-II for calculation details). The result-
ing entropy values are always negative, with more negative
values indicating greater local order/crystallinity and less nega-
tive values indicating more disordered/liquid-like atomic dis-
tributions. During the c-to-t phase transformation, a decrease
in the local entropy is thus expected for the disorder-to-order
Li-ion rearrangement (see Fig. S3 for statistical Li distributions
in each phase). Fig. 4(a1 and a2) reveal that as a crack propa-
gates in c-LLZO, Li ions along the crack flanks undergo a pro-
nounced decrease in entropy, reflecting their rearrangement
into a more ordered, tetragonal-like lattice structure. A milder
entropy reduction appears in the wing-shaped regions ahead
of the crack tips, whereas the immediate tip zone exhibits

Fig. 4 Li-ion rearrangement in initially cubic phase LLZO during fracture. (a1–a4) Evolution of local entropy for Li ions in c-LLZO and
c-Li6.3La3Zr2O12, respectively; only Li sites are displayed, with cooler colors indicating lower (more negative) entropy and hence greater ordering. (b)
Site-specific entropy signatures in pristine t-LLZO: top row shows per-atom entropy for Li at the three Wyckoff positions (8a, 16f, and 32g); middle
row displays Li with entropy values below −10 in t-LLZO (aligned atom sites denote 8a-site Li in body-centered symmetry); bottom row shows pris-
tine c-LLZO using the same threshold, with atom sites lacking identifiable symmetry. (c1 and c2) Li ions with local entropy values below −10 in
c-LLZO and c-Li6.3La3Zr2O12 during fracture; blue atoms denote 8a-site Li in body-centered symmetry, grey atoms denote Li sites lacking identifiable
symmetry and red outlines highlight the advancing crack fronts.
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higher entropy, reflecting local structural frustration. In the Li-
deficient variant c-Li6.3La3Zr2O12 (Fig. 4(a3 and a4)), the same
disorder-to-order transition occurs, but with a clear delay rela-
tive to c-LLZO. Quantitative analysis of Li-site entropy at crack
tips and sides further confirms that c-Li6.3La3Zr2O12 lags
behind c-LLZO in this Li-rearrangement process (Fig. S4), con-
sistent with the observed prolonged stage I stress plateau in
Fig. 1(c1–c3).

To further resolve Li ordering at specific atomic sites, we
deconvoluted the entropy metric on the well-defined high-sym-
metry Wyckoff positions (8a, 16f, and 32g) within the t-LLZO
lattice setting. As shown in Fig. 4b (top row), each site exhibits
a unique entropy signature, with Li atoms at the 8a positions
showing the lowest entropy values. Setting an entropy
threshold excludes the 8a-site Li contribution, thereby high-
lighting the body-centered signature that is unique to the
t-LLZO symmetry (Fig. 4b middle row) and absent for the
cubic symmetry (Fig. 4b bottom row). Applying the same
threshold to the fracture simulation results reveals a body-cen-
tered Li arrangement along the crack sides in c-LLZO as the
crack extends (Fig. 4c1). Similar behavior is also evident in
c-Li6.3La3Zr2O12, although the onset is delayed (Fig. 4c2; see SI
Movie SII for complete dynamics). Notably, both stoichio-
metric and Li-deficient cubic LLZO preserve isolated regions
lacking body-centered order, suggesting that the transformed
tetragonal patches retain a certain degree of Li sublattice dis-
order. Accordingly, even in the Li-deficient sample, Li re-order-
ing is observed within individual LLZO unit cells. This allows
the c-to-t transformation to proceed on tens-of-picoseconds
timescales, distinct from typical diffusive phase transform-
ations that involve slow, long-range ion migration. We thus
propose that this rapid, local Li rearrangement before crack
propagation is primarily responsible for the stage-I stress
plateau in Fig. 1(c1–c3). Although not explicitly modeled here,
we acknowledge that Li redistribution on longer diffusive time-
scales in the vicinity of crack-like flaws could further modify
local Li ordering and, consequently, the propensity for phase
transformation. We also note that finite-size, finite-time ato-
mistic simulations cannot fully capture slow nucleation path-
ways that may operate at much lower driving forces or across
microstructural length scales.

We now proceed to discuss how Li concentration may affect
the phase transformation behavior of LLZO and revise the
stress distribution profile. Fig. 5a plots the calculated absolute
free energy52 of both stoichiometric and Li-deficient LLZO at
300 K against the c/a ratio along the Bain path. For stoichio-
metric LLZO, the tetragonal polymorph (c/a = 0.96) lies at the
global energy minimum, whereas the metastable (dashed para-
bolas) cubic configurations reside at higher-energy states. The
energy barrier for c-to-t transformation is relatively small
(∼2 kJ mol−1), whereas the backward t-to-c transformation
requires significantly higher energy (∼40 kJ mol−1). Such an
asymmetric energy landscape implies that modest axial stres-
ses can readily trigger c-to-t transformations during fracture.
By comparison, Li-deficient c-Li6.3La3Zr2O12 exhibits the cubic
polymorph as its lowest-energy phase, confirming that Li

vacancies can indeed stabilize the cubic lattice and thereby
enhance resistance to the stress-induced c-to-t phase
transition.

Motivated by these free-energy analyses, we carried out
additional direct rate-dependent uniaxial tensile loading simu-
lations on the three LLZO variants to confirm the stress-driven
phase evolution behavior of LLZO. In contrast to their very
similar response under hydrostatic tension (Fig. 1b), the
stress–strain curves obtained for pristine c-LLZO, t-LLZO,
and c-Li6.3La3Zr2O12 under uniaxial loading diverge markedly
(Fig. 5b). In c-LLZO under compression and in t-LLZO under
tension, pronounced stress plateaus (indicated by arrows in
Fig. 5b) imply energy dissipation via a phase-transition mecha-
nism. Moreover, the c-LLZO curve deviates from perfect linear
elasticity at tensile strains as low as ∼2%, likely related to early
activation of Li diffusion between the interstitial sites and inci-
pient c-to-t lattice distortions inherent to the metastable cubic
polymorph. Again, Li deficiency in c-Li6.3La3Zr2O12 suppresses
the c-to-t phase transformation under axial loading, confirm-
ing that the reduced Li content helps stabilize the cubic phase
against applied stress. These orientation-dependent mechani-
cal responses explain why the cubic polymorph exhibits aniso-
tropic stress evolution in stage I (Fig. 1(c1–c3)). Under ideal,
flaw-free conditions, LLZO experiences uniform hydrostatic
stresses, which are not likely to drive a c-to-t transformation.
However, in an operating battery with a cathode composite,
LLZO grains rarely experience truly hydrostatic stress. In this
case, cracks introduce free surfaces that shift the local stress
state from (near-)hydrostatic to triaxial. Such triaxial stresses
are capable of triggering the c-to-t transformation, accounting
for the anisotropic stress response seen in stage I.

Discussion

Based on our simulation results, we identify three unique fea-
tures that affect LLZO’s fracture behavior. First, the highly
mobile Li ion sublattice in cubic LLZO introduces anelastic,
thermally activated processes that cause deviation from a
linear-elastic fracture mechanism. According to Griffith’s
criterion,53 the fracture toughness is given by
KIC ¼ ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

2γE=ð1� v2Þp
, where γ is the surface energy, E is the

directional Young’s modulus, and ν is Poisson’s ratio. Using
parameters extracted from our MLMD simulations (Table S1),
this estimation yields KIC = 0.525 MPa m−0.5 for c-LLZO, 0.522
MPa m−0.5 for c-Li6.3La3Zr2O12, and 0.532 MPa m−0.5 for t-LLZO.
In contrast, our dynamic MLMD simulations rank fracture resis-
tance as t-LLZO ≫ c-Li6.3La3Zr2O12 > c-LLZO, underscoring the
insufficiency of the linear-elastic assumption for LLZO.

Second, tension–compression asymmetry arising from
stress-induced phase transformations significantly alters local
stress/strain fields around the crack flaws. Fig. 5c schematizes
how the local c-to-t phase transformation degrades LLZO’s
fracture resistance. In the absence of phase evolution, the frac-
ture response of c-LLZO is governed solely by its intrinsic
elastic (brittle-cleavage) properties, and the crack advances fol-
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lowing the applied stress field and the material’s inherent clea-
vage toughness. However, (bi)axial tensile stress at the crack
flanks is found to be sufficient to trigger a localized c-to-t
phase transformation, with the newly formed tetragonal phase
possessing a reduced lattice constant normal to the fracture
plane. This results in coherent misfit strain that induces
additional tensile stress at the crack tip, effectively adding to
the driving force for crack propagation in a positive feedback
cycle. This process stands in stark contrast to transformation-
toughened mechanisms, where stress-induced phase changes
at the crack tip absorb strain energy and impede crack growth.

Third, the propensity for c-to-t phase evolution under
mechanical loading is highly sensitive to local Li occupancy
because stoichiometry directly controls the stability of the
cubic polymorph. Li deficiency stabilizes the cubic phase and
thus tends to suppress stress-assisted phase transformations
and improve fracture resistance by reducing transformation-
induced misfit strain. In practice, however, Li stoichiometry is
unlikely to remain spatially uniform near defects. Hydrostatic
tension in the crack-tip stress field can bias Li/vacancy redistri-

bution, so a crack-localized deviation in Li content—toward
either enrichment or depletion, depending on boundary con-
ditions and defect chemistry—will shift the local distance to
the cubic–tetragonal boundary and thereby modify the trans-
formation onset.

These findings have broader implications for practical
applications of LLZO. For instance, elemental doping has been
recognized as an effective strategy for stabilizing the cubic
phase of LLZO.44,54–56 However, processing steps such as sin-
tering and volatilization compensation can generate spatially
inhomogeneous dopant distributions in the bulk
electrolyte,37,57 leaving locally under-doped domains that sit
closer to the cubic–tetragonal boundary and are therefore
more susceptible to stress-assisted c-to-t transformation in the
triaxial tensile fields surrounding pores, microcracks, and
sharp flaws. At interfaces, additional departures from the bulk
Li occupancy can arise from space-charge effects, dopant seg-
regation, and interfacial reaction products, producing Li-non-
stoichiometric zones whose magnitude and even sign depend
on the specific interfacial chemistry and polarization state.

Fig. 5 Influence of Li stoichiometry on LLZO phase stability and fracture response. (a) Free-energy profiles along the Bain path at 300 K for stoi-
chiometric and Li-deficient LLZO, each plotted relative to its own minimum. (b) Uniaxial [001] stress–strain curves under tension and compression
for pristine c-LLZO, t-LLZO, and c-Li6.3La3Zr2O12. (c) Schematic of crack advancement in c-LLZO if the cubic phase were to remain stable (left), in
comparison with the observed scenario when a local c-to-t phase transformation occurs at the crack flanks (second from left); arrows indicate the
additional driving force opening the crack from coherent misfit strains.
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Such local phase/stoichiometry variations introduce eigen-
strains (misfit strains) and modulus contrasts that can nucle-
ate microcracks or intensify crack-tip driving forces, thereby
degrading the effective fracture resistance. Likewise, because
higher Li content favors the tetragonal phase,55,58 current-
density hotspots during cycling can induce local Li enrich-
ment, promoting a c-to-t transformation that amplifies stress
accumulation surrounding defects.

To counteract phase-instability-coupled mechanical degra-
dation of LLZO, it is useful to first translate the transform-
ation-assisted fracture mechanism identified here into proces-
sing-tunable microstructural descriptors. Three descriptors are
therefore particularly actionable: (i) porosity and microcrack
density, which determine the density/acuity of stress concen-
trators and thus the likelihood of reaching the triaxial stress
threshold; (ii) grain size and texture, which control orien-
tation-dependent stress partitioning and transformation-
variant mismatch across GBs and triple junctions; and (iii)
dopant/vacancy homogeneity, chemical corrosion,59,60 and GB
segregation, which set local cubic stability by creating under-
doped or vacancy-inhomogeneous domains. Therefore, the
mitigation strategies should consider minimizing flaw popu-
lations and maximizing chemical/defect uniformity.
Particularly, stress engineering,61 crystallographic texturing or
coarse-grained microstructures approaching the single-crystal
limit,40,62 and applying amorphous coatings,63–65 can help
suppress these effects by narrowing orientation scatter and
reducing the density of high-acuity stress concentrators.

Conclusions

In this study, we carry out a detailed atomic-scale investigation
of intragranular fracture in LLZO under applied mechanical
loads. Although c-LLZO appears to fail by conventional brittle
cleavage, our simulations expose underlying microstructural
evolutions that govern its true fracture behavior. We show that
the highly triaxial stress state at crack flanks can trigger a local
c-to-t transformation that is accompanied by significant Li-ion
rearrangement. This rearrangement shrinks the lattice normal
to the crack plane, imposing coherent misfit strains that add
to the driving force for crack propagation in a positive feed-
back loop. By varying Li content, we demonstrate that reducing
Li concentration delays the onset of c-to-t transformation and
correspondingly mitigates the material’s susceptibility to frac-
ture. In contrast to conventional mechanical studies that focus
on bulk, uniform deformation, our work unveils a novel,
phase-transformation-driven mechanism of internal stress
generation that critically undermines LLZO’s mechanical
integrity. These insights suggest practical design guidelines for
LLZO-based SEs that are grounded in chemomechanical coup-
ling, such as prioritizing homogeneous dopant and Li distri-
butions to stabilize the cubic phase and mitigating Li-enrich-
ment hotspots during cycling. Together, such strategies
promise to enhance both the fracture toughness and ionic-
transport performance of LLZO in SSB applications.

Methods
Development and validation of ML interatomic potential for
LLZO

An ML interatomic potential was developed following the
same framework reported in our previous work66 using the
same parameters for the neural network architecture
(2 hidden layers and 20 nodes in each layer), optimization
algorithm, and Behler–Parrinello radial and angular sym-
metric functions. To enable simulations for mechanical
response and fracture propagation, the training dataset was
expanded by adding surface data to the existing dataset (5466
structures). The surface data were generated by sampling
atomic structures and their total energies and atomic forces
every 50 fs or longer from ab initio MD (AIMD) simulations,
using the (001) plane with Li termination and the (111) plane
with Zr termination (see SI S-III for details of density func-
tional theory (DFT) and AIMD simulation methods). The
number of new data points is 1540 for the (001) plane at temp-
eratures between 300 and 3000 K and 975 for the (111) plane
at temperatures between 800 and 1600 K, and thus in total
7981 structures exist in the new dataset. The dataset explicitly
includes surface disordering and amorphization with a signifi-
cant decrease in density, which can occur during the process
of crack initiation and propagation.

We validated our ML model using energy and force errors
for cubic and amorphous structures as well as six slab models
of LLZO (the amorphous and six surface structures were
adopted from our previous report).46 It was done by perform-
ing MD simulations with the developed ML potential (in short,
MLMD) for 100 ps and comparing the total energies and
atomic forces between DFT calculations and ML predictions
using atomic structures sampled from MD trajectories every
1 ps. Fig. S5 shows that the root mean squared errors (RMSEs)
of energies and forces at high temperatures are less than
1.6 meV per atom and 0.11 eV Å−1 for cubic LLZO at 2000 K
and 1800 K with NVT and NPT ensembles, respectively; and
4.6 meV per atom and 0.17 eV Å−1 for amorphous LLZO at
3000 K and 2000 K with NVT and NPT ensembles, respectively.
The RMSEs for the six slab models are also small, being less
than 8.4 meV per atom and 0.19 eV Å−1 (Fig. S5). Two impor-
tant points are noted: (1) the ML potential can perform reliable
MD simulations for various surface types that it did not learn,
e.g., surfaces with the (110) plane with three different termin-
ations and the (111) plane with Li termination as shown in
Fig. S6, implying the transferability to simulate various sur-
faces; and (2) the ML potential can predict a wide range of den-
sities of amorphous LLZO as shown with MD simulations for
the slab models at 2000 K in Fig. S6, where LLZO is completely
disordered/melted and fills the entire vacuum area with a sig-
nificant decrease in density (up to a 73.7% increase in volume
in our tests), which can happen at the initial stage of crack
opening and fracture surfaces with strains. Thus, the ML
potential can predict accurate energies and forces of cubic and
amorphous LLZO as well as LLZO surfaces with various den-
sities at high temperatures.
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We further validated our ML potential by predicting struc-
tural, vibrational, dynamical, and elastic properties of LLZO;
see our previous report for property calculation methods.66

Fig. S7 presents the radial distribution functions (RDFs) of all
element pairs for cubic LLZO at 1273 K with +3% hydrostatic
strain and amorphous LLZO at 3000 K with +10% strain,
showing that MLMD simulations predict nearly the same
RDFs compared to AIMD, whereas CMD simulations lead to
different RDFs from AIMD. In addition, the ML potential can
predict an accurate phase transformation temperature between
tetragonal and cubic phases near 900 K (Fig. S8), which is
close to the experimental measurement of 918 K,67 showing
that our ML potential can predict structural characteristics
accurately. The predicted vibrational density of states of
elements and Li diffusivities in cubic and amorphous LLZO
from MLMD simulations are also close to those calculated
from AIMD trajectories, whereas CMD simulations result in
different characteristics of vibrational and dynamic properties
from AIMD (Fig. S9 and S10). Moreover, the predicted bulk,
shear, and Young’s moduli as well as Poisson’s ratio by ML
potential are 102.6 GPa, 60.0 GPa, 150.6 GPa, and 0.26, respect-
ively, which are close to those calculated by DFT (114.7 GPa,
65.2 GPa, 164.5 GPa, and 0.26)66 as well as experimental
measurements (102.8 ± 0.3 GPa, 59.6 ± 0.1 GPa, 149.8 ± 0.4
GPa, and 0.257 ± 0.002 by resonant ultrasound spectroscopy
for Li6.24La3Zr2Al0.24O11.98 at 298 K).28 The room-temperature
power spectra of LLZO from MLMD (Fig. S12) also agree well
with the experimental Raman frequencies.68 Thus, we con-
clude that the ML potential can predict the structural,
vibrational, dynamical, and elastic properties of cubic and
amorphous LLZO accurately.

To evaluate the performance of our developed ML potential
for fracture simulations at larger length scales, we compared
the mechanical responses of cubic LLZO with a surface edge
crack under constant tensile strain, simulated using MLMD
and MD with a classical interatomic potential,69 respectively.
Fig. S11 and SI Movie SIII show that our MLMD simulations
yield a reasonably sharp and smooth crack propagation from
the surface into the LLZO grain interior along the [100] direc-
tion and the (010) surface plane. In contrast, the same system
simulated with the classical potential undergoes abnormal
surface structural reconfigurations, and within the simulation
time frame, the applied strain could not drive crack propa-
gation due to crack tip blunting, which is not realistic. The
overall validation and performance tests indicate the superior
capability of our MLMD in simulating the fracture behavior of
LLZO with high fidelity.

Machine-learning molecular dynamics simulations

Preparation of pristine LLZO samples. Initial unit-cell geo-
metries for both cubic and tetragonal LLZO were taken from
our prior DFT calculations.66 Each unit cell was replicated to
produce supercells of the target dimensions for large-scale
fracture MLMD simulations using the LAMMPS package70 and
our validated ML interatomic potential. All models were first
relaxed at 0 K via conjugate-gradient energy minimization,

then equilibrated at 300 K and zero isotropic pressure in the
NPT ensemble (Nose–Hoover thermostat and barostat) for
40 ps. Periodic boundary conditions (PBCs) were applied in all
directions, and a 0.5 fs timestep was used throughout. At
300 K, the relaxed lattice constants for the cubic phase were
a = b = c = 13.112 Å, and for the tetragonal phase, a = b =
13.287 Å and c = 12.751 Å.

Crack introduction and fracture simulations. To create iden-
tical pre-cracked specimens, we removed all atoms within a
central rectangular prism (2 nm long × 0.2 nm wide) on the x–
y plane, carefully preserving overall stoichiometry and remov-
ing the same set of atomic species in c-LLZO and t-LLZO.
These samples were then thermalized at 300 K and zero isotro-
pic pressure under the NPT ensemble for 100 ps. The Li-
deficient sample, c-Li6.3La3Zr2O12, was generated by randomly
removing 10 at% of Li from the relaxed c-LLZO sample. After
equilibration, each variant introduced with the crack was uni-
formly strained to 6.4% volumetric expansion, equivalent to a
2.1% tensile strain along each Cartesian axis. Subsequent frac-
ture simulations were performed in the NVT ensemble at
300 K, allowing steady-state crack propagation.

Uniaxial loading simulations. Uniaxial loading tests were
performed on pristine c-LLZO, t-LLZO, and c-Li6.3La3Zr2O12

samples along the [001] direction at a constant engineering
strain rate of 4 × 108 s−1. During each run, the sample was
held at 300 K in the NPT ensemble, with the barostat main-
taining zero pressure in the lateral [100] and [010] directions
while imposing continuous strain along [001].

Surface energy calculations. Surface energies for c-LLZO,
t-LLZO, and c-Li6.3La3Zr2O12 were computed as γ = (Esurface −
Ebulk)/2A, where Esurface is the total energy of an LLZO slab con-
taining two surfaces, Ebulk is the energy of the fully periodic
bulk cell, and A is the area of one surface. Slab models were
constructed with the ASE package71 and relaxed at 300 K in the
NVE ensemble with a Langevin thermostat for 0.2 ns. Energies
were sampled every 50 fs over the final 5 ps of relaxation to
yield converged surface-energy values.

Free energy calculations. Absolute free energies for both
stoichiometric and Li-deficient LLZO were obtained via none-
quilibrium thermodynamic integration following the Frenkel–
Ladd approach as proposed by Freitas et al.72 Along the Bain
path, we systematically varied the c-axis lattice parameter while
coupling a and b to relax at each step to minimize the total
energy. To improve statistics, each LLZO unit cell was repli-
cated into a 4 × 4 × 4 supercell, resulting in 12 288 atoms for
the Li7.0 composition and 11 939 atoms for the Li6.3 compo-
sition. The switching time tswitch and equilibration time tequil
were both set to 5 ps. It is worth noting that Li ions in cubic
LLZO diffuse at 300 K; therefore, the Einstein-crystal reference
lacks a single characteristic frequency. To address this, we
computed the mean-squared displacement, (Δr)2, over the
final 0.5 ps of each equilibration window (ttotal = tequil + 0.5 ×
tswitch). These (Δr)2 values were used to assign an effective
spring constant for the Einstein crystal reference, ensuring a
consistent integration protocol across all c/a ratios and both
polymorphs.
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