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ghts into the highly conductive
lithium thio-phosphate solid electrolytes with
exceptional stability against lithium metal†

Huseyin Sener Sen * and Bora Karasulu *

Despite the wide range of emerging solid electrolytes with promising characteristics, such as high ionic

conductivity, the inherent thermodynamic instability against lithium metal remains a significant

challenge. We have previously introduced a new family of solid electrolytes based on thiophosphates

with inherent stability against the metallic Li anode and high conductivity [C. Szczuka, B. Karasulu, M. F.

Groh, F. N. Sayed, T. J. Sherman, J. D. Bocarsly, S. Vema, S. Menkin, S. P. Emge, A. J. Morris and C. P.

Grey, J. Am. Chem. Soc., 2022, 144, 16350–16365]. In this study, we employ density functional theory

(DFT) together with ab initio molecular dynamics (AIMD) simulations to investigate the diffusion

mechanisms and underlying factors contributing to the high ionic conductivity of these novel Li–P–S

ternary electrolytes, including Li7PS2, Li5PS, Li8P2S, and Li11P3S. Our findings reveal that these materials

exhibit ionic conductivities comparable to the well-known superionic conductor, Li7P3S11, positioning

them as promising candidates for solid-state battery applications. Additionally, we show that, unlike

Li7P3S11 which forms a solid-electrolyte interphase, the novel Li–P–S ternaries exhibit remarkable stability

against Li metal anode due to their unique Li2S-like structural framework. The absence of a solid-

electrolyte interphase layer is particularly significant, as it eliminates additional resistance at the

electrolyte–anode interface, a common challenge in many solid-state battery systems. Our study not

only highlights the suitability of these novel ternaries, particularly Li5PS, as high-performance solid

electrolytes but also underscores the importance of structural design in developing next-generation

battery materials. The ability of these materials to maintain high ionic conductivity and stability over

extended periods makes them ideal candidates for future solid-state lithium batteries, offering a pathway

to safer, more efficient, and longer-lasting energy storage solutions.
1. Introduction

In recent years, the pursuit of safer and more efficient energy
storage systems has prompted the exploration of alternatives to
conventional lithium-ion batteries (LIBs).1 Traditional LIBs,
fuelled by liquid electrolytes, exhibit inherent challenges
related to safety and energy density. Liquid electrolytes are
typically composed of organic solvents, such as ethylene
carbonate (EC) or dimethyl carbonate (DMC), which are highly
ammable. In the event of a short circuit, overheating, or
mechanical damage to the battery, these solvents can ignite,
leading to res or explosions.2,3 Lithium metal has the highest
theoretical capacity of any anode material, making it highly
desirable for high-energy-density batteries.4–6 However, to fully
exploit this potential, the electrolyte must be stable in contact
with lithium metal. Lithium metal is highly reactive, especially
arwick, Coventry CV4 7AL, UK. E-mail:

asulu@warwick.ac.uk

tion (ESI) available. See DOI:

19878–19895
when in contact with conventional liquid electrolytes, which
can lead to the formation of lithium dendrites.7–11 These
dendrites can grow through the electrolyte and eventually cause
short circuits, leading to battery failure, overheating, and
potential res or explosions. The emergence of all-solid-state
batteries (ASSBs), with solid-state electrolytes replacing the
liquid counterparts, has marked a signicant paradigm shi. A
solid electrolyte (SE) may enable the use of lithium metal
anodes, leading to batteries with signicantly higher energy
densities compared to those using other anode
materials.5,10,12–15 Therefore, the transition toward ASSBs repre-
sents a transformative leap forward because it not only poten-
tially allows the use of pure or alloyed lithium anodes, enabling
higher capacities, but also holds the promise of mitigating
ammability concerns.

ASSBs exhibit superiority over conventional LIBs, particu-
larly in high-temperature applications, offering reduced am-
mability risks and a diminished threat of thermal runaway.16,17

Furthermore, the absence of bulk polarization effects, as Li+-
ions exclusively conduct ionic charge, suggests the potential for
faster (dis)charging in ASSBs compared to traditional LIBs.18
This journal is © The Royal Society of Chemistry 2025
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Despite these advantages, the commercialization of ASSBs faces
challenges, primarily the absence of a highly conductive SE that
is stable toward lithium metal and cathode materials, while
accommodating mechanical stresses induced during battery
cycling. Dendrite-free plating of lithium metal also remains an
unresolved issue.

The exploration of promising SEs has witnessed a prolifera-
tion of interest in diverse materials. One class, represented by
cation-substituted Li7La3Zr2O12 (LLZO)-derived compounds,19

offers high ionic conductivity and kinetic stability toward
lithium metal but faces challenges related to mechanical stiff-
ness and susceptibility to cracking as well as lithium dendrite
formation particularly at high current densities.18 A second
promising class involves materials containing sulphide ions,
exhibiting extremely high ionic conductivity and stress accom-
modation.20 In these materials, oxide anions are substituted by
larger and more polarizable sulphide anions. This results in
reduced Li-ion jump barriers which enhances their conductivity
enormously.21 In fact, materials incorporating thiophosphate
polyhedra as fundamental units exhibit remarkably high ionic
conductivities comparable to those observed in liquid electro-
lytes. Studying glasses and crystalline phases within the pseudo-
binary (Li2S)x–(P2S5)1−x were one of the rst attempts to utilize
the presence of thiophosphate polyhedra.22,23 Recent develop-
ments have highlighted that doped crystalline derivatives such
as Li10GeP2S12 (LGPS, s = 12 mS cm−1),24 Li6−xPS5−xClBrx (s =

24 mS cm−1),25 and Li9.54Si1.74P1.44S11.7Cl0.3 (s = 25 mS cm−1)26

are some of the most conductive SEs to date. More recently,
a third class, lithium-rich ternary phosphides emerged as
potential SE candidates, featuring phosphide anions (P3−) with
even greater polarizabilities than sulphide anions. These pha-
ses are structured around anionic TtP4 tetrahedra (Tt = Al, Si,
Ge, Ga, or Sn). Notably, Li9AlP4 demonstrates conductivities of
up to 3 mS cm−1 at room temperature.27–33 Despite their appeal
as SEs due to a high number of charge carriers and low density,
these materials exhibit sensitivity to oxygen and moisture.

Although the newly introduced SEs offer several advantages,
they share a signicant drawback: they are inherently thermo-
dynamically unstable when in contact with lithium metal, as
demonstrated for metal/metalloid-containing oxides,
sulphides, and thiophosphates.34–37 For instance, thio-
phosphates degrade into a mixture of lithium sulphides and
phosphides, driven by the reduction of phosphorus ions from
a P5+ oxidation state to P3− in Li3P. The resulting lithium binary
compounds (Li2O, Li2S, Li3P, and LiX (X = a halide)) are
suboptimal as electrolytes, creating a conductivity bottleneck at
the SE//Li metal interface. Additionally, the reduction of other
cations in the material may lead to short circuits via the
formation of lithium intermetallics. For example, Ge4+ in
LGPS38 and phosphidogermanates can form electronically
conductive germanides,36,37 posing a risk of further decompo-
sition and short circuits through the creation of mixed ionic-
electronic conducting interphases.38

Quantum chemical calculations employing density func-
tional theory (DFT) have been widely used to investigate the
structural, electronic, transport, and spectral properties of
various Li-ion battery materials, particularly SEs.39–41 Moreover,
This journal is © The Royal Society of Chemistry 2025
DFT is oen combined with crystal structure prediction
approaches, such as Ab Initio Random Structure Search (AIRSS),
genetic algorithm (GA), USPEX, and CALYPSO, in the in silico
discovery of novel functional materials.42,43 While these tools
have been applied to predict chemically-doped thiophosphate
electrolytes, such as Li3Y(PS4)2 (ref. 44) and Lix(PS4)yXz (X = Cl,
Br, I),45 the pure Li–P–S phase diagram has largely remained
unexplored, with the exception of individual studies focusing
exclusively on a few Li2S–P2S5 phases.22

Although novel SEs show promise, their instability with
lithium metal underscores the need for a comprehensive
approach focusing on both structural and thermodynamic
properties, as well as synthesis methods to developing highly
Li+-ion conductive SEs that are thermodynamically stable
against Li metal. In our previous work,46 we successfully
explored the Li–P–S ternary phase space, employing a combi-
nation of high-throughput crystal structure predictions and
solid-state synthesis (via ball milling) to isolate the most
promising compositions, particularly those within the Li3P–Li2S
tie line. We conducted a systematic characterization of the
structural properties and Li-ion mobility of these materials
using techniques such as X-ray and neutron diffraction, solid-
state nuclear magnetic resonance spectroscopy (relaxometry),
and electrochemical impedance spectroscopy. This led to the
identication of several Li3P–Li2S metastable solid solutions,
where the phases adopted a uorite (Li2S) structure with
phosphorus substituting for sulphur and extra Li+-ions occu-
pying octahedral voids. The combined analysis of experimental
data and quantum-chemical calculations46 reveals that four of
the new ternary compounds—Li7PS2, Li5PS, Li8P2S, and
Li11P3S—not only exhibit high structural stability and ionic
conductivity (hull distances of 76.3 meV, 38.5 meV, 12.4 meV,
45.4 meV, respectively) but also possess low activation barriers
for Li+-ion transport (193 meV, 190 meV, 232 meV, 250 meV at
room temperature, respectively). Moreover, each of these
structures are shown to be insulators with a direct band gap of
at least 1.4 eVmaking them perfect candidates as SEs if they can
maintain thermodynamic stability at the interfaces with elec-
trodes.46 As shown in Fig. 1, these compounds adopt a Li2S-like
orthorhombic (slightly distorted cubic) structural framework,
which suggests potential thermodynamic stability in the pres-
ence of lithium metal anodes similar to Li2S.47–49

In this work, we delve into the thermodynamic stability of
these four Li–P–S ternaries (see Fig. 1) in contact with lithium
metal anodes by means of DFT simulations. The results are
compared with established Li–P–S electrolytes (Li7P3S11 and g-
Li3PS4) and end members (Li2S and Li3P) of the tie-line (see
Fig. S1† for their unit cells). The article is structured as follows:
Section 2 details the methodology and computational approach
employed, Section 3 presents the results, beginning with an
examination of the bulk structures, followed by an analysis of
the surface structures, and concluding with an evaluation of the
interfaces and their properties, and nally, Section 4 offers
a summary of our ndings and outlines the implications for
future research.

Our approach represents a signicant advancement in the
development of SEs by addressing critical challenges in the eld,
J. Mater. Chem. A, 2025, 13, 19878–19895 | 19879
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Fig. 1 Supercells of highly conductive Li3P–Li2S solid solutions studied
in this work; (a) Li7P2S, (b) Li5PS, (c) Li8P2S and (d) Li11P3S.
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particularly the instability of SE materials against lithium metal
anodes. The novel Li–P–S ternaries we study not only demon-
strate exceptional stability against lithium anodes—comparable
to the highly stable Li2S—but also exhibit high ionic conductivity
without the formation of a solid-electrolyte interphase (SEI), even
at elevated temperatures. This absence of SEI formation elimi-
nates internal resistance at the interface, maintaining the high
conductivity observed in their bulk structures. Furthermore, our
investigation into the underlying mechanisms reveals that
phosphorus substitution for sulphur atoms stabilizes extra
interstitial sites and coordinates additional lithium atoms,
creating new conduction channels that further enhance ionic
transport. This dual achievement of stability and conductivity
presents a pivotal step forward, offering a robust solution to the
longstanding issues in SE design and paving the way for more
efficient and safer energy storage systems.

2. Computational methods
2.1. INTERFACER code

To investigate the stability, SEI layer formation and ionic
conductivity at electrolyte–electrode interfaces, we built model
interfaces between Li–P–S structures and lithium metal. To
facilitate this, we have developed the INTERFACER code,50 an
automated interface generation tool designed to systematically
explore various candidate interfaces with minimal strain,
starting from predicted bulk structures. By searching through
specied Miller indices, INTERFACER identies energetically-
relevant interfaces and, in conjunction with ab initio DFT
codes (Vienna Ab Initio Simulation Package (VASP) or Cam-
bridge serial total energy package (CASTEP)), determines the
thermodynamically and mechanically stable congurations.
19880 | J. Mater. Chem. A, 2025, 13, 19878–19895
The INTERFACER tool, coded in Python, also integrates
parameter setup for ab initio simulations, streamlining the
interface optimization process.
2.2. Parameters for relaxation and AIMD simulations

Plane-wave DFT electronic structure calculations were per-
formed using VASP (v.6.3),51–53 which is an implementation of
periodic boundary conditions and the pseudopotential
approximation. We employed the projector-augmented wave
(PAW)54,55 method jointly with the Perdew-Wang (PW91) version
of the generalized gradient approximation (GGA) exchange–
correlation potentials.56 The atomic positions and lattice
parameters were fully relaxed using conjugate-gradient method
until all forces acting on atoms were smaller than 0.01 eV Å−1.
The Brillouin zone was sampled using a G-centred Monkhorst–
Pack (MP) grid with a k-point spacing ner than 0.1 Å−1. The
normal accuracy setting (PREC = Normal) along with an elec-
tronic convergence criterion of 10−8 eV and a Gaussian smear-
ing factor of 0.1 eV were adopted. A cut-off-energy for the
planewave basis functions of 520 eV was adopted for the
relaxation calculations, while the cut-off was lowered to 400 eV
for the ab initio molecular dynamics (AIMD) simulations. To
allow for unbiased ionic migration dynamics, no symmetry
constraints were applied during the dynamic simulations.
AIMD simulations were performed not only to analyse the
integrity of the interface, i.e. the SEI formation, but also for
estimating the Li-ion conductivity within the Li–P–S ternaries as
well as through the interfaces under investigation. For AIMD
simulations, we benetted from the faster implementation in
VASP designed for the G-only calculations, which proved useful
for obtaining numerous adequately long trajectories to yield
better analysis for diffusivity. All crystal structures were visual-
ized with VESTA57 and Ovito.58
3. Results and discussion
3.1. Bulk conductivity: the effect of phosphorus

Efficient ion transport in SEs is essential for achieving high-
performance ASSBs. Consequently, understanding the diffu-
sion processes and optimising ionic conduction at the nano-
scale is a critical focus of contemporary research. Many
thiophosphate-based solid electrolytes have been systematically
studied to investigate how their average structures, local
bonding environments, and lattice dynamics govern ionic
conductivity.22,59–66 For example, Li7P3S11-type sulphides,
composed of both PS4

3− and P2S7
4− units, exhibit high

conductivities owing to their exible framework and inter-
connected polyhedral network, which facilitate lithium diffu-
sion pathways.65,66 Recent experimental and computational
studies have further highlighted that local structural heteroge-
neity and polyhedral disorder can critically inuence transport
properties beyond what is predicted by average crystallographic
models.22,64,65 Moreover, state-of-the-art neutron scattering and
rst-principles simulations have revealed that certain thio-
phosphates display liquid-like lithium dynamics in the solid
state, with anharmonic vibrations and concerted ion-hopping
This journal is © The Royal Society of Chemistry 2025
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mechanisms contributing to their superionic behavior.59 These
ndings underscore the importance of incorporating both
structural and dynamic considerations—at both average and
local levels—when interpreting ion transport in thiophosphates
and developing new solid electrolytes.

In our previous study,46 we presented both computational
and experimental data on the ionic conductivities and activa-
tion energies of newly synthesised and other commonly studied
Li–P–S ternary systems. Our ndings revealed that the new
ternaries, particularly Li7PS2, Li5PS, Li8P2S, and Li11P3S (see
Fig. 1) exhibit exceptionally high conductivities and low acti-
vation energies, for which we are yet to clarify the underlying
reasons, comparable to those of the superionic conductor
Li7P3S11. While traditional experimental techniques offer valu-
able insights into macroscopic ionic conductivity, they oen
lack the resolution necessary to elucidate the atomic-scale
mechanisms that govern ion movement, particularly in
complex solid-state systems. AIMD enables the detailed inves-
tigation of microscopic processes underlying ionic diffusivity,
offering an atomistic perspective of ion transport that accounts
for the intricate interactions within the material's crystal lattice
and electronic structure in a fully quantum mechanical frame-
work. These simulations are therefore indispensable for the
design and optimisation of new SE materials with enhanced
ionic conductivity, directly inuencing the development of next-
generation energy storage technologies. In this section, we
provide an understanding of the fundamental mechanisms
behind the superior diffusion properties of the four newly-
developed ternaries through AIMD simulations.

The self-diffusivity for particle i, also referred to as the tracer
diffusivity (D*), can be computed from the mean square
displacement (MSD) of the particle during an AIMD simulation as:

D* ¼ lim
t/N

hjriðtÞji2
2dt

; (1)

where d is the dimensionality of the diffusion, which we use 3 in
all cases presented here. The MSD of the N particles within
a bulk structure is expressed as:

hjrðtÞji2 ¼ 1

N

XN
i¼1

½riðtÞ � riðt ¼ 0Þ�2 (2)
Fig. 2 Diffusion properties of bulk Li–P–S ternaries at 525 K. (a) MSD of Li
(lower panel) for (b) Li2S and (c) Li7PS2. (d) Conductivity of Li–P–S system
Li7P3S11, Li5PS and Li8P2S are shown in (a) in red, green and orange colou
ease of comparison to interface structures. The red, black and blue arrow
8c–4b–8c (T–O–T) and 4b–4b (O–O), respectively. T/O denotes the te

This journal is © The Royal Society of Chemistry 2025
The bulk ionic conductivity of an electrolyte, such as a Li–P–S
ternary, can be estimated using the Nernst–Einstein relation,67

given by:

s ¼ ne2Z2DHR

kT
; (3)

where n is the density of diffusing particle, e is the elementary
charge, Z is the ionic charge, k is the Boltzmann constant, T is
the temperature and D is the ion diffusivity, with the Haven
ratio (HR) assumed to be unity (indicating non-correlated ionic
motion). Furthermore, the activation energy for a given elec-
trolyte can be determined from an Arrhenius plot, which
involves the exponential t of conductivity versus inverse
temperature over a range of temperatures.

Fig. 2a illustrates the MSD of lithium atoms for bulk-Li–P–S
systems at 525 K. Li2S and Li3P are not included in this gure
due to their almost negligible diffusivities at 525 K. The data
reveals that while the lithium mobility in the superionic
conductor Li7P3S11 is higher than in all other systems, the
mobilities in Li5PS and Li8P2S are quite comparable. Notably,
while Li7P3S11 has the highest tracer diffusivity (D*), it is only
about four times that of Li5PS and Li8P2S, indicating that the
difference in mobility is moderate. Additionally, all the novel
ternary compounds demonstrate signicantly higher lithium
diffusivity compared to g-Li3PS4 meanwhile Li5PS and Li8P2S
ternaries present higher lithium diffusivities than that of highly
conductive b-Li3PS4 (see Table S1† for the list of diffusivities and
the calculated error values68,69 for the systems shown in Fig. 2a).
These observations underscore the enhanced ionic transport
properties of the newly developed ternary systems.

From AIMD trajectories, one can also extract the Li-ion
transport pathways to elucidate the underlying factors
contributing to the conductivity. In the Li2S structure, lithium
atoms occupy the 8c tetrahedral sites, while sulphur atoms
reside in the 4a octahedral sites, as illustrated in the upper
panel of Fig. 2b. The 4b octahedral sites are energetically
unfavourable for both sulphur and lithium atoms, rendering
them unstable and vacant. Three primary ion migration paths
can be anticipated in Li2S and Li–P–S ternaries: (1) the 8c–8c (T–
T) path as shown by red arrows, involving Li hopping between
thermodynamically stable tetrahedral sites (i.e., vacancy
–P–S ternaries. Atomistic structure (upper panel) and Li+-ion trajectory
s as a function of Li2S–Li3P composition ratio. Tracer diffusivities for

rs, respectively. The structures in (b) and (c) are depicted along [111] for
s indicate possible diffusion channels for Li+-ions along 8c–8c (T–T),
trahedral/octahedral sites.

J. Mater. Chem. A, 2025, 13, 19878–19895 | 19881
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hopping);40,70 (2) the 8c–4b–8c (T–O–T) path as shown by black
arrows, where Li jumps between regular and interstitial Li
sites;40,70 and (3) the 4b–4b (O–O) path as shown by blue arrows,
which is only possible for Li–P–S ternaries as Li2S lacks inter-
stitials. In the lower panel of Fig. 2b, we depict the lithium ion
trajectory during the whole simulation of 100 ps at 525 K with
green dots, while the initial positions of sulphur atoms are
given as reference. For pristine Li2S, Li conduction does not
occur at 525 K. Li mobility is rather limited and conned to the
regular Li sites, primarily due to the full occupancy of the 8c
sites in the model used. Although Li migration through the 8c–
8c (T–T) path appears to be the most probable diffusion
mechanism, introducing Li lattice vacancies at the 8c sites is
not expected to signicantly enhance Li mobility at low
temperatures.40,70 Moreover, T–O–T type migration is also
absent, consistent with the reported high activation barrier (Ea
= 0.39 eV).40 However, at 1075 K, slightly above the previously
reported superionic phase transition temperature (T z 900
K),70–72 Li ions begin to diffuse via the T–O–T path, which then
becomes the predominant mode of conduction.

Next, we investigate the ionic conduction in the novel Li2S–
Li3P solid solutions. These novel ternary compounds exhibit
signicantly higher ionic conductivities compared to Li2S,
primarily due to the incorporation of phosphorus atoms. In
these ternary compounds, each phosphorus atom substitutes
a sulphur atom, occupying a 4a site. Phosphorus atoms, with
their 3− oxidation state, exert stronger coulombic interactions
with lithium ions compared to sulphur atoms with a 2− oxida-
tion state. This interaction not only stabilises the adjacent 4b
sites, enabling the coordination of additional lithium atoms, as
depicted in the upper panel of Fig. 2c, but also reduces the
energy barrier for T–O migration. Consequently, diffusion
channels primarily form around the phosphorus atoms and
most lithium diffusion in these ternary compounds occurs in
the vicinity of phosphorus atoms due to the increased avail-
ability of stable interstitial sites, as demonstrated for bulk-
Li7PS2 structure shown in the lower panel of Fig. 2c.
Substituting S atoms with P does not appear to alter the 3D Li
migration pathways signicantly, as both T–T (more visible in
other ternaries) and T–O–T paths (but not O–O) are utilised in
all ternaries. A clear distinction between the parent Li2S and the
Li2S–Li3P solutions is the signicantly higher prevalence of
T–O–T (8c–4b–8c) conduction channels even at low tempera-
tures, making the T–O–T path the primary mode of conduction.
This is likely facilitated by the additional interstitial Li ions. The
diffusion process typically initiates via a knock-on mechanism,
wherein a lithium ion occupying an interstitial 4b site facilitates
the displacement of a lithium ion from a lattice 8c site into
a neighbouring, higher-energy vacant 4b interstitial site,
constituting the T–O segment of the T–O–T conduction
pathway. Subsequently, the resulting vacancy at the 8c site is
lled by another lithium ion migrating from a nearby 4b
interstitial site, completing the O–T segment of the pathway.
Due to this mechanism and the limited number of 4b sites the
phosphorus-to-sulphur ratio becomes a critical factor in opti-
mising ionic conduction. Fig. 2d shows the calculated lithium
ion conductivity at 525 K as a function of phosphorus content.
19882 | J. Mater. Chem. A, 2025, 13, 19878–19895
Li2S and Li3P, representing the extremes, exhibit negligible
conductivity. The data indicate that conductivity peaks around
a phosphorus content of 50% (Li5PS) where the phosphorus
atoms are anticipated to distribute throughout the electrolyte
more homogenously. Insufficient phosphorus results in a low
number of stabilised 4b sites, reducing the number of available
hopping sites for lithium ions. Conversely, an excess of phos-
phorus leads to an over-coordination of lithium ions,
decreasing the number of vacant, stable 4b sites and thus
limiting ionic conduction.

Based on these ndings, we propose that incorporating
phosphorus sites into the Li2S–Li3P solutions enhances Li
migration through two mechanisms: (1) by lowering the
migration energy barrier between nearby 8c–4b (T–O) sites due
to strong Coulomb interactions between Li+–P3− ions, and (2) by
coordinating additional Li ions at the higher-energy interstitial
octahedral (4b) sites. The former mechanism aligns with
previous reports on other superionic conductors.73 Both factors
facilitate migration along the 8c–4b–8c and 8c–8c paths, with
the former being more prominent, while the 4b–4b path
remains less populated.

Due to the fundamentally distinctive structural congura-
tions of the superionic conductors Li7P3S11 and Li3PS4
compared to Li2S and novel ternary compounds, their lithium-
ion conduction pathways are not directly comparable. In the
case of Li7P3S11, studies have shown that the dynamic exibility
of P2S7 ditetrahedral units facilitates Li

+ diffusion by effectively
reducing energy barriers and generating an open framework for
ion transport. This mechanism enables lithium-ion mobility
without relying on well-dened interstitial sites or vacancy-
mediated diffusion.64–66,74,75 In contrast, the new Li–P–S solid
solutions have a knock-on mechanism, which is facilitated by
the additional Li atoms located at the interstitials that are
coordinated by the phosphorous atoms.
3.2. Surface formation

Surface formation energy is a crucial parameter in materials
science, quantifying the stability of a surface relative to the bulk
material. The derivation of surface formation energy requires
modelling of the bulk and surface (slab) structures and calcu-
lating their total energies separately.76,77 By comparing these
energies, the surface formation energy (gs) can be derived as the
energy difference between the surface and the corresponding
bulk per unit area as follows:

gs ¼
ðEslab � nEbulkÞ

2A
; (4)

Here, Eslab is the total energy of the slab, Ebulk is the energy of
the bulk crystal per formula unit, n is the number of formula
units in the slab model and 2A is the surface area of the two
surfaces of the slab. The accuracy of this formula relies on the
slab being symmetric with respect to its central plane—
meaning the atomic structure, composition, and arrangement
below the top surface must mirror those above the bottom
surface—while also preserving the stoichiometric ratio of the
constituent elements. However, in instances where keeping this
This journal is © The Royal Society of Chemistry 2025
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mirror symmetry necessitates the breach of stoichiometry or
where imposing the symmetry proves unattainable, alternative
considerations arise. In scenarios where breaking stoichiometry
is necessary, the calculation of surface formation energy can be
achieved by adapting the formula to incorporate chemical
potentials pertaining to individual elements or a predetermined
set of molecules. This modication is essential to accommodate
the energy contributions introduced by additional/missing
atoms, and it can be expressed as follows:

gs ¼

�
Eslab �

�
nEbulk þ

Pj
i¼1

cimi

��
2A

; (5)

where j is the number of different kinds of the extra elements, ci
and mi are the number and chemical potential of the extra
element of kind i, respectively. The inherent issue with this
methodology lies in the non-uniqueness of the chemical
potential values assigned to specic elements. Conventionally,
the determination of chemical potentials involves evaluating
the energies associated with a range of constituent subsystems
that collectively form the overarching structure. The selection of
these subsystems can vary, and there is no consensus on the
optimal approach. For instance, Xie et al.78 adopt a phase
diagram-based approach, selecting subsystems from the end
members of the tie line in which the nal product lies, while
Canepa et al.79 and Gao et al.80 utilize the decomposition
products as subsystems for chemical potential calculations
(decomposition approach). Another strategy involves using the
bulk forms of the elements (elemental approach), although for
some cases this may yield high inaccuracy due to the presence
of numerous intermediate structures between bulk elements
and the nal product. Moreover, the chemical potentials for
gaseous species can vary signicantly depending on the pres-
sure and temperature, which results in the surface formation
energy spanning a wide range of values.81,82 Alternatively,
starting materials for the nal structure can serve as the basis
for subsystem selection (starting material approach). Karasulu
et al.83 demonstrated in their investigation of the LLZO system
that the last two approaches indeed produce different values for
chemical potentials and formation energies, albeit without
altering the ordering of formation energies.

In our study, we assess the chemical potentials associated
with each element (Li, S and P) using the decomposition
approach, analysing energies inherent to bulk lithium, lithium
sulphide (Li2S), and lithium phosphide (Li3P), or alternatively,
employing the starting material approach, analysing lithium
sulphide, lithium phosphide, and phosphorus pentasulde
(P2S5), as well as the elemental approach, analysing bulk
lithium (bcc-Li), bulk sulphur, and bulk phosphorus (black
phosphorus). Each distinct conguration of these subsystems
yields disparate chemical potentials, necessitating comparison
with experimental data to validate their accuracy. Due to the
lack of empirical methods to check the validity of these diverse
set of chemical potentials which leads to a substantial ambi-
guity and the signicant disparities observed in the formation
energies of the structures studied in this work when employing
chemical potentials derived from the aforementioned set of
This journal is © The Royal Society of Chemistry 2025
subsystems (see ESI, Tables S2 and S3†), we have opted to forgo
the incorporation of chemical potential considerations and
instead maintain consistent stoichiometry across all scenarios
(even if it results in symmetry-breaking in some cases) similar to
the approach of Haruyama et al.84

As previously stated, the determination of surface formation
energy necessitates the utilization of symmetric surfaces,
a requirement that may not be generally achievable across all
Miller indices. Indeed, the presence of symmetric surfaces
within the systems under investigation is notably scarce.
Consequently, we have devised a methodological approach
guided by a predened set of principles governing the genera-
tion of slabs, with particular emphasis on prioritizing specic
surface characteristics.

The set of principles can be outlined as follows:
I. Ensure the stoichiometric integrity: This principle arises

from the inherent non-uniqueness of chemical potentials and
the lack of testing mechanisms, where outcomes are intricately
tied to the chosen parameters.

II. Where feasible, create symmetric surfaces: Surface
symmetry is imperative for the application of eqn (4), facili-
tating the precise determination of surface formation energies.
The slabs featuring symmetric surfaces are denoted by the
symbol “s” within Table 1.

III. In case symmetric surfaces are unattainable, form quasi
symmetric surfaces: We focus on aligning the surface atoms
while disregarding those situated beneath. This approach aims
to maximize symmetry within the outermost layers (while
minimizing the net dipole moment), thereby enabling the
utilization of eqn (4) under the assumption of comparable
formation energies between the two surfaces. The slabs
featuring quasi-symmetric surfaces are denoted by the symbol
“q” within Table 1.

IV. Maintain the integrity of the S–P bonds: While not a strict
rule, preserving the integrity of the S–P bonds in PS4 tetrahedra
or P2S7 (if any) during surface formation prevents substantial
energy penalties.

V. In cases where neither symmetric nor quasi-symmetric
surfaces can be achieved, the surfaces are constructed while
adhering solely to stoichiometric considerations. For the
structures in this category, the results will only be important if
the calculated formation energy for the fully non-symmetric
slab is found to be the lowest among all Miller indices indi-
cating the need for subsequent investigation into the corre-
sponding structure. Fully non-symmetric slabs are denoted as
“n” within Table 1.

We systematically studied the free surface formation for bcc-
Li, Li3P, g-Li3PS4, Li7P3S11, Li2S and the new ternaries (Li7PS2,
Li5PS, Li8P2S, Li11P3S) for all Miller indices up to 1 (i.e., −1, 0,
and 1). For some cases, we further analysed specic Miller
indices to compare with the literature. The results are presented
in Table 1 where we show the lowest formation energies in bold
font and the corresponding surfaces are depicted in Fig. S2.†
(001) surface in bcc-Li (symmetrically equivalent to (100)
surface) and (001) surface in Li3P present the lowest formation
energies of 0.46 J m−2 and 0.48 J m−2, respectively, which are in
perfect agreement with previous studies.85–87 Our results
J. Mater. Chem. A, 2025, 13, 19878–19895 | 19883
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Table 1 Calculated surface formation energies of the studied material systems using various Miller indices. Symmetry of the slab surfaces:
s = symmetric, q = quasi-symmetric, n = fully non-symmetric

gs (J m
−2) Li Li3P g-Li3PS4 Li7P3S11 Li2S Li7PS2 Li5PS Li8P2S Li11P3S

(001) 0.46s 0.48s 0.45q 0.25s 0.88s 0.65q 0.65s 0.65q 0.71q

(010) 0.21s 0.18s 0.67q 0.67s 0.66q 0.68q

(100) 0.51s 0.34s 0.09s 0.66q 0.61s 0.65q 0.74q

(011) 0.50s 0.67s 0.41q 0.12s 0.50s 0.51q 0.56s 0.59q 0.65q

(01�1) 0.40n 0.17s 0.50q 0.56s 0.62q 0.64q

(101) 0.27q 0.12s 0.51q 0.59s 0.57q 0.69q

(10�1) 0.46n 0.15s 0.55q 0.59s 0.58q 0.59q

(110) 0.73s 0.18s 0.20s 0.53q 0.62s 0.60q 0.66q

(1�10) 0.18s 0.20s 0.55q 0.62s 0.57q 0.65q

(111) 0.54s 0.85s 0.33n 0.18s 0.33s 0.34q 0.43s 0.46q 0.56q

(11�1) 0.29n 0.16s 0.36q 0.43s 0.42q 0.54q

(1�11) 0.36n 0.17s 0.34q 0.43s 0.43q 0.58q

(�111) 0.50n 0.13s 0.37q 0.43s 0.44q 0.56q

(11�2) 0.22s

(10�2) 0.21s

(210) 0.51s 0.54s

(211) 0.54s 0.29n

Journal of Materials Chemistry A Paper

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 1

7 
M

ay
 2

02
5.

 D
ow

nl
oa

de
d 

on
 1

2/
12

/2
02

5 
2:

48
:3

4 
A

M
. 

 T
hi

s 
ar

tic
le

 is
 li

ce
ns

ed
 u

nd
er

 a
 C

re
at

iv
e 

C
om

m
on

s 
A

ttr
ib

ut
io

n 
3.

0 
U

np
or

te
d 

L
ic

en
ce

.
View Article Online
indicate that for g-Li3PS4, (110) surface has the lowest surface
energy, at 0.18 J m−2. The surfaces of g-Li3PS4 have not been
extensively explored in the literature. Lepley et al.88 reported
a surface formation energy of 0.32 J m−2 for the (010) surface
though our calculations yield a lower formation energy of 0.21 J
m−2 for the same Miller index. Discrepancies in energy
assessments may stem from the myriad of conceivable surfaces
for Li3PS4, rendering comprehensive analysis impractical. For
instance, the (010) surface presents at least three distinct cuts,
the fewest among all Miller indices, further compounded by the
lack of symmetry in many slabs, introducing additional ambi-
guity to model selection and ensuing energy calculations. For
Li7P3S11, (100) surface yields the lowest surface formation
energy of 0.09 J m−2, consistent with prior literature.89 Due to
the cubic symmetry of Li2S, we focus on the formation of
surfaces corresponding to three Miller indices: (100), (110), and
(111). Although the cubic symmetry is disrupted in the new
ternary compounds, their structural framework remains anal-
ogous to Li2S. Consequently, their surfaces can be categorized
into three distinct families of Miller indices (100), (110), and
(111), as illustrated in Fig. S3.† These families can easily be
identied by their structural motifs when viewed from above the
surface. For example, in (100) family, the anions form a square
shape (see the black dashed lines in Fig. S3† top view), whereas,
in (110) and (111) families, a parallelogram and a triangular
shape emerges, respectively. Specically, the (100) family
includes (010) and (001) surfaces; the (110) family includes
(1�10), (101), (10�1), (011), and (01�1) surfaces; and the (111) family
includes (11�1), (1�11) and (�111) surfaces. Although the surfaces
for different Miller indices within each family are not equiva-
lent, they still exhibit similar surface formation energies (Table
1). The (111) surface of Li2S demonstrates the lowest formation
energy at 0.33 J m−2, which aligns well with values reported in
the literature.78,85,87 The red circles and lines on the far le of
Fig. S3† represent the Li atoms and Li–S bonds lost during the
cleavage to create the surface. Notably, for the (111) surface,
19884 | J. Mater. Chem. A, 2025, 13, 19878–19895
sulphur atoms lose only a single Li bond, whereas for the (100)
and (110) surfaces, two Li bonds are broken. We note that the
breaking of fewer bonds during surface formation leads to
a smaller increase in total energy, which in turn results in lower
formation energy. Given the similar framework to Li2S, the new
ternary compounds also exhibit the lowest surface formation
energies for (111) type surfaces. Specically, for Li7PS2 and
Li5PS, (111) surfaces have the lowest formation energies of 0.34 J
m−2 and 0.43 J m−2, respectively while, the lowest formation
energy for Li8P2S and Li11P3S is observed for (11�1) surfaces, with
values of 0.42 J m−2 and 0.54 J m−2, respectively. Notably, the
surface formation energy increases with the phosphorus
content. In these systems, each phosphorus ion can coordinate
additional lithium ions. Consequently, when the bulk structure
is cleaved to form a surface, the phosphorus ions at the surface
lose more lithium coordination than sulphur ions. This implies
that with higher phosphorus content, more Li–P bonds are
broken upon surface formation, thereby increasing the surface
formation energy.

TheWulff shape, is a geometric method utilized to depict the
equilibriummorphology of a crystal.90,91 In Fig. 3, we present the
Wulff shapes derived from the surface formation energies listed
in Table 1. The shape for bcc-Li aligns perfectly with the liter-
ature,86 showing (001) and (110) surfaces contributing 39% and
34% of the total surface area, respectively. Contributions from
(111), (210), and (211) are approximately 9% each. The shape for
Li3P shows some differences from what Canepa et al.85 obtained
as they also investigate Miller indices higher than 1. The Wulff
shape for Li3P is composed of (100) and (001) type surfaces, with
65% and 35% surface areas, respectively. (110) and (101)
surfaces dominate the Wulff shape of g-Li3PS4 by contributing
58% and 33% to the surface area, respectively. For Li7P3S11, the
surface area contributions are distributed among many
surfaces, with (100) surface contributing 31%, (011) surface
19%, (101) surface 16%, and (11�1) surface 13%. For Li2S, the
Wulff shape exclusively contains the (111) surface. In new
This journal is © The Royal Society of Chemistry 2025
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Fig. 3 Wulff Shapes for all of the studied systems.
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ternaries, similar to Li2S, the Wulff shape is dominated by the
(111) family surfaces. However, as the phosphorus content
increases, other surface families begin to appear, resulting in
a less anisotropic shape. This is attributed to the rapid increase
in surface formation energy for the (111) family with increasing
phosphorus content. For Li11P3S, the Wulff shape comprises
(111), (100), and (110) surfaces, contributing 78%, 14%, and 8%
to the total area, respectively.
3.3. Interface stability at 0 K

Upon elucidating the surface formation energies, we employed
the INTERFACER50 computational framework to construct
interfaces between Li(100) and Li–P–S surfaces (the workow of
the methodology is briey explained in ESI†) ensuring minimal
surface formation energies (values in bold font in Table 1).
Interface formation energy for the interface between materials
a and b can be calculated as;

gab ¼
Eab � ðnaEa þ nbEbÞ

2A
; (6)

where Eab is the total energy of the interface system, na (nb)
denotes the number of formula units of material a (b), with
corresponding bulk energy per formula unit Ea(Eb), and A
represents the surface area of the interface. The division by 2A
accounts for the presence of two interfaces in the sandwich
model (no vacuum padding between surface slabs).

Due to the imposed boundary conditions in the simulation
system, a lattice strain is articially introduced while aligning
the lattices of materials a and b. However, in real materials,
such boundary conditions are absent, potentially resulting in
negligible strain. Consequently, the calculated interface
formation energy is usually overestimated, encapsulating an
energy component attributed to in-plane strain. The actual
interface energy (gab

act) therefore exists within upper and lower
bounds represented as gab

min < gab
act < gab

max, where gab
max =
This journal is © The Royal Society of Chemistry 2025
and gab
min denotes the minimal interface energy devoid of

strain energy (Estr), calculated as;

gab
min = gab − E str (7)

The strain energy can be determined through various
methods47,48,92,93 but we introduce only two of them here. The
rst method involves subtracting the energy of relaxed slabs
from that of the strained slabs, which we refer to as “Compar-
ison” method. Adopted from Ferrari et al.,47 we allow interface
structure to relax to its minimum energy conguration,
inducing strain in both slabs. Thus, the strain energy for each
slab can be calculated as follows;

Estr
slab-a ¼

Estrained
slab-a � Erelaxed

slab-a

2A
(8)

where Eslab-a
strained is the energy of “slab a” under strain and

Eslab-a
relaxed is the energy of the slab when the in-plane lattice

vectors are allowed to relax. Since this method uses slabs, it
ignores any contribution that may arise due to the presence of
the interface. The second method, proposed by Lepley et al.,48

incorporates the contribution of the interface on strain, which
we call “Extrapolation”method. It calculates the in-plane strain
at the interface between materials a and b as:

gab = gab
lim + nbc (9)

where gab
lim is the interface energy in the coherent limit, nb is

the number of formula units of material b and c is a constant
that is dependent on thematerial and the applied stress. Eqn (9)
assumes that the lattices of the interface systems are xed to the
bulk values of material a and only material b is under strain.
However, since our interface simulations involve relaxation of
the entire system rather than xing the lattices to bulk values of
one material, eqn (9) is modied to include strain in both
materials as:

gab = gab
lim + naca + nbcb (10)

Here, plotting gab against na (nb) yields a straight line with slope
ca (cb) and intercept gab

lim + nbcb (gab
lim + naca) (see Fig. S4a†).

Consequently, the strain values for each material Ea
str = naca

(Eb
str = nbcb) is calculated separately, and the total strain (Ea

str)
is determined as the sum of individual strains. gab

lim can then
be calculated by inserting individual strain values into eqn (10).
The difference between the strain energies from the two
methodologies glnt = gab

lim − gmin describes the contribution
of the interface to strain energy.

A signicant limitation of the extrapolation method is the
rapid escalation in the number of atoms as n is increased for the
Li–P–S systems. For the majority of the studied interfaces, we
employ the minimal n values for Li–P–S slabs, which are already
considerably thick. Consequently, this renders the extrapola-
tion approach impractical for our purposes. Nevertheless, we
conducted a series of tests using both approaches to evaluate
the differential impacts between the comparison and the
extrapolation (see Fig. S4b†) methods for two exemplary
systems: Li2S(111)//Li(100) and Li5PS(111)//Li(100). The results
J. Mater. Chem. A, 2025, 13, 19878–19895 | 19885
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Table 2 Calculated strain energies in J m−2 with comparison (eqn (8))
and extrapolation (eqn (10)) methods

(J m−2)

Li2S(111)//Li(100) Li5PS(111)//Li(100)

Comparison Extrapolation Comparison Extrapolation

ELi
str 2.9 × 10−2 3.2 × 10−2 6.1 × 10−2 5.6 × 10−2

Eelectrolyte
str 5.4 × 10−2 4.6 × 10−2 8.8 × 10−2 8.0 × 10−2

Estr 8.3 × 10−2 7.9 × 10−2 0.15 0.14
gmin 0.31 — 0.14 —
glim — 0.32 — 0.15
glnt 0.01 (1.5%) 0.01 (7.5%)
cLi — 1.3 × 10−4 — 3.8 × 10−4

celectrolyte — 6.8 × 10−4 — 1.7 × 10−3
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are summarized in Table 2. The strain values obtained from
both methodologies are of the same order, and the effect of the
interface (gint) is less than 10%. Hence, we applied the
comparison method to the remainder of the interfaces studied.

The work of adhesion (Wadh) represents the energy required
to separate two adherent surfaces to an innite distance and
quanties the mechanical stability of an interface. In practical
terms, Wadh is dened as the energy necessary to separate the
two slabs and can be formulated as follows,

Wmin
adh ¼ ðEslab-a þ Eslab-bÞ � Eab

2A
: (11)

We dene it as the minimum work of adhesion since it
inherently contains the strain energy which lowers the value. To
get the maximum work of adhesion, the strain energy should be
added to this value (Wadh

max = Wadh
min + Estr). Similar to the

interface formation energy, the actual work of adhesion lies
between Wadh

min and Wadh
max. Typically, low (positive value)

interfacial energy and high (positive value) work of adhesion are
indicative of strong interfacial stability.

The calculated values for the interface formation energy,
work of adhesion and strain energy are summarized in Table 3.
The calculated maximum and minimum formation energies for
Li3P(001)//Li(100) and Li2S(111)//Li(100) interfaces are gLi3P//Li-
max = 0.37 J m−2, gLi3P//Li

min = 0.35 J m−2, gLi2S//Li
max = 0.40 J

m−2 and gLi2S//Li
min = 0.31 J m−2, respectively, which are in

agreement with the literature.85 The interface formation
Table 3 Calculated interface formation energies (gab
max, gab

min),
adhesive energies (Wadh

max, Wadh
min) and the strain energy (from the

comparisonmethod) for Li–P–S systems against Li(100), all energies in
J m−2

Interface gab
max gab

min Wadh
min Wadh

max Estr

Li3P(001)//Li(100) 0.37 0.35 0.56 0.58 2.0 × 10−2

g-Li3PS4(110)//Li(100) −0.90 −1.11 1.41 1.63 0.22
Li7P3S11(100)//Li(100) −1.87 −2.04 2.31 2.48 0.17
Li2S(111)//Li(100) 0.40 0.31 0.42 0.50 8.3 × 10−2

Li7PS2(111)//Li(100) 0.27 0.25 0.50 0.52 1.9 × 10−2

Li5PS(111)//Li(100) 0.28 0.14 0.49 0.64 0.15
Li8P2S(111)//Li(100) 0.25 0.22 0.56 0.60 3.2 × 10−2

Li11P3S(111)//Li(100) 0.28 0.15 0.58 0.74 0.13

19886 | J. Mater. Chem. A, 2025, 13, 19878–19895
energies for new ternaries are even lower than Li2S and Li3P,
indicating higher stability. Interface formation energies are
typically positive because the formation of interfaces involves
creating surfaces from the bulk forms of two systems, which are
inherently lower in energy. However, the interfaces of Li3PS4
and Li7P3S11 with Li metal exhibit negative interface formation
energies. This anomaly indicates the presence of chemical
activities at the interface that lowers the total energy of the
interface system. We present the Li5PS//Li and Li7P3S11//Li
interfaces as examples of inactive and active interfaces,
respectively, in Fig. 4 (See Fig. S5† for all other structures). The
dashed lines indicate the position of the interface before
relaxation. Notably, the PS4 tetrahedra near the interface breaks
up and sulphur atoms diffuse across the Li7P3S11//Li interface to
coordinate with lithium atoms and form Li2S-like structures as
indicated by the oval (Fig. 4b, bottom panel), whereas no
diffusion of sulphur or phosphorus atoms is observed across
the Li5PS//Li interface. The S–P bond breaking and sulphur
atom diffusion results in the undercoordinated phosphorus
atoms bond with lithium atoms in the vicinity. These changes
in the bond formation from S–P to Li–P and Li–S signicantly
reduce the total energy of the system, leading to negative
formation energy. Other works that study the apparent reactivity
of Li3PS4//Li and Li7P3S11//Li interfaces agree on the formation
of a similar Li2S-like buffer layer.47,48,88,94,95

The calculated maximum and minimum work of adhesion
for Li3P(001)//Li(100) and Li2S(111)//Li(100) interfaces are
WLi3P//Li

max = 0.58 J m−2, WLi3P//Li
min = 0.56 J m−2, WLi2S//Li

max =

0.50 J m−2 and WLi2S//Li
min = 0.42 J m−2, respectively, which are

consistent with the values reported in the literature.85,87 The
work of adhesion for the new ternary compounds with lithium
is higher than that for Li2S and Li3P, indicating greater stability.
Furthermore, the phosphorus content has an increasing effect
on the work of adhesion, similar to the trend observed for
surface formation energy. Having more phosphorus atoms,
results in the formation of more bonds at the interface, making
it more difficult to separate the surfaces. In the cases of Li3PS4//
Li and Li7P3S11//Li interfaces, the chemical reactions at the
interface lead to a signicant reduction in energy, yielding
much higher work of adhesion compared to the other
interfaces.
3.4. Dynamic interface stability at nite temperature

In our study, we employed AIMD simulations at 525 K and 1075
K to investigate the chemical interactions and stability of
interfaces between Li-metal anode and the electrolytes as well as
the effects of the interface on diffusion properties of Li ions at
nite temperatures, with a particular emphasis on the forma-
tion of SEI layers. AIMD simulations provide high accuracy by
solving quantum mechanical equations without relying on
predened potentials. Despite the computational expense
limiting AIMD calculations to timescales of hundreds of pico-
seconds and system sizes to approximately 1000 atoms or fewer,
these simulations furnish sufficient data to facilitate compara-
tive analyses of different interfaces an provide critical insights
into the structural integrity, dynamical properties, and the
This journal is © The Royal Society of Chemistry 2025
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Fig. 4 The initial (upper) and the final (lower) states of (a) chemically inactive Li5PS//Li, and (b) chemically active Li7P3S11//Li interface structures.
The dashed black line indicates the initial position of the interface. The black oval highlights the sulphur diffusion into lithium metal.

Fig. 5 Evolution of the microstructure for (a) Li2S//Li and (b) Li7P3S11//
Li interface structures at 525 K. The positional histogram of P and S
atoms perpendicular to the interface for (c) Li2S//Li and (d) Li7P3S11//Li
interface structures. The pair distributions of certain atomic pairs for (e)
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mechanisms governing SEI layer formation at the interface. In
this section, we focus on the chemical interactions and the
dynamical stability of the interfaces.

3.4.1. Stability of established Li–P–S electrolytes. First, we
systematically investigated the time evolution of the intricate
interfaces formed between lithium anode and commonly-
studied lithium thiophosphate electrolytes, namely Li2S, Li3P,
g-Li3PS4, and Li7P3S11. Since we found the behaviour of Li3P//Li
and g-Li3PS4//Li in terms of dynamical stability and conductivity
is very similar to that of Li2S//Li and Li7P3S11//Li, respectively,
we will only focus on the latter two cases (the results for the
former two cases can be found in Fig. S5–S8†). These simula-
tions serve as a benchmark for understanding the behaviour of
Li anode interfaces against the novel ternary systems. We
present the evolution of the systems at various time steps for
525 K in Fig. 5a and b. The dashed black lines indicate the
initial positions of the interfaces (at t = 0). Both Li2S//Li and
Li3P//Li interfaces preserve their original structures over time
even at an elevated temperature of 1075 K. Conversely, at the g-
Li3PS4//Li and Li7P3S11//Li interfaces, diffusion of sulphur and
phosphorus atoms into the lithium metal is observed, indi-
cating instability akin to that at 0 K (i.e. geometry optimisations,
see Fig. 4b). This instability intensies and the degradation
accelerates at higher temperatures.

The positional histograms (perpendicular to the interface –

along the c-axis) for phosphorus and sulphur atoms, presented
in Fig. 5c and d, elucidate the instability of the Li7P3S11//Li
interfaces, while simultaneously demonstrating the structural
integrity of the Li2S framework. In this stable framework, the S
atoms wobble around their initial positions, retaining their
original peak position, shape, and height in the histogram. In
contrast, the P and S atoms in the highly-conductive Li7P3S11
electrolyte become widely dispersed.

A similar conclusion can be drawn from the pair distribution
functions (PDFs) for various atom pairs in these systems, as
shown in Fig. 5e and f. In Li2S//Li system, the separation
distances between Li–S and S–S pairs remain relatively
unchanged over time. However, in Li7P3S11//Li system, the
initial peak diminishes due to the dissolution of PS4 tetrahedra
at the interface, which decreases the number of P–S bonds.
This journal is © The Royal Society of Chemistry 2025
Fig. 6a–c illustrate the distribution of atomic coordination
numbers for various atoms at different times, using a coordi-
nation radius of 3 Å. While there is no signicant change in
Li2S//Li system, in Li7P3S11//Li system, the coordination number
with S atoms remains relatively stable, whereas it increases for P
atoms. This is due to the aforementioned dissolution of PS4
Li2S//Li and (f) Li7P3S11//Li interface structures. Black dashed lines in (a)
and (b) indicate the initial positions of the interface.
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Fig. 6 The coordination numbers for (a) S atoms in Li2S//Li, (b) P and (c) S atoms in Li7P3S11//Li interface structures. (d) The microstructure of
Li7P3S11//Li system after 20 ps at 525 K. The microstructures around P and S atoms within two interface subregions (decomposing and crystalline
regions) as well as bulk Li2S and bulk Li3P are displayed for comparison. (e) The SEI layer thickness for g-Li3PS4//Li and Li7P3S11//Li as a function of
time at 525 K. A significant drop in the SEI growth rate is observed at 83% and 85% consumption of P and S atoms in the Li3PS4//Li and Li7P3S11//Li
interface systems, respectively.

Journal of Materials Chemistry A Paper

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 1

7 
M

ay
 2

02
5.

 D
ow

nl
oa

de
d 

on
 1

2/
12

/2
02

5 
2:

48
:3

4 
A

M
. 

 T
hi

s 
ar

tic
le

 is
 li

ce
ns

ed
 u

nd
er

 a
 C

re
at

iv
e 

C
om

m
on

s 
A

ttr
ib

ut
io

n 
3.

0 
U

np
or

te
d 

L
ic

en
ce

.
View Article Online
units to form new Li–P bonds which increases the coordination
number of P atoms from around 7 to 9.

To gain a deeper understanding of the microstructural
changes, we further analysed the Li7P3S11//Li system. Given the
interface instability, already at t = 20 ps, the interface region
could be divided into two subregions, as shown in Fig. 6d: the
decomposing region, also referred to as the SEI layer, and the
crystalline region, which resembles the Li7P3S11 crystal struc-
ture. Detailed examination of randomly-selected S and P atoms
from these regions reveals signicant differences in their
coordination. Notably, P atoms, which are initially surrounded
by S atoms in the crystalline region, become solely coordinated
by Li atoms in the decomposing region. The coordination
numbers of Li for P and S atoms in the decomposing region
correspond well with those in the bulk Li2S and bulk Li3P.
Therefore, a Li2S-like layer where P atoms occasionally substi-
tute S atoms forms, as suggested by other studies.47,48,88,94,95 With
a much longer simulation on a much larger system, it might
even be possible to observe the formation of separate Li2S and
Li3P regions. This is, however, limited by the high cost of AIMD
simulations, calling for other approaches, like machine-learned
interatomic potentials. The decomposition reaction for the g-
Li3PS4 and Li7P3S11 molecules are therefore as follows:

Li3PS4 + 8Li / 4Li2S + Li3P + 11.4 eV

and

Li7P3S11 + 24Li / 11Li2S + 3Li3P + 35 eV

Here the reaction energies are calculated using the formation
energies of the relevant species. These reactions result in
19888 | J. Mater. Chem. A, 2025, 13, 19878–19895
a signicant energy release due to the reduction of P atoms from
5+ to 3−.

By analysing themicrostructure at each time step, we derived
an estimation of the SEI layer thickness as a function of time, as
depicted in Fig. 6e. Our model assumes that phosphorus and
sulphur atoms coordinated solely with lithium atoms form Li3P-
and Li2S-like structures, respectively. The SEI layer thickness
was then calculated based on the relaxed bulk volumes of Li3P
and Li2S as follows:

dSEI ¼ nPVLi3P þ nSVLi2S

A
; (12)

where dSEI is the SEI layer thickness, nP and nS are the number of
P and S atoms that are solely coordinated with Li atoms (coor-
dination cut-off distance is 3 Å), respectively, VLi3P and VLi2S are
the volumes per formula unit for relaxed Li3P and Li2S unit cells
and A is the area of the interface. The SEI layer thickness was
then calculated based on the relaxed bulk volumes of Li3P and
Li2S. The analysis indicates that the initial structures, which are
relaxed congurations at 0 K, already exhibit the presence of an
SEI layer. During the time evolution, SEI layer formation follows
a square root dependence on time for both the g-Li3PS4//Li and
Li7P3S11//Li systems. Aer approximately 83-85% of the P and S
atoms are consumed, the SEI growth rate decreases in both
systems. The observed square root dependence of SEI layer
thickness on time may be attributed to the already formed SEI
layer hindering further growth, while the subsequent deceler-
ation is likely a consequence of simulation limitations, specif-
ically the depletion of available P and S atoms necessary for
continued SEI layer formation at the initial rate. The higher rate
of SEI formation in the Li7P3S11//Li system compared to the g-
Li3PS4//Li system can be attributed to several factors. First, g-
This journal is © The Royal Society of Chemistry 2025
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Li3PS4 is structurally more stable than Li7P3S11 in its bulk
form,22,89,96 which may reduce the propensity for SEI formation
in the former. Second, the microstructures at the interfaces
differ between the two systems. It is important to note that even
within the same material system the SEI formation rates can
vary depending on the Miller indices of the interfaces. Third,
the systems are subjected to different levels of strain, which
could inuence the SEI formation process. Finally, the mecha-
nisms of SEI formation differ between the two systems: in the g-
Li3PS4//Li system, SEI formation is primarily driven by the
dissolution of PS4

3− tetrahedral units, whereas in the Li7P3S11//
Li system, both PS4

3− and P2S7
4− units contribute to the SEI

layer formation.
3.4.2. Stability of novel Li–P–S compounds. In this section,

we examine the stability and SEI layer formation at the inter-
faces between novel ternary compounds and lithium metal
using AIMD simulations. Given that all the novel ternary-Li
interfaces exhibit similar behaviour, we focus on the system
with the most conductive ternary, namely Li5PS//Li system, as
a representative case and compare the results with the bench-
mark interfaces, viz. Li2S//Li and Li7P3S11//Li (The results for
other ternary compounds can be found in Fig. S5–S8†).

Fig. 7a illustrates the structural evolution of the Li5PS//Li
interface at 525 K. The dashed black lines represent the initial
interface positions at t = 0. Throughout the simulation, even at
an elevated temperature of 1075 K, no migration of phosphorus
or sulphur atoms is observed, indicating that the interfaces
maintain their original structural integrity over time (unlike the
g-Li3PS4 and Li7P3S11 cases). Further evidence of the high
stability is provided by the positional histogram shown in
Fig. 7b which reveals that aer 100 ps, P and S atoms remain at
their initial positions without diffusing into the lithium metal,
Fig. 7 (a) Evolution of the microstructure for the Li5PS//Li interface at 52
positional histogram perpendicular to the interface for P and S atoms. (c) P
S atoms in Li2S//Li, Li7P3S11//Li, Li5PS//Li and g-Li3PS4//Li interface syste
nation numbers for (e) P atoms and (f) S atoms in the Li5PS//Li interface s
525 K. The local microstructures around P and S atoms are also displaye

This journal is © The Royal Society of Chemistry 2025
mirroring the behaviour of Li2S//Li system. A similar conclusion
is drawn from the PDFs, as the separation distances of each pair
remain almost unchanged, indicating stable atomic congura-
tions over time (Fig. 7c).

To quantitatively assess the interface stability, the MSD of
sulphur atoms across different systems is plotted in Fig. 7d. As
shown in the previous section, the instability of the g-Li3PS4//Li
and Li7P3S11//Li interfaces results in the diffusion of sulphur
and phosphorus atoms into the lithiummetal, leading to higher
MSD values and tracer diffusion coefficients. In both systems,
the sulphur migration tends to decelerate aer most of the
sulphur atoms are consumed for SEI layer formation in
a similar fashion to SEI layer growth shown in Fig. 6e. In
contrast, the sulphur atoms in the Li5PS//Li system exhibit
mobility and a tracer diffusion coefficient comparable to that of
the stable Li2S//Li system indicating high stability.

The coordination numbers for phosphorus and sulphur
atoms within the Li5PS//Li system exhibit minimal variation
over time (Fig. 7e and f), further supporting the conclusion that
the interface remains stable. In Fig. 7g, the microstructural
environment surrounding the phosphorus and sulphur atoms
in the Li5PS layer is analysed. A closer examination of individual
phosphorus and sulphur atoms reveals that they are situated in
Li3P-like and Li2S-like environments, respectively. This suggests
that, unlike in the g-Li3PS4 and Li7P3S11 cases (see Fig. 6d), the
phosphorus atoms in Li5PS (and other Li2S–Li3P solid-
solutions) are already in a 3− oxidation state, which dimin-
ishes the driving force for decomposition reactions. This
observation is corroborated by the energetics of the corre-
sponding decomposition reaction of Li5PS:

Li5PS / Li2S + Li3P +0.35 eV.
5 K. Black dashed lines indicate the initial positions of interface. (b) The
DFs of selected atomic pairs for Li5PS//Li at different times. (d) MSD for
ms. Calculated tracer diffusivities (D*) are also displayed. The coordi-
tructure. (g) The microstructure of the Li5PS//Li system after 100 ps at
d alongside bulk Li2S and bulk Li3P for comparison.
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The energy gain from this reaction is negligible, approxi-
mately two orders of magnitude lower than that for Li7P3S11,
further underscoring the thermodynamic stability of the Li5PS//
Li interface.

Next, we assessed the electrochemical stability of novel
ternary electrolytes in contact with Li metal by computing both
the decomposition electrochemical stability window (DESW)
and the intrinsic electrochemical stability window (IESW),
following the methodology outlined by Wagemaker et al.97 For
DESW calculations, grand potential phase diagrams were
employed to evaluate the thermodynamic stability of the ternary
compounds against Li metal and to determine their decompo-
sition products as a function of applied voltage. The results,
summarized in Table S4,† indicate that the DESW spans from
0 to 0.87 V, suggesting that these ternaries remain thermody-
namically stable against a Li-metal anode only at low voltages.
Although the stability window is relatively narrow and the
decomposition into Li2S and LiP occurs beyond 0.87 V due to
delithiation, these ternaries are still promising candidates for
use as protective coatings to prevent SEI formation in highly
conductive electrolytes that are otherwise unstable in contact
with Li metal.

The IESW, in contrast, considers the indirect decomposition
of the ternaries through delithiation. To compute the IESW, we
fully delithiated the ternary solid electrolytes and applied the
following equation:39,98

V ¼ ET � Edl � nLimLi

nLiF
: (13)

where �V represents the average voltage associated with stepwise
Li removal, ET and Edl are the DFT-calculated total energies of
the pristine and fully delithiated solid electrolytes, respectively,
nLi denotes the number of Li atoms removed, mLi is the chemical
potential of Li, and F is the Faraday constant. The computed
IESWs, as shown in Table S4,† are broader than the decompo-
sition windows for all ternary electrolytes. This result arises
from the assumption that direct decomposition is kinetically
hindered, leading to indirect decomposition via delithiation.
Consequently, kinetic stabilization extends the electrochemical
Fig. 8 Li+-ion trajectory (green) for bulk Li2S, Li7P3S11, and Li5PS systems
and Li5PS//Li). Li7P3S11 and Li5PS systems are presented at 525 K but Li2S s
positions of the phosphorus and sulphur atoms at t = 0 are shown in th
found in ESI, Fig. S9.†

19890 | J. Mater. Chem. A, 2025, 13, 19878–19895
stability window. This assumption is further corroborated by
the stronger agreement between the intrinsic stability window
and experimentally observed electrochemical stability in other
sulphide-based solid electrolytes, such as Li3PS4, LGPS, Li6-
PS5Cl, Li6PS5Br.97

We note that high stability in an AIMD simulation for 100 ps
does not guarantee the interface stability at a much later time or
in real life batteries. However, these ndings indicate that the
newly discovered ternaries present remarkable improvement
over the well-established counterparts. For real life applica-
tions, experimental verication is required.

3.5. Ionic diffusion of Li–P–S ternaries

In the previous section, we demonstrated that novel ternary
compounds exhibit stability against the lithium metal anode,
due to their Li2S-like structural framework. However, Li2S is
known for its notoriously low ionic diffusivity.70,71 In this
section, we investigate the diffusivity of Li–P–S ternary systems,
with a particular emphasis on the impact of the interface on the
diffusion properties.

Fig. 8 compares the AIMD lithium ion diffusion trajectories
for bulk Li2S, Li7P3S11, and Li5PS systems, as well as their
respective interfaces with lithium metal (Li2S//Li, Li7P3S11//Li,
and Li5PS//Li). Li2S systems are depicted at an elevated
temperature of 1075 K, as they exhibit negligible diffusion at
525 K. In bulk Li2S, although very limited, T–O–T type diffusion
pathways are visible at 1075 K. In the Li2S//Li interface system,
on the other hand, there is an increase in diffusion, likely due to
the possibility of Li atom exchange at the interface. However,
the increase in diffusion is predominantly in the direction
parallel to the interface, which limits its contribution to overall
ionic conduction. In bulk Li7P3S11, well-dened (yet somewhat
irregular) conduction pathways are observed in agreement with
previous studies,64–66,74,75 indicating a stable structural frame-
work at 525 K. Conversely, in the interface structure, these
pathways are disrupted due to rapid interface degradation and
SEI layer formation. Notably, the formation of SEI layer impedes
the movement of lithium ions which is visible as a grid-like
pattern on the le side of the image for Li diffusion in
Li7P3S11//Li system. Li5PS exhibits both high structural stability
, and their respective interfaces with lithium metal (Li2S//Li, Li7P3S11//Li,
ystems are depicted at 1075 K, due to negligible diffusion at 525 K. The
e background. Similar Li-ion trajectory plots for other systems can be

This journal is © The Royal Society of Chemistry 2025
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and high ionic conductivity, leading to a well-dened and
similar ionic diffusion network in both bulk Li5PS and Li5PS//Li
interface systems. The diffusion is three-dimensional and
continues seamlessly (percolated) across the interface.

3.5.1. Van Hove correlation of Li+-ions. Van Hove correla-
tion function is an analytical tool for probing the microscopic
dynamics of ion transport in solid and liquid electrolytes. By
decomposing the function into self and distinct components,
ion mobility and interactions over time can be studied to
understand ionic conductivity and diffusion mechanisms.

Consider a system of N particles, specically Li atoms, with
time-dependent position coordinates ri(t), where i = 1, ., N
represents the particle index, and t denotes time. The Van Hove
correlation function is dened as the probability of nding
a particle at position r at time t, given that a particle was located
at the origin at t = 0:

Gðr; tÞ ¼ 1

N

*XN
i¼1

XN
j¼1

d
�
rþ rjð0Þ � riðtÞ

�+
; (14)

where h i denotes an ensemble average and d is the three-
dimensional Dirac delta function. G(r, t) can be decomposed
into two components, conventionally termed the “self” and the
“distinct” part, by distinguishing between the cases i= j and is
j, respectively:

Gðr; tÞ ¼ Gsðr; tÞ þ Gdðr; tÞ

¼ 1

N

*XN
i¼1

dðrþ rið0Þ � riðtÞÞ
+

þ 1

N*XN
isj

d
�
rþ rjð0Þ � riðtÞ

�+
: (15)

For a given distance r and time t, the self-part Gs(r, t) quan-
ties the likelihood that a particle has moved from its initial
position by a distance r aer a time interval t. Conversely, the
Fig. 9 The distinct part of the Van Hove correlation function for Li atoms
(d) Li7P3S11//Li at 525 K, (e) Li5PS at 525 K and, (f) Li5PS//Li at 525 K. Similar
found in ESI, Fig. S10.†

This journal is © The Royal Society of Chemistry 2025
distinct part Gd(r, t) describes the radial distribution of the
remaining N − 1 particles at time t relative to the initial refer-
ence particle. Notably, Gd(r, t) reduces to the static PDF when t=
0.

In this study, we calculated the distinct part of the Van Hove
correlation function for the charge carrier Li+ ions. If the system
possesses well-dened lattice sites for Li atoms and some of
these sites remain occupied throughout the AIMD simulation,
pronounced peaks emerge in the function. However, if the
initial lattice structure is disrupted and the well-dened sites
are lost, the reference positions of Li atoms become less
meaningful, leading to a broadening and eventual disappear-
ance of the peaks.

Fig. 9 presents the distinct part of the Van Hove correlation
function for Li2S, Li7P3S11, and Li5PS systems. For bulk Li2S at
525 K, the lack of lithium diffusion results in a plot that closely
resembles the PDF over time, exhibiting the rst and second
coordination shells at approximately 3 Å and 4 Å, respectively.
However, at the elevated temperature of 1075 K, the lithium
atoms in Li2S acquire sufficient energy to diffuse, leading to
a pronounced peak in Gd(r, t) near r = 0, indicating highly
correlated Li+-ion motions and a high probability that a vacated
Li site is quickly occupied by another Li atom. A similar
behaviour is observed in bulk Li7P3S11, bulk Li5PS, and Li5PS//Li
systems at 525 K. In Li7P3S11//Li system, however, the peak near
r = 0 is weak and diffuse. This can be attributed to degradation
at the interface and the formation of the SEI layer, which
disrupts the well-dened initial Li occupation sites. Addition-
ally, the coordination shells in both bulk Li7P3S11 and Li7P3S11//
Li systems appear less distinct. In contrast, both bulk Li5PS and
Li5PS//Li systems exhibit pronounced peaks near r = 0 and well-
dened coordination shells due to high stability and diffusivity
as discussed in previous sections.

3.5.2. Diffusion at the interface. To investigate the nano-
scale diffusion properties of electrolytes, particularly at their
interfaces with Li metal, we developed a Python code that tracks
in (a) bulk Li2S at 525 K, (b) bulk Li2S at 1075 K, (c) bulk Li7P3S11 at 525 K,
Van Hove correlation plots for other bulk and interface systems can be
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Fig. 10 Local diffusion calculations for Li+-ions. (a) Bulk (black), interface (red) and centre (blue) imaginary zones that are used to calculate the
flux of ions are depicted in bulk Li5PS and Li5PS//Li interface structures. (b) Bidirectional ion flux at 525 K through bulk, interface and centre zones
for bulk Li5PS and Li7P3S11 along with Li5PS//Li and Li7P3S11//Li interface systems. (c) Directional flux at 525 K into and out of the electrolyte in
Li5PS//Li and Li7P3S11//Li interface models.
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the number of Li+-ions crossing an imaginary zone, as illus-
trated in Fig. 10a, in both directions along the c-axis. The c-axis
in the bulk systems are aligned with specic Miller indices to
ensure the same orientation as in the interface structure. The
zone thickness is set to 3 Å to avoid counting oscillatory motions
of Li+-ions at a single site, which do not represent actual site-to-
site jumps. To examine the impact of interfacing the electrolyte
with lithium metal anode, the zone is positioned within the
bulk electrolyte (referred to as “bulk” zone), at the interface
(referred to as “interface” zone), and at the centre (referred to as
“centre” zone) of the electrolyte in the interface system. We note
that although these diffusion events are sampled under xed-
temperature conditions, as some of the interfaces degrade
during the simulations, not all of them necessarily reach ther-
modynamic equilibrium or a steady state. Furthermore, no
external electric eld is applied to the ions in these AIMD
simulations, unlike in real-life charging/discharging processes.

In Fig. 10b, we compare the bidirectional ux of Li+-ions—
the total count of Li atoms passing through the zone in either
direction—for bulk Li5PS and bulk Li7P3S11, as well as their
interfaces with the lithium metal anode at 525 K. For Li5PS, the
ux at both centre and interface zones is very similar to that
observed at bulk zone, with a constant increase over time. This
indicates the absence of signicant internal resistance to Li+-
ion ux at the interface. In contrast, for Li7P3S11, the ux at the
“interface” is lower than that at the “centre”, suggesting the
presence of resistance, likely due to the formation of the SEI
layer that impedes Li+-ion ux. However, the uxes at both
interface and centre zones are signicantly higher than at bulk
zone, indicating the presence of a different diffusion mecha-
nism in the Li7P3S11//Li system than its bulk counterpart.

Fig. 10c presents the directional ux of Li+-ions—the total
count of Li atoms passing through the zone in one direction—
into and out of the electrolytes in Li5PS//Li and Li7P3S11//Li
systems at 525 K. Initially, the slope of the Li+-ion ux into
the electrolyte is much steeper than the ux out, indicating
a rapid inux of Li atoms into the electrolyte in Li7P3S11//Li
system. Aer 40 ps, the slopes of the uxes in each direction
become similar, suggesting a steady state. The initial surge of Li
ions into the electrolyte is attributed to the porous nature of the
material. In our simulations, in bulk Li7P3S11, ionic conduction
19892 | J. Mater. Chem. A, 2025, 13, 19878–19895
occurs via Li ion jumps from one site to another. However, when
Li7P3S11 is interfaced with the Li metal, the excess Li atoms
rapidly inltrate the pores of Li7P3S11, not only leading to the
formation of an SEI layer but also providing an alternative
conduction pathway through vacant interstitial sites, leading to
a change in the principle conduction mechanism. In contrast,
the structural framework of Li5PS is robust and without such
pores, which dictates that the conduction mainly occurs
through stable vacant interstitial sites, as discussed in Section
3.1. Consequently, the ux of Li ions in each direction through
the interface is balanced and the steady-state is observed
throughout the simulation.
4. Conclusions

Our comprehensive DFT simulations have revealed the diffu-
sion mechanisms and the underlying reasons for the high ionic
conductivity in novel Li–P–S ternary electrolytes, Li7PS2, Li5PS,
Li8P2S, and Li11P3S. These materials, exhibiting ionic conduc-
tivities on par with the well-known highly-conductive Li7P3S11,
represent a promising class of electrolytes for solid-state
batteries. Among the newly studied ternaries, Li5PS stands out
with the highest conductivity, a property we attribute to the
homogenous distribution of phosphorus and sulphur atoms
within its structure (due to the 1 : 1 P to S ratio). This balanced
atomic arrangement facilitates more efficient lithium-ion
transport, reducing energy barriers and enabling faster ionic
movement through the lattice.

Our investigation also extended to the thermodynamic
stability of these ternaries in contact with lithiummetal anodes,
a crucial factor for practical Li-metal battery applications.
Compared to Li7P3S11, which rapidly forms an SEI layer due to
the reduction of phosphorus from an oxidation state of 5+ to 3−,
the novel Li–P–S ternaries demonstrate remarkable stability.
The SEI formation rate in Li7P3S11 is a time-dependent process,
where the thickness of the interphase layer grows proportionally
to the square root of time, progressively increasing the internal
resistance and reducing the battery's overall efficiency. The
stability of novel ternaries is rooted in their unique Li2S-like
structural framework, which inherently positions phosphorus
atoms in the 3− oxidation state, thereby eliminating the main
This journal is © The Royal Society of Chemistry 2025
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(chemical) driving force for SEI formation. The absence of SEI
layer is particularly signicant, as it means that no additional
resistance is introduced at the electrolyte–anode interface,
which is a common issue in many solid-state battery systems.
These nding not only highlights the suitability of novel
ternaries as high-performance SEs but also underscore the
importance of structural design in developing next-generation
battery materials. By avoiding the issues associated with SEI
formation, the novel Li–P–S ternaries can maintain high ionic
conductivity and stability over extended periods, making them
ideal candidates as electrolytes and coating materials for use in
solid-state lithium batteries.

In summary, our study provides a detailed understanding of
the physical mechanisms driving the superior performance of
these new Li–P–S ternary electrolytes. The insights gained from
our work pave the way for the development of advanced solid-
state batteries that combine high ionic conductivity with
robust chemical and electrochemical stability. These ndings
suggest that the novel ternaries, particularly Li5PS, could play
a crucial role in the future of energy storage technologies,
offering a pathway to safer, more efficient, and longer-lasting
batteries.
Data availability
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and T. F. Fässler, J. Am. Chem. Soc., 2019, 141, 14200–14209.

28 T. M. F. Restle, C. Sedlmeier, H. Kirchhain, W. Klein,
G. Raudaschl-Sieber, V. L. Deringer, L. van Wüllen,
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Chem. Mater., 2018, 30, 6440–6448.

33 S. Strangmüller, H. Eickhoff, W. Klein, G. Raudaschl-Sieber,
H. Kirchhain, T. Kutsch, V. Baran, A. Senyshyn, L. van
Wüllen, H. A. Gasteiger and T. F. Fässler, J. Mater. Chem.
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