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Lithium phosphides are an emerging class of Li+ ion conductors for solid state battery applications.

Despite potentially favorable characteristics as a solid electrolyte, stoichiometric crystalline Li3AlP2 has

been reported to be an ionic insulator. Using a combined computational and experimental approach,

we investigate the underlying reasons for this and show that ion transport can be induced via defects

and structural disorder in this material. Lithium vacancies are shown to promote diffusion, and a low

barrier to Li+ hopping of 0.2–0.3 eV is revealed by both simulations and experiment. However,

polycrystalline pellets exhibit low ionic conductivity (z10−8 S cm−1) at room temperature, attributed

to crystalline anisotropy and the presence of resistive grain boundaries. These aspects can be

overcome in nanocrystalline Li3AlP2, where ionic conductivity values approaching 10−6 S cm−1 and

low electronic conductivities are achieved. This approach, leveraging both defects and structural

disorder, should have relevance to the discovery of new, or previously overlooked, ion conducting

materials.
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1 Introduction

All solid-state batteries have the potential to offer high energy
density and safety – crucial aspects for next generation energy
storage technologies.1 These devices require solid electrolyte
(SE) materials which must have high ionic and low electronic
conductivities and wide electrochemical stability windows, and
be easily processible.2 Thus, strategies to discover and optimise
SEs that simultaneously meet these stringent criteria are of
great interest.

High ionic conductivity (sion > 1 mS cm−1) and facile
densication at room temperature have been realised in several
Li-ion SE families: suldes,3,4 halides5 and recently, phosphide
Zintl phases.6,7 Named aer Eduard Zintl who rst studied
them,8,9 these are solid-state compounds formed between
metals from groups 1 and 2 and elements from groups 13 and
14. Such materials exhibit characteristics that should produce
good SE candidates, namely: a tendency towards open frame-
work structures (benecial for ion transport), as well as being
poor electronic conductors (semiconducting).10 Additionally,
the phosphide anion is relatively large and polarisable; aspects
thought to be favourable for facile ion migration and room
temperature deformability.11,12

The reported ternary Li–M–P phases (M= Al, Si, Ga, Sn)6,7,13,14

by Fässler and co-workers support this rationale. The most
lithium-rich member in the Li–Al–P phase space, Li9AlP4 ach-
ieved sion z 3 mS cm−1 at room temperature, with a computa-
tional study conrming low barriers to ion migration in Li–M–P
compounds.15 Despite its similarity to Li9AlP4 in AlP4 structural
motifs, 50 at% Li content and 3D ion migration pathways
(Fig. 1), stoichiometric Li3AlP2 was recently reported to be an
ionic insulator by impedance spectroscopy.16

Strategies to introduce vacancies or excess mobile ions are
commonly employed to increase the sion of SE materials.17,18

Additionally, the disordered or nanocrystalline materials
produced via high energy ball milling have recently expanded the
toolbox to realise new SEs. This has been demonstrated in the
ternary lithium halides: mechanosynthesised Li3YCl6 exhibited
diffraction patterns with broad peaks – consistent with nano-
crystallinity – and high sion values,5 and in the case of Li3ErI6,
Fig. 1 Crystal structure of orthorhombic Li3AlP2,16 the unit cell is shown
green. Li+ layers in the a and c axes are notable in (a) and (c). Intralayer

6428 | J. Mater. Chem. A, 2025, 13, 6427–6439
where the as-milled phase had a higher sion compared to the
material aer thermal annealing.19 Similar phenomena has been
reported for some sulde electrolytes, namely Li6PS5I and Li4PS4I,
where nanocrystalline materials outperformed their microcrys-
talline counterparts.20,21 Although whether this kind of disorder is
positively or negatively correlated with sion is highly material-
specic,22 the utility of ball milling to access non-equilibrium ion
conducting phases is clear. To the best of our knowledge, the
effects of non-stoichiometry or structural disorder on ionic
conduction in ternary phosphides have not been reported so far.

Here, we investigate defect engineering approaches as
a means of improving the solid electrolyte properties of Li3AlP2.
First, calculations are performed to evaluate the defect chemistry
and Li ion transport in this material. Vacancy assisted Li-ion
hopping is shown to be the most favourable mechanism with
a low activation energy, but a low native defect concentration and
anisotropy appear to limit ionic transport. We then synthesise
non-stoichiometric nanocrystalline and crystalline powders via
mechanical ball milling and thermal treatments. Although a low
microscopic hopping barrier is conrmed experimentally in
crystalline Li3AlP2, a poor macroscopic conductivity is measured
on pellets by impedance spectroscopy. Nanocrystalline Li3AlP2
materials are shown to exhibit at least one order of magnitude
higher ionic conductivity than their crystalline counterparts
while maintaining low electronic conductivity. This result is
attributed to both a disruption of slow inter-layer ion transport
and reduced grain boundary resistance. These results further our
understanding of materials design strategies for SEs and suggest
structurally disordered analogues of crystalline materials are
worthy of (re-)investigation via combined theoretical and exper-
imental approaches. Although our focus here is SEs, ternary,23

and higher,24 metal phosphides have also shown promise as
high-capacity electrode materials that could benet from such
strategies to improve ion transport.
2 Methodology
2.1 Computational methods

DFT calculations were carried out using the Vienna Ab initio
Simulation Package (VASP) with Projector Augmented Wave
in solid black lines. AlP4 tetrahedra are shown in blue and Li atoms in
Li+ channels are highlighted in (b).

This journal is © The Royal Society of Chemistry 2025
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(PAW) pseudopotentials.25–28 Nudged elastic band (NEB) and ab
initio molecular dynamics (AIMD) simulations were performed
using the GGA functional PBEsol.29 Band structures, density of
states, and defect formation energies were calculated using the
hybrid functional HSE06.30,31 A 450 eV energy cutoff for the
plane wave basis set was used, and was increased by 30% for
calculations which allowed for the cell volume to change. A G-
centeredMonkhorst–Pack k-point grid with a density of 0.27 Å−1

was used to sample reciprocal space. Defect, AIMD and NEB
calculations were all carried out in supercells with cell lengths
greater than 10 Å to minimise interactions between periodic-
images (full methodological details for the defect calculations
can be found in the ESI†). Self-consistent eld cycles were
deemed converged when energy differences between successive
cycles fell within 1 × 10−6 eV and structural relaxations were
deemed converged when forces on all atoms fell below 0.005 eV
per atom (this tolerance was increased to 0.01 eV per atom for
the NEB calculations). For each AIMD simulation, two equili-
bration stages were performed, rst using a 2 ps NVE run with
temperature rescaling every 50 steps, followed by a 2 ps NVT
run. The production NVT simulations were run for 95 ps.

Mean squared displacements from the AIMD trajectories
were calculated using the KINISI soware package.32,33 CPLAP
was used for calculating chemical potential limits.34 Self-
consistent Fermi energies, transition level diagrams and
defect concentrations were calculated using the py-sc-fermi
soware package.35 Ancillary analysis used the doped,36,37

scipy,38 numpy,39 pandas,40 ASE,41 pymatgen,42 sumo43 and
phonopy44,45 python libraries.

2.2 Synthesis

All chemical handling was performed in an Ar-lled glovebox
(MBraun, <1 ppm H2O and O2), because of ammable/air-
sensitive precursors, intermediate and nal products. To
produce Li3AlP2 powders, stoichiometric amounts of lithium
metal wire (3.2 mm dia., Alfa Aesar, 99.8%), aluminium powder
(Alfa Aesar, 325 mesh, 99.5%) and red phosphorous powder
(Sigma-Aldrich, $97.0) were mixed in a mortar and pestle
before ball milling in a tungsten carbide (WC) milling jar con-
taining three WC balls, dia. 15 mm each. A planetary ball mill
(Retsch PM 100) was used to mill the materials at 350 rpm
(10 min on and 3 min off) for 36 hours total. Before annealing,
crucibles and ampules were dried in a drying oven overnight
and transferred to a glovebox for assembly. The milled powders
were loaded into an alumina crucible (Almath) and carefully
placed in fused silica (Multi-lab) ampule followed by an
alumina cap. The fused silica ampule was then evacuated and
ame-sealed under 3–6 mTorr. These assemblies were annealed
upright at three different temperatures: 300, 500, and 700 °C for
12 h in a box furnace (Carbolite-Gero CWF 1200).

2.3 X-ray diffraction

Lab-based X-ray diffraction (LXRD) and synchrotron X-ray
diffraction (SXRD) were carried out to check the phase purity
and obtain crystallographic information. LXRD was conducted
using a Rigaku Smartlab SE diffractometer with a Mo X-ray
This journal is © The Royal Society of Chemistry 2025
source (wavelength = 0.71 Å). The 2q angle scanning range
was from 5° to 40° with a scan speed of 0.8° min−1. Air-sensitive
Li3AlP2 powder was protected from air and moisture by sealing
Kapton tape against the top of the sample holder in an Ar-lled
glovebox. SXRD experiments were performed at the European
Synchrotron Radiation Facility (ESRF; ID15A,46 wavelength =

0.2479 Å) for as-milled and 300 °C annealed samples, and at
Diamond Light Source (I15, wavelength = 0.1722 Å) for 500 °C
annealed samples. All powder samples were ame-sealed under
3–6 mTorr in borosilicate glass capillary tubes (Capillary Tube
Supplies Ltd., outer dia. 1.5 mm). The crystal structure and
simulated diffraction patterns were analysed using VESTA
soware.47 Rietveld renement was conducted using TOPAS
soware (version 7.21).

2.4 Pair distribution function (PDF) analysis

X-ray scattering measurements were performed at the ESRF
(beamline ID15A) using powder samples ame-sealed in fused
silica capillaries (identical sample preparation to the SXRD
experiments detailed in Section 2.3). The wavelength of X-rays
were 0.2479 Å and 0.1239 Å for the 300 °C and 500 °C
annealed samples respectively. pyFAI48 soware was used for
integration and background subtraction. The transformation
from S(Q) to G(r) was done using PDFgetX3 (ref. 49) soware,
with maximum momentum transfer vector Qmax = 15 Å−1 and
small box modelling of the local structure performed with
PDFgui soware.50

2.5 Nuclear magnetic resonance spectroscopy

Single-pulse 6Li, 27Al and 31P magic-angle spinning (MAS) NMR
experiments to investigate the local structure were performed
on a Bruker DSX 500 spectrometer equipped with a wide-bore
superconducting magnet operating at 500.39 MHz (11.75 T)
using a VTN broadband probe and zirconia rotors with outer
dia. 4 mm packed under Ar atmosphere. Larmor frequencies of
the studied nuclei were 73.6 MHz (6Li), 130.3 MHz (27Al), 202.5
MHz (31P). A MAS frequency of 10.00 kHz were used for all
nuclei. MAS NMR experiments for all samples were performed
using the following pulse lengths, ip angles: 5.50 ms, 90° (6Li),
2.00 ms, 90° (27Al), 4.00 ms, 45° (31P). To ensure quantitative
spectra the following relaxation delays were used: 180 s (6Li), 2 s
(27Al), 30 s (31P). The obtained MAS NMR spectra were refer-
enced to 6Li-enriched Li2CO3 (0.1 ppm), 1 M Al(NO3)3 (0 ppm)
and 1 M H3PO4 (0 ppm) for 6Li, 27Al, and 31P respectively.

Single-pulse static 7Li NMR experiments with varying
temperature were performed on a Bruker Advance III 300
spectrometer equipped with a wide-bore magnet which operates
at 300.15 MHz (7.05 T) using a VTN broadband probe and
zirconia rotors with outer dia. 4 mm packed under Ar atmo-
sphere. All experiments were conducted at a resonance
frequency of 116.6 MHz (7Li) with a pulse length of 2.50 ms for
a 90° pulse, corresponding to a nutation frequency of 100 kHz.
The temperature of the sample was regulated by using
a nitrogen gas ow and electrical heating. In the temperature
range between 165–210 K, a heated nitrogen dewar tank was
used; between 200–300 K, an Air Jet XR compressor-based
J. Mater. Chem. A, 2025, 13, 6427–6439 | 6429
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cooling system from SP Scientic (FTS Systems); between 300–
420 K, an uncooled nitrogen gas ow was used. 1H NMR spectra
of methanol (176–290 K) and ethylene glycol (320–440 K) were
recorded to calibrate the temperature with the occurring shis
in signal frequency. Extrapolation of the indicated temperature
versus recorded chemical shi function was used to calibrate
temperature points below the freezing point of methanol.

The full width at half maximum (FWHM) were extracted
from the varying temperature static 7Li NMR spectra in order to
obtain activation energies (Ea) for Li

+ ion transport, using the
Hendrickson–Bray equation given by:

DnðTÞ ¼ DnR

1þ
�
DnR
DnE

� 1

�
exp

�
� Ea

kBT

�þ DnC (1)

where, kB is the Boltzmann constant, T is the temperature, DnC
is the temperature independent line broadening. The low
temperature plateau can be described byDn(T/ 0=DnR +DnC),
a high temperature plateau can be described by Dn(T / N =

DnE + DnC) and Ea is the activation energy.
2.6 Cell fabrication

Solid-state electrochemical characterisation was performed
using a cylindrical cell where pressure could be applied, based
on the design reported by Randau et al.51 In a typical experi-
ment, 0.15 g of powder was added to the PEEK cell chamber
(8 mm dia.) and uniaxially pressed (pressure = 130 MPa,
measured using a load cell) to form a pellet between two
stainless steel plungers that functioned as ion-blocking elec-
trodes. This process resulted in an approximate pellet density of
1.5 g cm−3 (>80% of theoretical). To assemble the LijSEjLi cell
conguration, lithium metal discs (Goodfellow, 0.1 mm thick-
ness) were punched to 7 mm in diameter and placed either side
of the pellet.
Table 1 Comparison between Li3AlP2 lattice parameters predicted by
the two functionals as compared to experiment

PBEsol (Å) HSE06 (Å) Experiment (Å)

a 11.56 11.44 11.51
b 11.80 11.66 11.76
c 5.84 5.77 5.82
2.7 Electrochemical and electronic characterisation

A potentiostat (ref. 600+, Gamry) was used for electrochemical
and electronic measurements in the cells described previously
at room temperature in an Ar-lled glovebox. Electrochemical
impedance spectroscopy (EIS) was conducted using a 10–50 mV
perturbation voltage range over a frequency range of 0.1–1 MHz.
The EIS data were t using an equivalent circuit model (ECM)
assisted by Kramers–Kroenig analysis as well as the distribution
of relaxation times (DRT) method52 using DRTtools soware.53

Based on the bulk resistance (R) obtained through EIS
measurements, the stot was calculated through eqn (2),

stot ¼ l

RA
(2)

where, l is the thickness and A is cross-section area of the pellet.
DC polarisation experiments were used to estimate the elec-
tronic conductivity (se) of cold-pressed pellets. A constant
voltage of 0.5 V was applied for 2 to 5 h and the resulting
current–voltage curve t to an exponential decay function to
extract the electronic leakage current. The electronic resistance
was calculated from the voltage (0.5 V) and nal electronic
6430 | J. Mater. Chem. A, 2025, 13, 6427–6439
leakage current. The ionic conductivity (sion) was then deter-
mined using eqn (3):

stot = sion + se (3)

where, sion contains impedances due to the bulk and grain
boundaries if present.
3 Results and discussion
3.1 Computational investigation of crystalline Li3AlP2

First reported by Juza and Schulz in 1952,54 Li3AlP2 consists of
alternating corner and edge-sharing AlP4 tetrahedra that form
a layered structure perpendicular to the b axis with pure Li
layers separated by mixed Li/Al slabs (Fig. 1). The 3D connec-
tivity of the Li+-containing channels and layers suggest facile
ion diffusion may be possible in this structure. The crystal
structure has been indexed as orthorhombic, both as Ibca (no.
73)54 and Cmce (no. 64),16 – this study assumes the symmetry of
Cmce (no. 64) to be consistent with the latest literature. Table 1
shows a comparison between the lattice parameters predicted
by the two functionals as compared to experiment. Generally,
PBEsol slightly overestimated the lattice parameters while
HSE06 underestimated them, but all values are within 1% of the
experimental lattice parameters.

Our electronic structure calculations (Section S1 in the ESI†)
conrmed previous results for this compound,16,55 i.e., a direct
band gap with magnitude in agreement with the experimentally
measured absorption onset of z2.4 eV.56 However, phonon,
defect and molecular dynamics calculations had not been per-
formed for Li3AlP2. Phonon calculations indicated a stable
phase with the phonon band structure shown in Fig. S1.2 in the
ESI.†

To understand potential diffusion mechanisms in ortho-
rhombic Li3AlP2, we performed two AIMD simulations, a system
containing a lithium vacancy and a system containing a lithium
interstitial. The lithiummean squared displacements (MSD) for
the two systems simulated for 95 ps at 900 K are shown in Fig. 2.
The MSD for the vacancy system rises more quickly with time,
suggesting faster diffusion in the lithium decient system than
the lithium-rich system and vacancy diffusion as the dominant
transport mechanism in Li3AlP2. To obtain more insight into
the diffusion processes in the vacancy containing cell, we
assigned lithium site occupancies over the simulation timescale
and tracked which sites the hops occur between. We can assign
these hops as either intra- or inter-layer, and more specically
as between the Li-layer and the mixed Li/Al layer, or within
This journal is © The Royal Society of Chemistry 2025
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Fig. 2 Mean squared displacement plots for two 95 ps simulations of
Li3AlP2 simulated at 900 K. One simulation cell contains a vacancy and
the other, an interstitial. The shaded areas show a 95% confidence
interval in the mean-squared displacement.

Fig. 3 Transition frequencies between the different lithium sites in
a Li3AlP2 supercell containing a single vacancy taken from a 95 ps
AIMD simulation at 900 K.
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them. This yields three types of hop: between the sites in the
mixed layer, between the sites in the lithium layer, or hopping
from one layer to the other. The frequency of each of these hops
over the simulation timescale is plotted in Fig. 3. It is imme-
diately clear from these simulations that the transport in
Li3AlP2 is anisotropic, with the vast majority of hops occurring
Fig. 4 Climbing-image NEB barriers calculated for each symmetricall
Li3AlP2 categorised by the identity of the end-member lithium sites. The

This journal is © The Royal Society of Chemistry 2025
within the Li-layer, only relatively rarely did lithium hop
between layers.

To further conrm and characterise the anisotropic lithium
transport in Li3AlP2, we calculated climbing-image nudged
elastic band (NEB) simulations on each symmetry-independent
vacancy hop in crystalline Li3AlP2. The calculated energy prole
for these hops are shown in Fig. 4. In general, the barriers were
highest for the hops between layers and lower for hops within
them, in line with the observed anisotropy in the AIMD simu-
lations. The intralayer hopping within the mixed Li/Al layer had
the lowest barrier, however, the higher energy of the end points
relative to those within the lithium layer explained why this hop
is less frequent in the AIMD simulation: even though the barrier
was lower for hopping in the Li/Al layer, lithium vacancy
formation in the mixed layer was less energetically favourable,
and so these sites were less likely to be depopulated, reducing
the occurrence of this hopping process. For comparison, the
direct interstitial hopping barrier was greater that 1 eV, and an
interstitialcy mechanism returned a barrier of 0.58 eV (Fig. S1.3
in the ESI†).

The assumption of vacancy-mediated transport in Li3AlP2 is
predicated on lithium vacancies being a major defect species in
Li3AlP2. To conrm this, we characterised the defect chemistry
in Li3AlP2 as a function of elemental chemical potentials.57

Under all conditions, the highest concentration point-defects
were lithium interstitials and vacancies approximately corre-
sponding to Frenkel-defect dominated defect chemistry. All
defects with concentrations above 1 × 108 cm−3 under lithium-
poor conditions are shown in Fig. 5. This result again supports
the possibility of vacancy dominated transport. However, it is
worth noting that these defect concentrations correspond to
less than 0.01% of lithium sites being vacant and of the inter-
stitial sites being occupied, i.e., despite the reasonably low
barriers for vacancy hopping, Li3AlP2 is fully ordered and, under
a thermodynamic regime, has low defect concentrations.

Taken together, this computational analysis pointed to two
potential limiting factors for facile long-range conductivity in
Li3AlP2: diffusion and defect formation anisotropy results in
effective 2D transport in a system which on visual inspection
may be assumed to have 3D transport. This may increase grain
y distinct near-neighbour vacancy-mediated Li-diffusion pathway in
se pathways are shown schematically in the ESI, Fig. S1.3.†
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Fig. 5 Defect concentrations in orthorhombic Li3AlP2 calculated
under thermodynamic equilibrium. The two unique Li sites are dis-
cretised with the notation site Li1 and site Li2. Site Li1 refers to the
lithium site in the Li layer. Site Li2 refers to the lithium site in the mixed
Li/Al layer. The positions of the two interstitial sites are shown in the
ESI, Fig. S1.†
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boundary resistance by introducing strong grain-orientation
dependence on transport and in addition, low defect concen-
trations in an ordered system results in an effective low carrier
concentration, further limiting conductivity. Therefore, strate-
gies to improve ionic conductivity in Li3AlP2 should aim to
overcome these limitations, disrupting the anisotropic diffu-
sion pathways and increasing the charge carrier concentrations.

3.2 Experimental investigation of Li3AlP2

3.2.1 Synthesis and structural characterisation. First,
LXRD was used to investigate the inuence of annealing
temperature on nominally stoichiometric Li3AlP2 powders
(Fig. 6a). Interestingly, the powder products aer milling
without heat treatment showed broad peaks consistent with
Li3AlP2, indicating some degree of reaction by mechanochem-
ical synthesis alone. These features increased in intensity and
narrowed aer annealing at 300 °C and 500 °C, before impurity
peaks for LiP and Li3P emerged aer 700 °C treatment. To target
defective materials with lithium vacancies and/or interstitials,
samples with various Li contents (x = −2.5, 0 and 2.5% in
Li3(1+x)AlP2) were prepared. However, due to the limited reso-
lution of LXRD, as well as large background signal from the
Kapton tape used to protect the air sensitive samples,
synchrotron XRD was conducted to better analyse sample purity
and crystal structure.

Using SXRD, the as-milled material was shown to exhibit
multiple secondary phases and a broad background that were
not observable by LXRD (Fig. S2.1 in the ESI†). Due to the phase
inhomogeneity of this sample, it was not analysed further. In
contrast, Li3AlP2 was obtained as the majority phase in both
300 °C and 500 °C treated samples (Fig. 6b and c).

No crystalline secondary phase was observed for 300 °C-
treated Li3(1+x)AlP2 powders (Fig. 6c), but the peaks were
noticeably broad, suggesting nanocrystallinity, i.e., nano-
crystalline domains in an amorphous matrix. Rietveld rene-
ment using the Scherrer equation58 was performed, resulting in
an estimated crystallite size of z23 nm. In addition to the
orthorhombic Li3AlP2 phase, a Li9AlP4 minor phase was
6432 | J. Mater. Chem. A, 2025, 13, 6427–6439
detected for samples annealed at 500 °C, whose intensity
decreased with decreasing x (Fig. 6b). Rietveld renement
(Fig. 6d) was carried out for the most phase-pure sample:
Li2.925AlP2, resulting in a Li9AlP4 phase fraction of z3.5 wt%.
Application of the Scherrer equation in this case resulted in
a domain size > 170 nm, indicating micron-scale crystallites as
expected59 (all crystallographic and renement parameters can
be found in Section S2 in the ESI†).

Based on the above analyses, the samples annealed at 500 °C
and 300 °C will be identied as microcrystalline (mc-Li3(1+x)AlP2)
and nanocrystalline (nc-Li3(1+x)AlP2) respectively for the
remainder of the manuscript. The disordered nature of nc-
Li3(1+x)AlP2 motivated us to probe the local structure and the
presence of any non-crystalline phases in these samples by pair-
distribution-function (PDF) analysis and solid state NMR
spectroscopy.

PDF analyses (Fig. 6e and f) revealed similar local structures
for nc- and mc-Li3(1+x)AlP2 that could both be well-represented by
the long range orthorhombic crystal structure. Full renement
details can be located in Section S7 in the ESI.† In nanocrystals
and nanocrystalline materials, the coherence length can be
estimated by modelling the PDF intensity with increasing r, as
atomic correlations dissipate beyond the spatial extent of the
crystalline nanodomains.60,61 Attempts to extract this quantity
resulted in a lower limit of z20 nm for domains in nc-Li3(1+x)-
AlP2, consistent with the results of Rietveld renement.

The obtained MAS NMR spectra are presented in Fig. 7 for
6Li, 27Al and 31P. Orange vertical lines at marked chemical shis
were added to the 6Li, 27Al and 31P spectra to indicate the
resonances corresponding to the crystalline Li3AlP2 phase,16 as
well as green vertical lines to mark sample impurities and their
relative shi. Spinning sidebands are marked with asterisks in
all spectra. For clarity, the most phase-pure Li3(1+x)AlP2 samples
(x = −2.5%) are presented in the main text, with data for all
samples contained in the ESI (Fig. S3.1†).

As can be seen in Fig. 7, three distinct Li signals are present
in all 6Li MAS NMR spectra. Two of these, with 6Li chemical
shis of 4.0 and 3.0 ppm, are attributed to the two nonequiva-
lent crystallographic positions for Li in the Li3AlP2 crystal
structure. However, depending on the annealing temperature
and as a result thereof the level of crystallinity, the two Li signals
become better resolved in the micro-crystalline compared to the
nanocrystalline sample (Fig. 7a). A third 6Li signal at 0.7 ppm is
also present, resulting from an unknown impurity. The inten-
sity of this peak is much higher for the nc-Li2.925AlP2 sample
(Fig. 7b). It can be also noted that the 6Li signal at 0.7 ppm is
much less intense in the mc-Li2.925AlP2 compared to other
microcrystalline compositions (Fig. S3 in ESI†). This is in
agreement with SXRD renement results (Fig. 6d) and suggests
the lithium decient sample has the least amount of impurities
among all mc-Li3(1+x)AlP2 powders.

In the 27Al MAS NMR spectra presented in Fig. 7, the 27Al
signal at 137 ppm may be assigned to the single nonequivalent
Al position of the crystal structure for Li3AlP2.16 The 27Al
chemical shi is in agreement with aluminum in a tetrahedrally
coordinated position as previously reported,62 whereas the 27Al
signal linewidths reect the sample crystallinity, i.e., the
This journal is © The Royal Society of Chemistry 2025
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Fig. 6 Structural characterisation of Li3(1+x)AlP2 (a) Lab XRD of Li3AlP2 products after different annealing temperatures. (b) Synchrotron XRD of
500 °C annealed, micro-crystalline mc-Li3(1+x)AlP2, and (c) 300 °C annealed, nano-crystalline nc-Li3(1+x)AlP2. (d) Rietveld refinement for mc-
Li2.925AlP2. Pair distribution function analyses of (e) nc-Li2.925AlP and (f) mc-Li2.925AlP2.
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linewidth decreases with annealing temperature. In addition,
27Al signals at 80 ppm for the samples in Fig. 7 can be observed.
These signals can be attributed to sample impurities and were
observed in all samples at similar chemical shis (Fig. S3 in
ESI†). Similar to the 6Li data, mc-Li2.925AlP2 has the weakest
impurity peaks compared to all other samples.
This journal is © The Royal Society of Chemistry 2025
In the 31P MAS NMR spectra presented in Fig. 7, two 31P
resonances at −300 and −310 ppm can directly be assigned to
the two crystallographic nonequivalent phosphorous positions
in the Li3AlP2 crystal lattice. Once again a clear narrowing and
splitting of signals can be observed due to increased crystal-
linity. This can be even better seen in the 31P MAS NMR spectra
J. Mater. Chem. A, 2025, 13, 6427–6439 | 6433
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Fig. 7 6Li, 27Al and 31P MAS NMR spectra of Li3(1+x)AlP2. (a) mc-Li2.925AlP2 and (b) nc-Li2.925AlP2 recorded with a MAS frequency of 10.0 kHz
(11.75 T).
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presented in (Section S3 in ESI†) for stoichiometric samples.
Different impurity peaks can be identied for both the samples
presented in Fig. 7, as well as those in (Fig S3.1 in ESI†). Once
again it can be noted that the mc-Li2.925AlP2 sample shows only
one impurity peak at −230 ppm with very low intensity.

From the fact that all probed nuclei show impurities it can be
speculated that there is a secondary Li–Al–P phase with
a different stoichiometry compared to Li3AlP2. This is in
agreement with SXRD detecting Li9AlP4 minor phase, although
assignment of the impurity peaks to a specic phase was not
possible from the MAS NMR spectra. It is likely these are minor
amorphous Li–Al–P phases and could describe the amorphous
matrix expected in the case of nanocrystalline materials.

3.2.2 NMR ion dynamics. Li+ ion dynamics in the studied
samples were followed via static 7Li lineshape analysis in the
temperature range from 167 K to 415 K. Normalised spectra
centered at 0 Hz are presented for both mc-Li2.925AlP2 (Fig. 8a)
and nc-Li2.925AlP2 (Fig. 8c). Similar spectra for the other samples
are presented in (Fig. S4.1 in ESI†). From the 7Li NMR spectra
two components to the total signal were identied (one broad
and one narrow). Previous literature reported for the lithium
aluminum suldes, Li3AlS3 and Li4.3AlS3.3Cl0.7 suggest that
these two components might be attributed to slow Li+ migration
6434 | J. Mater. Chem. A, 2025, 13, 6427–6439
for the broad signal and fast Li+ migration for the narrow
signal.63 Based on our simulations, it might be assumed that in
case of Li3AlP2, the fast transport would correspond to the
intralayer migration of Li+ ions, while the slow component
corresponds to the interlayer migration of Li+ ions. Spectral
deconvolution of the two 7Li signal was challenging, as signals
are centered in the same position. Because of this, tting
became unreliable at lower temperatures, where two partial 7Li
signals coalesced. For this reason, the data are regarded as
a global movement of Li+ ions within the sample instead of two
distinct migration pathways for further analysis.

The FWHM are plotted against temperature in Fig. 8 for all
microcrystalline (b) and nanocrystalline (d) samples. Data were
t using eqn (1) (marked with dashed lines in plots) in order to
calculate activation energies (Ea) for Li

+ ion transport. Obtained
activation energies for microcrystalline, nanocrystalline and the
as-milled samples can be located in Table S4.1 in the ESI.† Ea
values for all samples are within their margin of error (0.2–0.3
eV), regardless of composition and annealing treatment. These
NMR data are in strong agreement with the calculated NEB
barriers. This indicates that the dominant microscopic Li+ ionic
transport mechanism is the same in all samples and pertains to
the majority phase: Li3AlP2.
This journal is © The Royal Society of Chemistry 2025
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Fig. 8 Normalized static 7Li NMR spectra and FWHM of Li3(1+x)AlP2 for (a) mc-Li2.925AlP2
7Li NMR spectra (b) mc-Li3(1+x)AlP2 FWHM fit with eqn (1)

and (c) nc-Li2.925AlP2 (d) nc-Li3(1+x)AlP2 FWHM fit with eqn (1). The used color gradient ranges from blue (low temperatures) to red (high
temperatures) to indicate the change of lineshapes with temperature.
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3.2.3 Electrochemical and electronic measurements. To
probe the bulk electrochemical response of Li3AlP2, EIS was
performed on cold-pressed pellets contacted using stainless
steel blocking electrodes. EIS in a symmetrical LijSEjLi cong-
uration yielded equivalent results (Fig. S5.1 in the ESI†). mc-
Li3AlP2 samples showed large impedance values for all
compositions – these data were t using an equivalent circuit
model (ECM) with three R-CPE units in series (Fig. 9a), consis-
tent with polarisation features observed in the ranges 10−5 to
10−4, 10−4 to 10−3 andz10−2 s by DRT analysis (Fig. S5.2 in the
ESI†). Although a case could made to add a fourth polarisation
feature from the DRT, we chose to use the minimum number of
elements needed to represent the data and preserve physical
meaning. Extracted capacitance values for the two faster
processes were in the low 10−11 F range (Table S5.1 in the ESI†),
suggestive of bulk and grain boundary conduction.64 Therefore,
the fastest processes are assigned to bulk conduction, the
moderate timescale features to grain boundaries, with the nal,
slowest process being an interfacial charge transfer impedance.
In all cases, the grain boundary feature was the largest
contributor to the total impedance. Thus, extrinsic effects
This journal is © The Royal Society of Chemistry 2025
dominated the EIS response of mc-Li3AlP2 pellets. In Li-ion SEs,
it is common that grain boundaries limit ion transport,
although the underlying reason is unclear. Resistive Li-decient
secondary phases,65 the creation of space charge layers in
addition to the simple loss of the fast-ion transporting bulk
crystal structure at the grain boundary66 have all been postu-
lated. Additionally, Symington et al.,67 suggested that crystallo-
graphic mismatch between differently-oriented grains can
signicantly impede ion transport between grains – this would
be expected to be especially problematic when ion transport is
strongly anisotropic as our simulations predict in Li3AlP2.

In contrast, nc-Li3AlP2 materials exhibited single semi-
circles in the Nyquist plots with smaller impedances, which
decreased with increasing x value and could be t with one R-
CPE unit (Fig. 9b). These results suggest a simplied and
faster ionic conduction pathway compared to the microcrys-
talline counterparts. These samples' se values were low
(z10−8 S cm−1), with corresponding transference numbers
>0.90 assuming all ion conduction was due to Li.

Time-dependent current decay experiments gave low values
of se (Fig. S6.1 in the ESI†). These measurements were used to
J. Mater. Chem. A, 2025, 13, 6427–6439 | 6435
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Fig. 9 Electrochemical impedance spectra for (a) mc-Li3(1+x)AlP2 and (b) nc-Li3(1+x)AlP2 with equivalent circuit models inset.
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determine samples' ionic conductivity using eqn (3) (Fig. 10a).
We rst consider mc-Li3(1+x)AlP2, which had sion values of
z10−8 S cm−1 at room temperature. The comparable orders of
magnitudes for sion and se resulted in low transference
numbers (=sion/stot) assuming all ion conduction was due to Li.

These values of sion (although too low for solid electrolyte
applications) are appreciable, in contrast to the study of Restle
et al., who found stoichiometric mc-Li3AlP2 to be an ionic
insulator with capacitor-like behaviour observed using EIS.16

This difference may be due to different annealing procedures:
while we used evacuated fused silica ampules, Restle et al., used
welded metal cans under an Ar atmosphere. Indeed, different
synthetic results were obtained: those authors observed phase-
Fig. 10 (a) Ionic conductivities and (b) cartoon schematics for ion trans

6436 | J. Mater. Chem. A, 2025, 13, 6427–6439
pure material aer annealing at 700 °C, while at this tempera-
ture we observed impurity phases (Fig. 6a). We speculate that
our annealing step under static vacuum facilitated greater loss
of volatile elements during annealing, producing Li3AlP2
materials with higher concentrations of Li vacancies based on
our computational analyses and thus, appreciable sion.
However, targeting samples with greater Li deciency
(Li2.925AlP2) or surplus (Li3.025AlP2) both resulted in a reduction
in sion by a factor of 2 (Fig. 10a), principally due to detrimental
effects on grain boundary transport (Section S5 in the ESI†). We
also note that sion had no relationship to the Li9AlP4 impurity
content from SXRD (Fig. 6b).
port processes in nc-Li3AlP2 and mc-Li3AlP2 materials.

This journal is © The Royal Society of Chemistry 2025
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Approximately 10× greater sion values were observed for nc-
Li3AlP2 materials, approaching 10−6 S cm−1 (Fig. 10a). Thus,
both bulk and grain boundary resistances were greatly
decreased in nanocrystalline form, where the long-range crystal
structure is disrupted and grain boundaries removed (Fig. 10b).
We note that the ionic conductivities for nc-Li3AlP2 are
comparable to initial reports for Li agyrodites,68 which, using
site disorder strategies among others,69 have since achieved sion

z 10−2 S cm−1 at room temperature. The reason for the positive
trend of sion with nominal Li content, x in Fig. 10a is not entirely
clear. It is uncorrelated with the amount of amorphous minor
component present in the MAS NMR spectra (Section S3 in the
ESI†), but is positively correlated with the intensities of low
angle diffraction peaks (Fig. 6b): (020) and (200), corresponding
to spacings between layers (Fig. 1c). This observation hints that
some degree of layer integrity is benecial to overall sion and
a complex relationship between intermediate-range order and
ion transport in Li3AlP2.

4 Conclusions

In summary, we performed a computational and experimental
investigation of ion transport in Li3AlP2. Defect calculations
indicated that lithium ion transport via vacancies was more
favorable than an interstitialcy mechanism. Hopping between
Li sites was shown to have a relatively low energy barrier
however, low native defect concentrations and anisotropy were
also observed in simulations.

Li3(1+x)AlP2 (x = −2.5, 0, 2.5%) powders were produced via
ball milling of the elements followed by thermal annealing
treatments. In several cases, minor impurity phases could only
be detected using SXRD and solid-state NMR spectroscopy,
highlighting the need for detailed characterisation of these
materials. Microcrystalline, orthorhombic Li3AlP2 was achieved
aer heat treatment at 500 °C and facile Li+ hopping was
conrmed by dynamic NMR experiments (Ea z 0.25 eV).
However, cold-pressed pellets exhibited low sion values
(z10−8 S cm−1), and EIS analyses were consistent with slow
transport in the bulk and at grain boundaries. Both may be
a result of the strongly anisotropic ion migration pathways in
the crystal structure.

Improved ionic conductivities were realised for
nanocrystalline Li3(1+x)AlP2 samples produced by annealing at
only 300 °C. Broader features in NMR spectroscopy and X-ray
diffraction were seen, suggesting a disordered, nanocrystalline
Li3AlP2 phase. PDF analysis revealed similar local motifs
between the microcrystalline and nanocrystalline materials,
with a domain size of z20 nm estimated in the latter. sion
values in the range 10−7 to 10−6 S cm−1 were determined on
pellets by EIS that increased with x, while se remained low. EIS
spectra could be t with a single relaxation feature, suggesting
weaker bulk anisotropy and grain boundary effects as a result of
structural disorder.

To conclude, both defect and disorder engineering was
shown to positively affect ion transport in the Li3AlP2 system.
Aliovalent doping to produce a greater number of vacancies
(e.g., substitution of M4+ ions on the Al3+ site) and tuning of
This journal is © The Royal Society of Chemistry 2025
structural disorder via optimisation of synthetic conditions
would be interesting avenues for future study. Additionally,
there are limited studies on the electrochemical stability
windows of phosphide-based solid electrolytes,70 and further
work in this area would be of great value. Our work should
motivate the study of other compounds with anisotropic crystal
structures, even those whose stoichiometric crystalline phases
that do not exhibit desirable electrochemical properties in the
solid-state.
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