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ssion asymmetry of gradient
nanograined high-entropy alloys

Xingguo Yang abcd and Fei Yin*acd

This study investigates the mechanical responses and deformation mechanisms of CoCrFeMnNi high-

entropy alloy (HEA) with varying grain size gradients through molecular dynamics simulations, and

explores the tension-compression asymmetry of gradient nanograined high-entropy alloy (G-HEA) under

different loading conditions. In the early stage of plastic deformation, the normal stress and shear strain

of G-HEA both exhibit gradient distribution characteristics under compression and tension. However, as

the engineering strain increased, these gradient distribution characteristics gradually diminished and

ultimately disappeared. Grain boundary (GB) migration and grain merging are the main GB activities of

G-HEA, and fine grains in the soft zone have stronger grain boundary vitality compared to coarse grains

in the hard zone. G-HEA exhibits multiple plastic deformation mechanisms, including dislocation slip,

deformation twinning, and hexagonal close-packed (HCP) phase transformation. There are both synergy

and competition among various deformation mechanisms, which collectively enhance the mechanical

properties of materials. This work has found that the differences in GB activities are the main cause of

stress and strain asymmetry in G-HEA, while the different nucleation positions of dislocations are the

reasons for the asymmetry in dislocation density, yield stress, and average flow stress. In addition, when

g = 0.32, the yield stress and flow stress of G-HEA both reach their maximum/minimum values, further

demonstrating the role of gradient nanostructures in regulating stress and strain distribution. Therefore,

the research results of this article provide a theoretical basis for designing G-HEA suitable for different

application scenarios.
1. Introduction

High-entropy alloys (HEAs) are a class of multi-principal
element alloys1 that break traditional alloy design principles,
which are also a new class of alloys with chemical long-range
disorder,2 prepared by special manufacturing processes from
four or more base metal elements. Unlike traditional alloys,
HEAs have excellent solid solution strengthening ability due to
their ease of forming solid solutions. By adjusting the atomic
ratios of metals, adding interstitial atoms, and improving
manufacturing processes, HEA with outstanding mechanical
properties,3–5 high-temperature performance,6–8 corrosion
resistance,9 and wear resistance10 can be designed to accom-
modate the requirements of specic working environments.
HEAs have attracted the attention of numerous researchers due
to their excellent comprehensive performance and have quickly
become a research hotspot. CoCrFeMnNi HEA is a single-phase
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high entropy alloy with a face-centered cubic (FCC) structure,
rst proposed by Cantor and his colleagues.11 This alloy, char-
acterized by high mixing entropy, large lattice distortion, and
slow diffusion rates due to similar atomic ratios, is widely
studied in the eld of metallic materials.

CoCrFeMnNi HEA has low stacking fault energy and can
activate both dislocation slip and deformation twinning (DT)
mechanisms simultaneously. Additionally, It may undergo
hexagonal closed-packed (HCP) phase transformation12,13 under
low temperature, high pressure, high strain rate, and severe
plastic deformation environments. The synergistic effect of
multiple deformation mechanisms gives it good plastic defor-
mation ability. However, the yield strength and tensile strength
of CoCrFeMnNi HEA at room temperature are relatively low.
Adding interstitial atoms for solid solution strengthening,1

forming rened grains through Severe Plastic Deformation
(SPD),14 and forming supersaturated strengthening phases15

through heat treatment are typical methods for improving alloy
strength. CoCrFeMnNi HEA with nanostructures prepared
using SPD technology exhibit ultra-high strength, but low
extensibility. Adding a short-term annealing process aer SPD
can optimize the microstructure of the alloy, making it possess
both high strength and good plasticity. Common SPD cra
include ultrasonic shot peening (USP),16,17 surface mechanical
© 2025 The Author(s). Published by the Royal Society of Chemistry
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rolling treatment (SMRT),18 laser shock peening (LSP),19,20 and
surface mechanical attrition treatment (SMAT).21,22 Chen et al.23

used USP to treat equiatomic CrMnFeCoNi HEA, forming
a nanocrystalline layer with compressive residual stress on the
alloy surface, signicantly improving its strength and hardness
without sacricing ductility. Additionally, Wang et al.24

combined USP with SMRT to enhance the mechanical and
fatigue properties of 2024 aluminum alloys, they believed that
the synergistic effect of compressive residual stress and
gradient structural layers from USP enhanced the mechanical
properties, whereas SMRT reduced the surface roughness of the
surface of alloys and improved the fatigue properties of the
material. Tong et al.25 prepared CoCrFeMnNi HEA with excellent
wear and corrosion properties through laser additive
manufacturing (LAM) and laser shock peening (LSP), they
insisted that residual compressive stress enhanced the adhe-
sion of the friction layer on the worn surface to protect the
bottom layer from damage and improve its wear performance.
Furthermore, the synergistic effects of grain renement and
residual compressive stress facilitated the formation of a dense
passivation lm on the surface of the material, suppressing the
intrusion of corrosive ions and enhancing the corrosion resis-
tance of HEAs. Tsai et al.26 used SMAT cra to treat two single-
phase HEAs (FeCoNiCrMn and FeCoNiCrMn-Al). By designing
appropriate SMAT paths, the grain sizes of the alloys were
reduced from ∼50 mm to ∼0.1–1 mm, the hardness increased
from ∼2.5–5 GPa to ∼5–8.5 GPa, and the tensile strength and
ductility were two times greater than those of the original alloys.

Aer undergoing SPD, the surfaces of metallic materials can
form nanostructured layers with certain thicknesses, but the
grain size of the substrate remains in themicrometer scale. This
type of metallic material with gradient nanograined (GNG) has
been proven to possess both high strength and ductility27–30 and
has become a research hotspot in materials science in recent
years. Compared with experimental studies on the mechanical
properties, corrosion resistance, wear resistance, and micro-
deformation mechanisms of GNG metals, computational
simulations are low-cost, efficient, and environmentally friendly
scientic research methods. Among these methods, the crystal
plasticity nite element method (CPFEM), discrete dislocation
dynamics (DDD) method, and molecular dynamics (MD)
method are typical computational means applied to meso-,
micro-, and atomic-scale studies, respectively. Jang et al.31

developed a constitutive model for FCC CoCrFeMnNi HEA
based on dislocation slip and deformation twinning mecha-
nisms and validated the effectiveness of the model through
compression tests and microstructural characterizations. Zhai
et al.32 combined in situ Electron Backscatter Diffraction (EBSD)
and CPFEM to investigate the deformation mechanisms of
Al0.6CoCrFeNi HEA and reported that the dislocation density
distribution was uniform in ne-grained samples, whereas high
dislocation densities were mainly concentrated near the BCC
phase in coarse-grained samples. Lu et al.33 used three-
dimensional multiscale DDD to study the mechanical proper-
ties and deformation mechanisms of GNG aluminum and
discovered that the synergistic strengthening induced by the
gradient structure resulted in yield stress and strain-hardening
© 2025 The Author(s). Published by the Royal Society of Chemistry
exceeding those predicted by the properties of simply mixed
materials. Moreover, the prominent Bauschinger effects
observed in the materials conrmed the role of back-stress
strengthening in GNG structures, providing valuable insights
into the optimization of alloy mechanical properties. At the
atomic scale, Zhou et al.34 performed MD simulations on the
plastic deformation characteristics of GNG copper lms and
observed a synergistic effect caused by GNG layers, which led to
strain strengthening. Furthermore, they found that plastic
deformation rst occurred in the ne-grained regions and
propagated to the coarse-grained regions as the strain
increased, and considered this plastic attribute was indepen-
dent of the strain rate and temperature. Lu et al.35 used MD to
study the mechanical responses of GNG metals at different
temperatures and pointed out that the mechanical properties of
the metals decreased with increasing temperature. Xian et al.36

used MD to investigate crack propagation behaviors in GNG
coppers with different grain sizes and concluded that
increasing the grain size gradient improved the crack resistance
of the material, remarkably increased its dislocation density,
but led to increasingly severe crack blunting phenomena.

To date, numerous studies on themechanical properties and
deformation mechanisms of gradient nanograined high-
entropy alloy (G-HEA) have been reported. An et al.37 prepared
a GNG CoCrFeMnNi HEA with hierarchical grain sizes and
many nano-twins via rotational accelerated shot peening and
composition design and found that the alloy exhibited multiple
deformation mechanisms, resulting in ultrahigh strength and
comparable ductility relative to those of cast alloys. Qiao et al.38

investigated the deformation behavior of CoCrFeMnNi HEA
under impact tensile using the split Hopkinson tensile bar
(SHTB) technique and concluded that the collaborative rein-
forcement of twinning and dislocation was the primary reason
for the increased strength and ductility. Tong et al.39 applied
LSP to modify the surface stress states and microstructures of
CoCrFeMnNi HEA and considered that the residual compres-
sive stress and GNG introduced by LSP enhanced both the
strength and ductility of the alloy. Most of the aforementioned
studies rely on experimental methods, which are oen time-
consuming and costly. In contrast, atomic simulations offer
advantages such as high efficiency, low cost, and reliable
results, making them an ideal approach for investigating HEA.
They have been widely applied to study aspects such as size
effects, impact toughness, and orientation effects in HEA.
Additionally, Du et al.40 utilized molecular dynamics (MD) to
explore the additional strengthening mechanisms and the
Bauschinger effect in G-HEA. They proposed that dislocation
pinning ahead of grain boundaries (GBs) is a signicant source
of extra strengthening of G-HEA, while the reverse motion of
dislocations facilitated by sessile dislocations contributes to the
Bauschinger effect. However, there are few MD studies reported
on the inuence of grain size gradient rates on the mechanical
properties of G-HEA, particularly regarding the tension-
compression asymmetry and the underlying mechanisms
under compressive and tensile loading conditions.

Based on the aforementioned factors, this work employs MD
to investigate the mechanical responses and deformation
RSC Adv., 2025, 15, 7546–7562 | 7547
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mechanisms of CoCrFeMnNi HEA with varying grain size
gradients under uniaxial compression and tension. This work
aims to elucidate the intrinsic mechanisms responsible for the
tension-compression asymmetry in G-HEA, identify the optimal
grain size gradient for different loading conditions, and provide
a theoretical foundation for designing G-HEA suitable for
diverse application scenarios. The remainder of this paper is
organized as follows: Section 2 introduces the establishment of
geometric models with different grain size gradient rates and
the simulation process; Section 3 presents the simulation
results for different models under uniaxial compression and
uniaxial tension; Section 4 discusses the gradient distribution
characteristics of stress and strain, grain boundary (GB) activi-
ties during plastic deformation, and plastic deformation
mechanisms; and Section 5 features a summary of the main
conclusions of this study.
2. Simulation details

MATLAB was used for programming and generating poly-
crystalline seed point les. The open-source soware Atomsk41

uses these seed point coordinates and the Voronoi algorithm to
generate an equiatomic CoCrFeMnNi HEA quasi-three-
dimensional atomic model with a random orientation. To
investigate the role of gradient nanostructures, the G-HEA
models and the homogeneous nanocrystalline HEA (H-HEA)
models were constructed simultaneously. These models have
the same geometric dimensions, simulation, and analysis
methods, except for differences in grain size and distribution.
Fig. 1 is a schematic diagram of the sample with grain size
changing along the x-direction. The grain size gradient g is
dened as the rst derivative of the average grain size with
respect to the x-direction position, expressed as follows:

g ¼ dmax � dmin

Lx

(1)

Keeping the average grain size of the region on both sides
constant at 6 nm and adjusting the average grain size in the
middle region, G-HEA samples with g = 0.18, g = 0.23, g = 0.32,
and g = 0.49 were constructed. The average grain sizes were
Fig. 1 (a) Variation in the average grain size of polycrystalline HEA along
sides and larger grain sizes in the central region. Four linear gradients and
morphology of the model with a gradient of g = 0.23, where d0 represe

7548 | RSC Adv., 2025, 15, 7546–7562
12.3, 13.7, 15.4, and 17.4 nm respectively. The calculation
method for these values is as follows:

d ¼
ffiffiffiffiffiffiffiffi
4S

pN

r
(2)

where S is the area of the xy plane of the sample, and N is the
number of grains.

The atomic numbers of these G-HEA models are not signif-
icantly different, about 1.95 million, but the grain numbers are
188, 152, 120, and 94, respectively. Additionally, two H-HEA
models for comparison have average grain sizes of 6 nm and
40 nm with corresponding grain numbers 520 and 15 respec-
tively. The geometric dimensions of all the models were 186 ×

120 × 0.96 nm3 (x × y × z), with a lattice constant of 3.595 Å,
where the size along the z direction is larger than the cutoff
radius 0.45 nm for meeting the periodicity along the z direc-
tion.42 The simulation process and analysis methods were
consistent across all the models.

The open-source soware LAMMPS41 was used for atomic-
level simulations of tension and compression of the G-HEA
and H-HEA models. The 2NN MEAM potential function devel-
oped by Choi et al.43 was applied to calculate the interatomic
forces between Co, Cr, Fe, Mn, and Ni atoms. This potential
function has been used in simulations of the tension defor-
mation, cyclic plasticity, radiation damage, nanoindentation
behavior, impact-induced spallation, and temperature effects of
CoCrFeMnNi HEA, with high simulation accuracy. Periodic
boundary conditions were exerted in all directions and the
simulation time step was set to 0.001 ps. First, the conjugate
gradient method was operated to minimize the model energy
and eliminate the internal atomic stress. Next, an NPT
ensemble was used for isothermal relaxation at 300 K under
constant pressure, with the pressure on all axes being main-
tained at 0 bar and the relaxation time being set to 50 ps.
Finally, the NPT ensemble was employed again to control the
atomic pressure in the system, with the x- and z-axes main-
taining a pressure of 0 bar and uniaxial tension and compres-
sion being applied along the y-axis with a strain amplitude of
±20%. To avoid the inuence of strain rate sensitivity on the
simulation results, we investigated some similar literature and
performed a series of trial calculations. Ultimately, aer
the x-axis, showing smaller average grain sizes in the regions on both
two uniform HEA atomic models were constructed. (b) Microstructural
nts the minimum grain size.

© 2025 The Author(s). Published by the Royal Society of Chemistry
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considering factors such as computational cost and accuracy,
the strain rate for this study was determined to be ±1 × 109 s−1.
The open-source soware OVITO was utilized for result analysis
and visualization. The common neighbor analysis (CNA)
module was employed for atomic structure analysis, and the
dislocation extraction algorithm (DXA) module was applied for
dislocation analysis. Additionally, CoCrFeMnNi HEA possesses
lattice distortion (LD) and short-range order (SRO) phenomena;
however, when studying the mechanical behaviors and
Fig. 2 Mechanical responses of G-HEA andH-HEA at 300 K. (a) Uniaxial c
(c)–(d) Strain-hardening rate under compression and tension. (e) Yield
uniaxial compression and tension.

© 2025 The Author(s). Published by the Royal Society of Chemistry
deformationmechanisms of polycrystalline HEA, the grain sizes
and gradient effects at the microstructural level are the primary
inuencing factors.40 Therefore, this work did not consider the
effects of LD and SRO in this study.
3. Results

Fig. 2 shows the mechanical behaviors of G-HEA and H-HEA
under different loading conditions. As shown in Fig. 2(a),
ompression stress–strain curve. (b) Uniaxial tension stress–strain curve.
stress under uniaxial compression and tension. (f) Flow stress under

RSC Adv., 2025, 15, 7546–7562 | 7549
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when the compressive strain is less than 3%, the normal stress
and shear strain exhibit a roughly linear relationship, indi-
cating that it is in the elastic stage. Aerward, the material
enters the plastic deformation stage, where the stress continues
to increase with engineering strain increase, exhibiting a typical
strain-hardening behavior until the maximum is reached.
However, the rate of change of stress in the initial stage of
plastic deformation is smaller than that in the elastic stage.
Aer the peaks, the stress rst rapidly decreases and then
gradually stabilizes when the engineering strain reaches 13%. It
is worth noting that the GNG-1 and HNG-2 with smaller average
grain sizes do not exhibit an obvious stress drop, whose stress
directly enters a stable plastic stage aer reaching the
maximum. This stress drop is a common engineering
phenomenon, especially in single-crystal simulations.44 For
polycrystals, the stress drop is related to the grain size, and it
weakens as the grain size decreases.45 The results of this work
conrm the conclusion just mentioned. In MD simulations, the
stress drop is oen associated with dislocation burst
phenomena,46 which is consistent with the results of micro-
pillar compression experiments.47,48 As shown in Fig. 1(a) and
2(a), atomic models with big gradient values have larger average
grain sizes and higher peak stress than those with small
gradient values, and the result of peak stress complies with
inverse Hall–Petch effects. Compared to compression, tension
has a relatively lower stress status, and its stress–strain curve
also satises the inverse Hall–Petch relationship. The
maximum stress under tension occurs in GNG-2, while the
maximum stress under compression occurs in GNG-4. It indi-
cates that there is a tension-compression asymmetry in the
stress of HEA.

For metals such as HEA, which do not have a clear yield
point, the stress at the strain 3 = 0.2% usually represents the
yield stress. Alternatively, the yield stress of a material can be
determined by combining the stress–strain curve with the
strain-hardening rate (the rst derivative of true stress with
respect to true strain) curve. Cereceda et al.49 used this method
to estimate the yield stress of materials and achieved good
results. Since the stress–strain curves of the HEA studied in this
work show no signicant change in slope at the traditional yield
point 3 = 0.2%, the second method was applied to calculate the
yield stress of the HEA. As shown in Fig. 2(c) and (d), at high
strain rates, as the strain increases, the strain-hardening rate
rst decreases, then briey stabilizes, and nally slowly
increases (except for HNG-2). The yield point is the turning
point of metal materials from elastic deformation to plastic
deformation, and its strain-hardening rate is usually the lowest.
Therefore, this work takes the strain corresponding to the rst
minimum value of strain hardening rate in the temporary stable
zone as the yield point, and the stress corresponding to the yield
point as the yield stress. HGN-2, with the highest grain
boundary density and the largest initial dislocation density, is
more prone to grain boundary merging than the other models.
The strain-hardening rate of HGN-2 rst increases and then
rapidly decreases before increasing again and nally stabilizing.
As shown in Fig. 2(e), the yield stress of G-HEA increases rst
and then decreases with the increase of average grain size, and
7550 | RSC Adv., 2025, 15, 7546–7562
reaches its maximum at g = 0.32, which is consistent with the
research results of Liu et al.50 The average stress value of the
local plastic strain interval has been widely served as the ow
stress of metals in MD simulation research.51,52 In this work, the
strain range for calculating the ow stress is from ±15% to
±20%, the outcome of ow stress as shown in Fig. 2(f). The ow
stress of G-HEA under compressive load decreases rst and
then increases with the increase of average grain size, reaching
its minimum when g = 0.32; but under tensile load, the ow
stress increases rst and then decreases with the increase of
average size, reaching its maximum at g = 0.32. The ow stress
of G-HEA exhibits tension-compression asymmetry. It is worth
noting that under the same strain conditions, the yield stress
and ow stress under compression are greater than their cor-
responding values under tension. This nding is similar to the
results obtained for nanocrystalline Ni,53 which may be attrib-
uted to the decrease in the atomic spacing under compression
that leads to an increase in the atomic interaction forces.

Because the yield stress and ow stress of G-HEA reach their
maximum orminimum both at g= 0.32, GNG-3 will be themain
model for analysis and discussion in Part 4. Moreover, gradient
nanostructures can coordinate stress and strain distributions,
and by changing the grain size gradient rate, the constraints of
the inverse Hall–Petch effect can be broken.

4. Discussion
4.1 Effects of gradient nanostructures on the stress and
strain distributions

To study the effect of the grain size gradient on the normal stress
and shear strain of HEA, this work divided GNG-3 along the x-axis
into 50 regions and calculated the average normal stress and
average shear strain for each region. This method is commonly
used to analyze the correlation between normal stress, shear
strain, and the geometric position of a model. Fig. 3 shows the
average normal stresses and average shear strains of GNG-3 in the
stage of plastic deformation under different loading methods.
The solid and dashed lines represent the variables of compres-
sion and stretching, respectively. The red curve and red icon show
the variable values in the early stage of plastic deformation, while
the blue curve and blue graph represent the variable values in the
later stage of plastic deformation. Here, the average normal stress
syy is calculated as the sum of the stress in the y-direction for all
the atoms in each region divided by the volume of that region,54

and the average shear strain is similarly calculated.
Fig. 3(a) displays the distribution of normal stress syy of

GNG-3 at engineering strains of ±5% and ±20%. The grain size
gradient distribution leads to varying gradient distribution
characteristics for the normal stresses under different loading
conditions. When the strain is ±5%, the material has just
entered the plastic deformation stage. The coarse grains (CGs)
in the middle of the sample exhibit greater normal stresses
under both compression and tension, whereas the ne grains
(FGs) on either side experience lower normal stresses under the
same conditions. Overall, the stress shows a “C”-shaped
gradient distribution along the x-axis, with the gradient effect
under compression being more pronounced than that under
© 2025 The Author(s). Published by the Royal Society of Chemistry
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Fig. 3 Distribution of the average normal stress and shear strain in GNG-3. (a) Normal stress syy. (b) Average shear strain.
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tension. However, as the engineering strain increases, the
feature of stress gradient distribution gradually weakens, and
by the time the strain reaches ±20%, the stress in the grains
across different regions becomes approximately the same,
leading to a uniform stress distribution (as indicated by the red
dashed line in Fig. 3(a)). Under compressive loading, when the
strain reaches 20%, the average normal stress in the FGs region
is lower than that in the CGs region, showing a gradient
distribution of normal stress opposite to that observed at 5%
strain. Liu et al.50 have shown that the yield stress of CoCr-
FeMnNi HEA follows the classic Hall–Petch relationship con-
cerning grain size, with a critical grain size of 48.6 nm.
Therefore, the grain sizes of all models in this study are within
the inverse Hall–Petch effect range. The CGs region in the
middle of GNG-3 can be considered a hard zone with higher
stiffness, whereas the FGs regions on the sides can be consid-
ered a so zone with weaker resistance to deformation. When
the material enters the plastic deformation stage, the CGs in the
hard zone owing to their higher resistance to deformation,
exhibit higher stress, whereas the FGs in the so zone, owing to
their lower stiffness, exhibit lower stress, resulting in a stress
gradient distribution effect. As the engineering strain increases,
the GBs in the so zone begin to slip and migrate, the bound-
aries become blurred, and small grains gradually merge into
larger grains. The performance difference between FGs and CGs
decreases with increasing engineering strain, and the gradient
distribution effect of stress gradually disappears or reverses.

Fig. 3(b) shows the distribution of the average shear strain
for GNG-3 at strains of ±5% and ±20%. Similar to the normal
stress distribution, the average shear strain distribution is
nonuniform in the early stages of plastic deformation. The
strain in the hard zone is smaller, whereas the strain in the so
zone is larger, exhibiting an obvious gradient distribution
characteristic. As the engineering strain increases, the strain
gradient distribution effect gradually weakens, eventually
evolving into a uniform distribution.

In summary, in the early stages of uniaxial loading, the CGs
in the hard zone exhibit high stiffness, low shear strain, and
© 2025 The Author(s). Published by the Royal Society of Chemistry
relatively high normal stress. In contrast, the FGs in the so
zone on either side have relatively low stiffness, high shear
strain, and low stress. It can be considered that the gradient
nanostructure causes the stress gradient distribution and strain
gradient distribution of CoCrFeMnNi HEA, and the tension-
compression asymmetry of the stress distribution and strain
distribution may be related to the dislocation nucleation posi-
tion and grain boundary movement. Specic reasons can be
found in Section 4.2.

4.2 Plastic deformation mechanisms under uniaxial loading

When gradient nanostructured metals transition from elastic
deformation to plastic deformation, mechanically driven GB
migration and accompanying grain growth dominate the plastic
deformation process.55 Fig. 4 shows the GB migration map ob-
tained using a method similar to that of Cao,56 where the GBs
before deformation are shown in red and the GBs at a strain of
10% are shown in green. The affine displacements have been
removed to display pure GB migration characteristics.57 The
right sides of Fig. 4(a1) and (b1) show enlarged views of the
corresponding region, with black arrows indicating the direc-
tion of grain boundary migration. GB migration occurs in the
CoCrFeMnNi HEA under both uniaxial compression and
uniaxial tension. However, the amount of GB migration under
compression is greater than that under tension, and the FGs in
the so zone possess more signicant GB vitality than the CGs
in the hard zone. This phenomenon is related to the relatively
low stiffnesses of FGs, which are prone to plastic deformation in
the inverse Hall–Petch region. Furthermore, when 3 < 3%, the
deformed GBs aer affine removal largely overlap the initial
GBs, which indicates that the material undergoes almost no
grain boundary migration during the elastic deformation stage.
Aer plastic deformation, dislocations nucleate at GBs and are
emitted into the crystal, ultimately being absorbed by the
opposite GBs. As the engineering strain increases, dislocations
gradually accumulate at GBs, forming back stresses that hinder
their continued movement. The reverse force of back stresses
drives grain boundary movement, causing the deformed GBs to
RSC Adv., 2025, 15, 7546–7562 | 7551
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Fig. 4 The result of GB migration in GNG-3 at 3 = 10%. (a) Uniaxial compression. (b) Uniaxial tension. (a1) and (b1) Are the GBs of GNG-3 under
different loads. (a2) and (b2) Are the enlarged views of the corresponding regions of the left pictures, with black arrows indicating the direction of
GBS motion.
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no longer coincide with the initial GBs. Fig. 4(a2) and (b2) show
that the GBs on the le almost all migrate to the upper right,
whereas the GBs on the right mostly move to the upper le. The
GB migration in the hard zone is much smaller than that in the
so zone, which is just why the grains in the so zone on each
side exhibit greater average shear strain. Therefore, GB migra-
tion is the physical mechanism driving the plastic deformation
of CoCrFeMnNi HEA, and it is also one of the reasons for the
distribution of shear strain gradient.

The CNA module of OVITO soware labels GB atoms, atoms
near dislocations, and unrecognized atoms as “Other” atoms.
However, other atoms are mainly composed of GB atoms,
especially in the early and middle stages of metal material
deformation. Therefore, the fraction of “Other” atoms can
reect the changes in GBmovement. As shown in Fig. 5, models
with smaller average grain sizes have higher initial grain
boundary densities. As the engineering strain increases, the
number of “Other” atoms gradually increases. When the engi-
neering strain is less than 3%, GNG CoCrFeMnNi HEA is still in
the elastic stage, the GB movement is inactive, and the
proportion of Other atoms remains unchanged. When the
engineering strain reaches 5–10%, due to factors such as GB
migration, dislocation motion, DT, and HCP phase trans-
formation, the number of “Other” atoms increases rapidly.
When 3 > 10%, grain merging reduces the number of “Other”
Fig. 5 Curves of the ratio of “Other” atoms under different loads. (a) Co

7552 | RSC Adv., 2025, 15, 7546–7562
atoms, whereas dislocation nucleation increases their number.
However, the overall trend is an increase in the number of
“Other” atoms.

Notably, the GB movement in the plastic deformation stage
of the GNG CoCrFeMnNi HEA exhibits tension-compression
asymmetry. This difference in GB motion also indirectly leads
to the asymmetry of stress distribution and strain distribution.
As shown in Fig. 5(a), the number of “Other” atoms in GNGHEA
increases rapidly in the early stage of compression (indicated by
the red dashed box), whereas this phenomenon does not occur
under tensile loading (Fig. 5(b)). This difference may be related
to the presence of residual tensile stress between grain
boundary atoms during the relaxation stage. In the early stage of
deformation, the compressive stress formed by the external
compressive load is rst neutralized with the residual tensile
stress at the grain boundary. Aer the residual tensile stress is
canceled out, compressive stress begins to form at GBs. The
stress mutation in the early stage of deformation caused a brief
increase in the number of other atoms, resulting in greater
displacement of GB atoms. This also is the main reason why the
migration of compressed grain boundaries is greater than that
of stretched grain boundaries.

Under compression, except for the models GNG-4 and
HNG-1, which have relatively large average grain sizes, the
number of “Other” atoms in other models increases
mpression. (b) Tension.

© 2025 The Author(s). Published by the Royal Society of Chemistry
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approximately linearly with engineering strain. However, under
tension, the number of “Other” atoms exhibits a three-stage
variation pattern: a stable period, a rapid growth period, and
a slow growth period. The phenomenon of a three-stage pattern
becomes increasingly pronounced as the average grain size
increases. Additionally, the elastoplastic transition point under
compression is 3 = 3%, but the elastoplastic transition point
under tension is 3 = 4.5%. Under compression load, due to the
continuous reduction of atomic spacing, the repulsive force
between atoms drives dislocation nucleation and intragranular
movement, while promoting the material to enter the plastic
deformation stage. This may be a potential reason why the
elastoplastic transition point of compression is smaller than
that of tension.

Since nonaffine square displacement (NSD) can capture the
GB sliding process,58,59 we plotted the NSD (the denition and
calculation method can be found in ref. 56) curves of the GNG
CoCrFeMnNi HEA under different loads to further investigate
GB migration. Fig. 6(a) and (b) show the NSD curves for
compression and tension, respectively. As the engineering
strain increases, the NSD curve rst experiences a brief rapid
increase, followed by a rough increase linearly (except for GNG-
3). This variation trend is similar to that of the “Other” atoms.
This result once again proves that HEA did not occur in GB
migration during the elastic deformation stage. When the
Fig. 6 NSD curves and cloud maps of G-HEA. (a) Compressive load. (b) T
(d) The NSD cloud map of GNG-3 at 5% tensile strain.

© 2025 The Author(s). Published by the Royal Society of Chemistry
engineering strain reaches approximately 5%, the NSD curve
continues to rise and maintains a nearly constant growth rate
during subsequent deformation.

Similar to the variation in “Other” atoms, the NSD curves of
the GNG CoCrFeMnNi HEA exhibit tension-compression
asymmetry. Under compression load, GNG-3 has the highest
initial NSD value and the lowest nal NSD value. The NSD of
GNG-3 slowly increases at a very small growth rate in the early
stage of deformation and begins to linearly increase at a larger
rate aer the elastic deformation ends. However, GNG-3 has
a higher NSD value at the end of tension compared to other
models. G-HEA with varying gradient rates exhibited nearly
identical NSD magnitudes and evolutionary trends during the
elastic stage, with their NSD curves beginning to diverge only
during the intermediate-to-late stages of plastic deformation. As
illustrated in Fig. 2(f), under compressive load, GNG-3 has the
lowest ow stress compared to other models, and the lower ow
stress is not sufficient to drive the model to produce too much
deformation, resulting in the minimal NSD for it at compressive
termination. Conversely, under tensile load, GNG-3 has the
highest average ow stress, which results in it possessing
a maximum NSD value at the end of the stretch. Therefore, it
can be considered that the tension-compressive asymmetry of
the NSD of G-HEA is related to the average ow. In addition, as
shown in Fig. 6(c) and (d), when the strain is 5%, G-HEA just
ensile load. (c) The NSD cloud map of GNG-3 at 5% compressive strain.

RSC Adv., 2025, 15, 7546–7562 | 7553
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enters plastic deformation, and GB movement begins to be
active, with the NSD at the GB being larger than that inside the
grain. As the engineering strain increases, the GBs begin to
migrate, and the FGs in the so zone gradually merge, with high
NSD regions also appearing inside the grains.

In addition to GBmigration, grain coalescence is a dominant
GB activity that adjusts the plastic deformation of the CoCr-
FeMnNi HEA. During the relaxation stage, the atomic forces are
not fully released, and some dislocations nucleate at the GBs. As
shown in Fig. 7(a)–(c), as the compressive strain increases,
dislocations nucleating at GBs are emitted into the interior of
the grains, causing the GBs to gradually disappear, and two
adjacent grains merge into a larger grain. As shown in
Fig. 7(d)–(f), as the tensile strain increases, more dislocations
nucleate within the grains and move towards two sides of the
GBs. The “Other” atoms near the dislocations cause the GBs to
become blurry, and two grains merge into a larger grain.

A comparison of the morphologies of grain 1 and grain 2
before and aer deformation reveals that smaller grains are
more prone to merge, whereas the boundaries of larger grains
are largely maintained (as shown in Fig. 8). The smaller grains
undergo signicant morphological changes before and aer
deformation, whereas the morphologies of the larger grains
change relatively little. Furthermore, The dislocationmovement
Fig. 7 The schematic diagram of grain merging in GNG-3 under differe

7554 | RSC Adv., 2025, 15, 7546–7562
of grains with the same average grain size may differ signi-
cantly during plastic deformation. For example, grain a and
grain c have a higher dislocation density, while dislocation
activity in grain b is minimal. This phenomenon is related to the
differences in grain orientation.41

Notably, the dislocation density of the CoCrFeMnNi HEA
also shows tension-compression asymmetry. Fig. 9 shows the
evolution curves of the dislocation density for GNG-3 under
different loads. Similar to the variation in the fraction of
“Other” atoms, models with smaller average grain sizes have
higher initial dislocation densities, whereas models with larger
average grain sizes tend to exhibit a three-stage dislocation
density evolution trait. In the elastic stage, dislocations stored
at GBs move from one side of the GB to the other, with a very
small increment of dislocation density and a stable total
dislocation density. When the engineering strain reaches
a critical value (approximately 4.5% for compression and 6% for
tension), many dislocations nucleate at the GBs or within the
grains (under tensile load), causing a sharp increase in the
dislocation density. When the engineering strain reaches
approximately 12%, the rate of increase in the dislocation
density slows or becomes constant. Compared with those under
compressive loading, HEA has a more pronounced three-stage
dislocation density evolution feature under tensile load, where
nt loads. (a)–(c) Compression. (d)–(f) Tension.

© 2025 The Author(s). Published by the Royal Society of Chemistry
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Fig. 8 Particularity of plastic deformation of different grains in GNG-3 (the right part). (a) 3 = 0 (b) 3 = 15% FCC atoms have been removed.

Fig. 9 Evolution curves of the dislocation densities in GNG-3 under different loads. (a) Compression. (b) Tension.
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the dislocation density remains nearly constant in the early and
late stages of deformation and increases rapidly only during the
middle stage of plastic deformation.

The reason for the difference in dislocation density evolution
mentioned earlier may be due to the different nucleation posi-
tions of dislocations. As illustrated in Fig. 10(b) and (c), under
compressive load, dislocations mainly nucleate at GBs and then
move in one direction to the opposite GB. A dislocation source
forms a dislocation, and the dislocation density increases at
a relatively small rate. However, under tensile load, dislocations
mainly nucleate within the crystal and then move in two
directions to the grain boundaries on both sides. One disloca-
tion source forms two dislocations, and the dislocation density
increases signicantly at a higher rate. In addition, the different
nucleation positions of dislocations are still the main reason for
the dislocation density in the later stage of plastic deformation
under tensile load to maintain stability and one of the reasons
for the tension-compression asymmetric of stress and strain.

Dislocation slip, DTs, and HCP phase transition are themain
plastic deformation mechanisms of CoCrFeMnNi HEA, with
dislocation slip being the main mechanism, followed by HCP
phase transformation and deformation twinning being the
© 2025 The Author(s). Published by the Royal Society of Chemistry
least.31 Otto et al.60 attributed the twinning of CoCrFeMnNi HEA
to its low dislocation energy. Studies12,61 have shown that the
stacking fault energies of CoCrFeMnNi HEA at 293 K are 20–25
mJ m−2, which suggests that twins may be activated at room
temperature. Additionally, CoCrFeMnNi HEA can trigger
a transformation of the FCC phase to the HCP phase with high
strain rates and SPD at room temperature.62–64 The microstruc-
tures of different G-HEA models are shown in Fig. 10, with FCC
atoms being removed for better observation. The microstruc-
tures (including intrinsic stacking faults (ISFs), extrinsic stack-
ing faults (ESFs), DTs, and HCP phase65), and partial
dislocations21–23 can be clearly observed. G-HEAs under
compressive load have high dislocation density and abundant
microstructures, and a large number of Shockley dislocations
nucleate at GBs and move inward, forming ISFs, ESFs, DTs, and
HCP phase, In addition, a small amount of stair-rod also forms
at the GBs. However, under tensile load, numerous dislocations
nucleate within the crystal and move toward the grain bound-
aries on both sides, forming different microstructures.
Furthermore, near grain boundaries, different dislocations
move relative to each other to form Shockley dislocation loops
and Hirth dislocation locks under different loads.
RSC Adv., 2025, 15, 7546–7562 | 7555
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Fig. 10 Microstructures and dislocations of the GNG-3 under different loads. (a) The left half of the atomic model before loading. (b) and (c) The
enlarged view at 3 = 10% under compression. (d) and (e) The enlarged view at 3 = 10% under tension. The four images on the right are enlarged
views of the same grain selected by the rectangular box in (a). Among them, green, red, and purple represent FCC, HCP, and GBs respectively,
and the back dashed line is also GBs.

Fig. 11 Microstructural evolution of GNG-3. (a) ISFs. (b) ESFs. (c) HCP phase. (d) DTs. (a1) and (a2) Show the evolution of ISFs. (b1) and (b2) Show
the evolution of ESFs. (c1) and (c2) Show the evolution of HCP phase. (d1) and (d2) Show the evolution of DTs.
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Fig. 11 exhibits the evolution of the ISFs, ESFs, DTs, and
HCP phases in GNG-3. As shown in Fig. 11(a1) and (a2), during
the elastic deformation stage, Shockley dislocations that
nucleate in the relaxation stage and are stored at the GBs
continuously emit in the same direction into the crystal,
forming several ISFs of different lengths. These ISFs are the
prerequisite and foundation for the formation of ESFs and
HCP phases during the plastic stage. It should be noted that
these dislocations that cause ISFs are not newly generated, but
stored at GBs during the relaxation stage, which is just the
reason why the dislocation density remains stable during
elastic deformation. As shown in Fig. 11(b1) and (b2), aer the
dislocations stored at the grain boundary are released, the new
dislocations not only continue to nucleate at the grain
boundary but also nucleate inside the crystal. Shockley dislo-
cations nucleating at the grain boundary and inside the crystal
are marked as S1 (black dashed rectangular box) and S2 (black
solid rectangular box), respectively. S1 moves in one direction,
while S2 moves in two opposite directions simultaneously.
7556 | RSC Adv., 2025, 15, 7546–7562
There are two evolutionary pathways for ESFs, one approach is
for two dislocations separated by an atomic layer to move
towards each other, causing collinear HCP atoms to transform
into FCC atoms and form ESFs. Another one is for dislocations
to tightly adhere to the original ISF nucleation and move
inward to form ESFs. As shown in Fig. 11(c1) and (c2), dislo-
cations nucleate adjacent to existing ISFs at the GB and move
inward with the increasing engineering strain to form the HCP
phase. In addition, dislocations crossing two ISFs that are only
two atomic layers apart can also form HCP phases. As shown in
Fig. 11(d1) and (d2), a large number of dislocations nucleate at
grain boundaries or within grains during plastic deformation.
Dislocations in different directions interlock with each other
to form dislocation locks and dislocation loops, and new
dislocations are formed at the intersection points, which cross
the previous HCP phase and form DTs.

According to Laplanche's report, CoCrFeMnNi HEA exhibits
DTs at a true strain of ∼7.4% at 77 K, while at 293 K, DTs are
only activated when the material is close to fracture, with a true
© 2025 The Author(s). Published by the Royal Society of Chemistry
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Fig. 12 The interaction of different deformation mechanisms of GNG-3. (a) 3 = 5%. (b) 3 = 10%. (c) 3 = 15%. (d) 3 = 20%. (a–d) Show the same
grain, which is also the grain below the rectangular box in Fig. 10(a).
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strain of 25%.66 Moreover, Jang et al.67 conrmed through
CPFEM compression tests and microstructural characteriza-
tions that CoCrFeMnNi HEA can activate DTs at room temper-
ature, but the contribution of DTs to shear strain is very tiny at
approximately 0.5%. Therefore, it can be considered that DT is
not the primary plastic deformation mechanism of the CoCr-
FeMnNi HEA at room temperature.

As shown in Fig. 12, dislocation slip persists throughout the
entire deformation process of CoCrFeMnNi HEA. It serves as the
prerequisite for the formation of microstructures such as ISFs,
ESFs, HCP phases, and DTs, and is also the dominant plastic
deformation mechanism. During the middle to late stages of
plastic deformation, the proportion of ISFs and HCP phases
within the grains increases signicantly, leading to a reduction
in the independent motion space for dislocations and a gradual
increase in their movement resistance. The movement of dislo-
cations that closely adhere to or pass through existing micro-
structures (as indicated by the dislocation labeled D1 in
Fig. 12(b) and (c)) promotes the formation of new microstruc-
tures, forming new microstructures. It can be said that disloca-
tion slip promotes the formation of DTs and HCP phases.
However, the newly formed DTs and HCP phases, in turn, hinder
dislocation slip and even keep the dislocation in place (as indi-
cated by the dislocation labeled D2 in Fig. 12 (a)–(c)). Addition-
ally, as shown in the region labeled G3 in Fig. 12(b) and (c), the
Fig. 13 Evolution curves of the HCP atom fraction. (a) Compression. (b) T
are generated by dislocation slip and GB movement.

© 2025 The Author(s). Published by the Royal Society of Chemistry
pre-existing microstructures also hinder the motion of disloca-
tions nucleated at the bottom grain boundary, leading to the
formation of sub-grain boundaries at the interface. The increase
in dislocation resistance enhances the ow stress of thematerial.
Therefore, during the plastic deformation stage, dislocation slip,
DT, and HCP phase transformation compete and promote each
other, jointly enhancing the mechanical properties of HEAs.

In the CNA analysis, the atoms forming the ISFs, ESFs, DTs,
and HCP phases are all marked as HCP atoms. Therefore, the
fraction of HCP atoms can indirectly reect the activity of
dislocation motion. As shown in Fig. 13, models with smaller
average grain sizes have higher grain boundary densities and
initial dislocation densities than those with larger average grain
sizes, resulting in a higher initial HCP fraction. As the engi-
neering strain increases, the HCP fraction increases more
rapidly in larger grain size models than in smaller grain size
models because larger grain size models have more internal
space to generate microstructures such as ISFs, ESFs, and DTs
rather than having a higher dislocation density. However, in the
later stages of compressive deformation, owing to the reduction
of atomic spacing, dislocation motion becomes increasingly
difficult, and the HCP atom fraction remains stable or slightly
decreases. In contrast, during the later stages of tensile defor-
mation, the HCP atom fraction continues to increase, although
the rate of increase slightly decreases.
ension. The HCP atoms include ISFs, ESFs, HCP phases, and DTs, which

RSC Adv., 2025, 15, 7546–7562 | 7557
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4.3 Effect of the grain gradient on uniaxial tension-
compression asymmetry

As mentioned earlier, G-HEA transforms from elastic deforma-
tion to plastic deformation at an engineering strain of 3–4.5%,
and their ow stress rst increases and then decreases with
increasing strain, eventually stabilizing. To study the effect of
the grain size gradient on tension-compression asymmetry, the
average ow stresses of HEA during 3 = 3–10% were calculated,
and the difference in average ow stress under compression
and tension was determined. As shown in Fig. 14(a), except for
GNG-1, all the other models exhibit higher average ow stresses
under compression than those under tension. The average ow
stress under compression increases with increasing grain size
gradient, whereas the average ow stress under tension rst
increases and then decreases as the grain size gradient size
increases. Additionally, the difference in the average ow stress
between compression and tension increases as the grain size
gradient becomes greater. This phenomenon is related to the
larger deformation discrepancy in models with a higher grain
size gradient.

Although CoCrFeMnNi HEA exhibits DT and HCP phase
transformation during deformation, dislocation slip remains
Fig. 14 Average flow stresses and average dislocation densities of GNG

Fig. 15 Evolution of the partial dislocation density in HEA under differen

7558 | RSC Adv., 2025, 15, 7546–7562
the main deformation mechanism. To further investigate the
effect of the grain size gradient on tension-compression asym-
metry, the average dislocation densities of HEA with different
grain size gradients under 3 = 3–10% were extracted, and the
difference in average dislocation density under compression
and tension was calculated. As shown in Fig. 14(b), the average
dislocation density decreases with increasing grain size
gradient, indicating an obvious size effect. The average dislo-
cation density under tension is greater than that under
compression, suggesting that tension is more conducive to
dislocation nucleation and slip. Furthermore, the difference in
average dislocation density between compression and tension
increases as the gradient increases, which is consistent with the
trend observed for the average ow stress.

Fig. 15 shows the density curves of partial dislocations under
compressive and tensile loading for CoCrFeMnNi HEA. The
initial partial dislocations density is closely related to the grain
size, with models with smaller average grain sizes owning
higher partial dislocations densities than those with larger
average grain sizes. However, the differences in partial dislo-
cation density between the models decrease as the strain
increases. When 3 < 5%, the partial dislocation changes are
relatively small, indicating that few new dislocation nuclei are
HEA. (a) Average flow stress. (b) Average dislocation density.

t loads. (a) Compression. (b) Tension.

© 2025 The Author(s). Published by the Royal Society of Chemistry
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formed during the elastic deformation. Especially under
tension load, partial dislocations remain roughly unchanged
during the elastic deformation stage. Additionally, both the
HNG-2 and GNG-2 models show slight decreases in their partial
dislocation densities at the early stage of tensile deformation,
which may be related to dislocation absorption by the grain
boundaries. Similar to the evolution of the total dislocation
density, the partial dislocation density under tensile loading
follows a distinct three-stage evolution pattern, whereas the
partial dislocation density under compressive loading nearly
linearly increases aer a horizontal segment. This result once
again proves that the dislocation density of G-HEA exhibits
tension-compression asymmetry.

5. Conclusion

This study employed MD simulations to investigate the
mechanical response and deformation behavior of CoCr-
FeMnNi G-HEA under uniaxial loading. The results demon-
strated that the gradient nanostructure induced the
characteristic of gradient distribution of stress and strain
during the initial plastic deformation stage. However, these
gradient distribution characteristics progressively diminished
with increasing engineering strain and ultimately vanished.

GBmigration and grainmerging are the main grain boundary
activities of CoCrFeMnNi HEA, and FGs in the so zone have
stronger GB vitality compared to CGs in the hard zone. G-HEA
has multiple plastic deformation mechanisms including dislo-
cation slip, DT, and HCP phase transformation. However,
dislocation slip is the main deformation mechanism. DT only
appears briey in the middle and later stages of deformation,
and its quantity is very small, which is a secondary deformation
mechanism of the material. HCP phase transformation is
a deformationmechanism thatmainly occurs in the later stage of
plastic deformation due to the nucleation and movement of
dislocations adjacent to the original ISFs. The three deformation
mechanisms have both synergy and competition, jointly
enhancing the mechanical properties of materials.

This work has found that the yield stress, dislocation
density, and average ow stress of CoCrFeMnNi G-HEA all
exhibit tension-compression asymmetry. The residual tensile
stress during the relaxation stage and the atomic repulsion
force during the initial deformation stage are the main reasons
for the tension-compression asymmetry of GB vitality, and the
differences in GB vitality indirectly lead to the tension-
compression asymmetry of stress and strain. In the middle
stage of plastic deformation, dislocations nucleate at grain
boundaries under compressive load but nucleate within grains
under tensile load. The different nucleation positions of dislo-
cations result in differences in the evolution of dislocation
density and are also one of the reasons for the tension-
compression asymmetry of average ow stress and yield stress.
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