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Ab initio study of lithium diffusion at a layered
carbon/amorphous silicon interface

Christoph Kirsch and Daniel Sebastiani *

Silicon–carbon composites are widely investigated as anode materials for lithium-ion batteries because

they offer improved electrochemical performance compared to the respective pristine elements. In this

study, we comprehensively examine Li diffusion in model interface systems composed of γ-graphdiyne

and amorphous silicon using ab initio molecular dynamics simulations and nudged elastic band

calculations. We analyze the structure–property relationships between the Li diffusion coefficient –

which is found to be one to two orders of magnitude higher in γ-graphdiyne than in amorphous Si –

and the local environment and charge state of Li in both materials. Migration of lithium across the

silicon–carbon interface exhibits only moderate energy barriers and therefore does not limit the overall

diffusion kinetics of the composite; instead, bulk amorphous Si constitutes the primary kinetic

bottleneck. We conclude that nanostructure design should prioritize controlling the size and shape of

Si particles rather than targeting the nature of the interface.

1 Introduction

Recent advances in electric mobility and renewable-energy
production have provided considerable impetus for battery
research. These developments demand high-capacity energy
storage, highlighting the need to enhance the performance of
lithium-ion batteries (LIBs), the most widely adopted technology.
While novel materials are being explored for every battery
component, particular emphasis has been placed on discovering
new electrode materials to increase energy density.1,2

Currently, most commercial LIBs employ graphite anodes,
which form Li intercalation compounds via the reversible
insertion of Li ions into their layered structure. During
lithiation, the material's structure and volume undergo
relatively minor changes, expanding by only 13% to yield
LiC6. This modest expansion enables very good cycling
performance, with minimal capacity loss during repeated (de)
lithiation.3,4 In addition to graphite, other carbon allotropes
– such as graphene and amorphous carbon – have been
investigated as negative electrode materials.5–7 Although
some carbons exceed graphite's gravimetric energy density of
372 mAh g−1,3 certain non-carbonaceous materials offer
substantially higher theoretical values; silicon, for example,
reaches 3579 mAh g−1.8–10

Fully lithiated silicon, Li15Si4, can store roughly ten times
more Li than graphite, making it a promising candidate for

high-performance anodes in next-generation LIBs.8–10

During electrochemical lithiation, both crystalline and
amorphous Si first form amorphous LixSi,

11 which
subsequently crystallizes to Li15Si4 at x = 3.75, after which
no further Li insertion occurs.12–14 Delithiation proceeds
through amorphous LixSi and finally recovers amorphous
Si.12,13 However, upon full lithiation, the volume of the
initially crystalline Si expands by a factor of 3.8, inducing
severe mechanical stress and particle cracking. Fractured
particles eventually lose contact, leading to Li trapping and
rapid capacity fade, i.e. poor cyclability. In addition, Si
exhibits low intrinsic electrical and ionic conductivity.8–10

Ongoing research addresses these cyclability issues by
employing Si nanostructures and exploring composite
materials. In particular, Si nanocomposites with different
carbon allotropes have been intensively studied,
demonstrating promising electrochemical performance. Si/C
composites are synthesized via methods such as pyrolysis,
chemical or physical vapor deposition (CVD, PVD),
mechanical milling, electrospinning, or combinations
thereof.8–10 Such approaches produce a wide variety of
nanoscale architectures, which are typically characterized
structurally by SEM, TEM, XRD, XPS, and Raman
spectroscopy.15–23 Many Si/C composite anodes exhibit
significantly improved cycling stability: the soft carbon
matrix buffers the volume expansion of Si particles during
lithiation, preventing mechanical stress, particle cracking,
and contact loss of the material. Additionally, graphitic
carbon domains enhance both electrical and ionic
conductivity throughout the electrode.8–10
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Li diffusion in crystalline (c-Si) and amorphous silicon
(a-Si), as well as in fully lithiated (c-Li15Si4) and partially
lithiated Li–Si compounds (a-LixSi), has been investigated
both experimentally14,24–26 and computationally.26–41

Likewise, Li diffusivity in graphite has been studied
through both experimental42–44 and theoretical45–47 works.
While atomistic Li migration pathways and energy barriers
in bulk Si and graphite are now well characterized, the
impact of Si/C interfaces on Li diffusion in composite
anodes remains an open question. Interfaces can formally
be seen as two-dimensional crystal defects, which
considerably affect physical material properties such as binding
affinities and diffusion constants. Experimental techniques
often have difficulties to discriminate unambiguously between
bulk and interface regions as the origin of particular
spectroscopic observations; in contrast to this, atomistic
simulations are well-suited to isolate these effects.

Computational works report enhanced Li mobility at Si/
C interfaces compared to bulk silicon.48–56 However, most
studies methodologically focus on either molecular
dynamics (MD) simulations48–53,56 or nudged elastic band
(NEB) calculations,54 with only one study combining both
techniques.55 Moreover, although two different carbon
allotropes, graphene48,50,54–56 and amorphous C,49,51,53 have
been modeled, nearly all interface models employ
crystalline Si,49–51,53–56 despite amorphous Si being the
relevant phase in anodes.

In this work, we construct model systems from
γ-graphdiyne and amorphous silicon to investigate Li
diffusion in Si/C composites. To our knowledge, this is the
first study to explore Li mobility at a Si/C interface
incorporating a graphyne allotrope. Moreover, recognizing
that Si anodes transition from crystalline to amorphous
during initial lithiation/delithiation, we use amorphous
rather than crystalline Si, contrary to most previous work. We
employ a combination of ab initio MD simulations and NEB
calculations to identify meaningful Li migration paths and
characterize the underlying diffusion mechanisms. Our
analysis delivers a comprehensive picture of Li mobility, local
structural environment, and partial charges in bulk C and Si,
as well as at the interface. Finally, we single out the
parameters governing Li diffusivity and discuss their
implications for the design of Si/C composite materials.

2 Computational methods
2.1 Density functional theory parameters

The CP2K57,58 program package was employed for all density
functional theory (DFT) calculations.59,60 Within CP2K's
Quickstep (QS) module,58,61 the Gaussian plane wave (GPW)
method62 solves the Kohn–Sham (KS) equations60 by
combining an atom-centered Gaussian basis for the orbitals
with plane waves for the electron density. A DZVP-MOLOPT-
SR-GTH63 basis set was used in conjunction with GTH-PBE
pseudopotentials.64–66 The plane-wave energy cutoff was set
to 350 Ry, with a relative cutoff of 40 Ry. Since all systems

studied here are sufficiently large, only the Γ point was
sampled. Exchange–correlation (XC) effects were described
using the Perdew–Burke–Ernzerhof (PBE) functional,67,68 and
dispersion interactions were treated via the DFT-D3 scheme69

with Becke–Johnson damping70 and revised damping
parameters.71 To achieve self-consistent field (SCF)
convergence to 10−6, orbital transformation (OT)72,73 was
employed with a DIIS minimizer and the FULL_KINETIC
preconditioner. Periodic boundary conditions (PBCs) were
imposed in all three Cartesian directions. Because our
models are slabs, they are truly periodic only in x and y
direction, with x and y cell parameters determined as
described in section 2.2. In the z direction, a 20 Å vacuum
region was added to the slab thickness to prevent
interactions between periodic images.

2.2 γ-Graphdiyne slab generation

Model systems for Si/C interfaces were constructed using
γ-graphdiyne (γ-GDY) as the carbon component. Graphynes,
which are a relatively new class of carbon allotropes and
remain challenging to synthesize,74–76 have been
demonstrated experimentally to constitute promising anode
materials for LIBs.76–78 In this study, γ-GDY was employed as
a layered carbon model exhibiting three-dimensional Li
diffusivity. Although graphite is often incorporated into
experimentally studied Si/C composites, Li migration through
a defect-free graphite sheet is hindered by an energy barrier
of approximately 8 eV,46 rendering the process effectively
unobservable within 100 ps MD simulations at moderate
temperatures and confining Li mobility to two dimensions
between layers. To facilitate three-dimensional diffusion,
defects could be introduced into the graphene sheets of
graphite; here, however, a layered carbon with intrinsically
large pores was chosen. Comparable migration barriers for Li
diffusion both parallel to and through graphyne79 and
graphdiyne80 layers have been reported by previous DFT-NEB
investigations.

ABC-type stacking of γ-GDY was determined by Matsuoka
et al. via transmission electron microscopy (TEM), selected-
area electron diffraction (SAED), and 2D grazing-incidence
wide-angle X-ray scattering (2D GIWAXS) measurements, with
lattice parameters of a = b = 9.6 Å and c = 10.2 Å (interlayer
distance 3.4 Å), and angles α = β = 90° and γ = 120°.81 Based
on these experimental values, a single γ-GDY layer was
initially constructed as a 2 × 2 supercell containing 72 atoms.
To determine the optimal lattice constant for subsequent
simulations, geometry optimizations of this single layer were
performed using a Broyden–Fletcher–Goldfarb–Shanno
(BFGS) minimizer.82–85 Atomic positions were fully relaxed
under fixed cell dimensions x = y, beginning from the
experimentally reported value of 19.2 Å.81 Relaxations were
carried out over the range 18.2 Å to 20.2 Å in 0.1 Å
increments (energy minimum at 18.9 Å), then refined
between 18.85 Å and 18.95 Å in 0.01 Å increments (min. at
18.94 Å), and finally between 18.935 Å and 18.945 Å in 0.001
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Å increments. From these calculations, the minimum-energy
lattice parameter for the single 2 × 2 γ-GDY layer was found
to be x = y = 18.937 Å, which is in reasonable agreement with
the experimental value of 19.2 Å.

A slab was then constructed from three γ-GDY layers,
arranged in ABC stacking with an initial interlayer distance
of 3.4 Å as determined experimentally.81 Atomic positions
were first relaxed within x = y = 18.937 Å under the constraint
that the z coordinates were held fixed. In a second relaxation
step, all atomic coordinates were fully relaxed without any
constraints, resulting in a final interlayer spacing of 3.29 Å.
The resulting 216-atom γ-GDY slab was used to build the Si/C
interfaces described in section 2.4.

2.3 Amorphous silicon slab generation

For the silicon component of our interface models,
amorphous Si (a-Si) was generated independently from the
graphdiyne slab by melting and then rapidly quenching a box
with initially crystalline Si, using force field MD (FFMD)
simulations with the LAMMPS program package.86 Eleven
force fields were rigorously assessed for their ability to
reproduce experimentally determined properties of
amorphous Si. This benchmarking procedure is described in
detail in Section S1 of the SI. The second parametrization of
the empirical interatomic potential proposed by Tersoff87 was
selected for the simulations.

Starting with the conventional unit cell of crystalline Si
(c-Si, a = 5.4304 Å, α = 90°),88 a 3 × 3 × 2 supercell
containing 144 atoms was constructed. After initial geometry
optimization with the Tersoff potential, the structure was
equilibrated in a microcanonical (NVE) ensemble for 500 ps
with the temperature maintained at 300 K by velocity
rescaling. The temperature was then increased to 3400 K in
a canonical (NVT) ensemble to melt c-Si over 2 ns (+1.55 K
ps−1). Temperature control was provided by a Nosé–Hoover
chain thermostat89–91 with a damping parameter of 100 fs.
Next, the density of the Si melt was determined at 1 atm in
a constant NPT simulation of 144 ns. Pressure control was
achieved using a Nosé–Hoover chain barostat with a
damping parameter of 2 ps. The system volume was
averaged over the final 100 ps of the NPT simulation,
yielding a density of 2.31 g cm−3 from a volume of 2909 Å3.
To match the γ-GDY slab described in section 2.2, the cubic
system was deformed to dimensions of x = y = 18.937 Å and
z = 9.365 Å (computed according to the determined density),
with α = β = 90° and γ = 120°. This deformation was applied
during 5 ns of NVT simulation. During the following 5 ns,
the z dimension was expanded to 30 Å to create a slab with
approximately 20 Å of vacuum space between periodic
images. The molten Si slab was equilibrated for 225 ns and
then rapidly quenched to 300 K over 310 ps (−10 K ps−1) to
produce an amorphous silicon slab. The a-Si slab was then
equilibrated for an additional 225 ns, and after geometry
optimization at the DFT level (see section 2.1), the fully
relaxed atomic coordinates were used for Si/C interface

construction as described in section 2.4. All FFMD
simulations were performed with a time step of 1 fs under
PBCs in all directions. A second a-Si slab was generated
using the same protocol, with the melt equilibration
extended by 100 ns.

2.4 Interface construction, AIMD and NEB methodology

In sections 2.2 and 2.3, the preparation of a γ-GDY slab and
two a-Si slabs, each having dimensions x = y = 18.937 Å, α = β

= 90° and γ = 120°, was described. The slab thicknesses in
the z direction were 6.58 Å for γ-GDY, and 9.46 Å and 8.74 Å
for the first and second a-Si slabs, respectively. These two
subsystems were then combined to form the Si/C interface
models. By varying the initial separation, defined as the
difference in z coordinates between the closest Si atom and
the C layer, and performing subsequent geometry
optimizations, several interface configurations exhibiting
different numbers of Si–C bonds were obtained. Following
the same energy minimization protocol with decreasing step
size as detailed in section 2.2 for finding x and y, three low-
energy initial Si–C slab separations were identified for each
Si slab: 0.254 Å, 0.544 Å, and 2.251 Å for the first slab; and
0.636 Å, 0.842 Å, and 3.427 Å for the second. Note that these
are separations prior to relaxation. At each of these six
separations, one γ-GDY slab was joined with one of the two
a-Si slabs, resulting in six distinct 360-atom Si/C interface
models. This ensemble of models improves the statistical
robustness of our simulations and permits correlation of
physical properties with interfacial separation.

After full relaxation of the atomic coordinates, four Li
atoms were placed in the interfacial γ-GDY layer at the
maximum possible Li–Li separation of 9.47 Å to minimize
electrostatic interactions. The geometry was then
reoptimized. All DFT calculations involving four Li atoms
were performed with a total charge of +4 to represent an
ionic state. The relaxed atomic configurations of the single
γ-GDY layer, the γ-GDY slab, the two a-Si slabs, and the
six Si/C interface model systems with and without Li
atoms are given as SI92 (.xyz files). Additionally, the
preparation procedure described in sections 2.2 to 2.4 and
the relaxed Li/Si/C models are illustrated in Fig. S1 and
S2 of the SI, respectively.

Ab initio MD (AIMD) simulations of the relaxed Li/Si/C
systems were carried out in an NVT ensemble at 400 K.
Temperature was controlled with a Nosé–Hoover chain
thermostat, and a time step of 1 fs was used. The equilibration
protocol comprised three stages: (1) massive thermostatting for
1 ps with a time constant of 10 fs; (2) massive thermostatting
for 1 ps with a time constant of 100 fs; and (3) global
thermostatting for 1 ps with a time constant of 100 fs.

After equilibration, the four Li atoms were pulled
gradually from γ-GDY into a-Si one after another by applying
a harmonic restraint k·(z − zF)

2 on the z coordinate of Li.
Initially, zF was set to z0–0.5 Å, where z0 is the Li z coordinate
after equilibration. Every 500 fs, zF was reduced by an
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additional 0.5 Å, that is, zF = z0 − j·0.5 Å, with the step
number j. This caused the spring force Fz = 2k·(z − zF) to
increase progressively. The force constant k was chosen as
0.001Eh/a0

2 to ensure that Li velocities did not exceed the
maximum equilibrium values of approximately 0.0015a0Eh/ℏ.
Thermostatting during the pulling simulations followed the
same global scheme as in equilibration stage (3). With this
approach, migration of a single Li atom from C into Si took
between 6 ps and 25 ps.

Climbing image93 nudged elastic band94–97 (CI-NEB)
calculations were carried out for all Li diffusion pathways
identified in the AIMD trajectories. The initial and final
atomic configurations of each path were fully relaxed prior to
mapping the path with eight replicas. During the NEB
calculation, the atomic coordinates of the first and last
images were held fixed.

2.5 Analysis and visualization of ab initio data

For the analysis, mean square displacements (MSDs) and
diffusion coefficients D were calculated using TRAVIS.98,99 D was
determined from the MSD(τ) according to the following relation:

D ¼ 1
6
lim
τ→∞

d
dτ

MSD τð Þ ¼ 1
6
lim
τ→∞

d
dτ

ri⃑ tþ τð Þ − ri⃑ tð Þj j2� �
t;i: (1)

The MSD of the particle type of interest, in this case Li, in
an MD simulation is a function of the correlation time τ.
Denoting the position vector of particle i at time t by r→i(t) and at
time t + τ by r→i(t + τ), the MSD is obtained by averaging |r→i(t + τ)
− r→i(t)|

2 over all particles i and over all time origins t. D is then
given by the slope of MSD(τ) in the limit of large τ. In practice,
D is extracted by performing a linear regression of MSD(τ)
versus τ within the regime where the MSD grows linearly.

When a harmonic restraint is applied to Li, the motion of
the Li atom becomes anisotropic and is characterized by the
mobility μ instead of the diffusion coefficient D:

μ ¼ v
E
¼ q·v

F
¼ q· zi − zfð Þ=Δt

2k· z − zFð Þ : (2)

In this equation, v is the particle velocity, E is the
hypothetical electric field strength, q is the particle charge
(assumed to be +1 for Li), F is the spring force defined above,
zi and zf are the initial and final z coordinates of the particle,
and Δt is the observation time interval. For each 500 fs
interval, z is approximated by zi, which keeps F constant and
allows μ to be calculated. To obtain a single mobility value
for the simulation, μ is averaged over all such intervals.
Finally, diffusivity and mobility are connected by the
Einstein–Smoluchowski equation:

D ¼ μkBT
q

: (3)

Li coordination in MD trajectories is assessed using radial
distribution functions (RDFs), which are computed with
TRAVIS.98,99 An RDF gab expresses the probability of finding a

pair of particles – a reference particle (Li) and an observed
particle (C or Si) – separated by a distance r, relative to the
probability expected for a uniform distribution of the observed
particles. RDFs are defined by the following equation:

gab rð Þ ¼ V
NaNb

XNa

i¼1

XNb

j¼iþ1

δ r − ri⃑ tð Þ − r ⃑ j tð Þ
�� ��� �� �

t: (4)

In this equation, i and j label the reference and
observed particles, respectively, and Na and Nb are their
total numbers. The vectors r→i(t) and r→j(t) give the positions
of particles i and j at simulation time t, and V is the
volume of the simulation cell. The discretized δ function
is equal to 1/2w when the separation |r→i(t) − r→j(t)| falls
within the interval [r − w, r + w], where w is the bin
width; otherwise, it is zero.

Mulliken partial atomic charges100 were calculated using
the implementation in CP2K. Structural models were
visualized with VMD.101

3 Results and discussion
3.1 Li mobility, diffusion mechanism and migration barriers

To investigate Li diffusion at the interfaces between γ-GDY
and a-Si, we performed AIMD simulations following the
protocol outlined in section 2.4 and depicted in Fig. 1(a).
Throughout the MD trajectories, the Li/Si/C model systems
remained structurally stable: the atomic configurations of
both the carbon and silicon slabs showed no significant
changes, and the Si–C interfacial distance remained
essentially constant. The Li diffusion coefficients DLi at 400 K
were calculated from MSDs (eqn (1)) for free diffusion within
the bulk materials, and from eqn (2) and (3) for Li pulled
across the interface by a harmonic restraint. The
corresponding results are presented in Fig. 1(b).

Li diffusivities in bulk γ-GDY range from 0 to 0.768 Å2

ps−1, with a median of 0.173 Å2 ps−1. In bulk a-Si the median
DLi is 0.004 Å2 ps−1, with individual values between 0 and
0.429 Å2 ps−1. The diffusion coefficients from Li mobilities
across the interface range from 0.013 to 0.381 Å2 ps−1, with a
median of 0.065 Å2 ps−1. The average Li diffusivity values are
0.186, 0.027, and 0.083 Å2 ps−1, respectively, and are therefore
slightly higher than the corresponding medians, indicating
right-skewed distributions. In bulk γ-GDY the standard
deviation is 0.160 Å2 ps−1, which is more than twice the
values of 0.071 and 0.076 Å2 ps−1 in bulk a-Si and across the
interface, respectively.

Although Li diffusion coefficients in all three regions
range from very small values – even zero in the bulk
materials – to comparatively high outliers, the distribution of
values shows greater variation in bulk γ-GDY, indicating more
heterogeneous Li mobility in this material. Overall, the
median Li diffusivity in bulk γ-GDY is one to two orders of
magnitude higher than in bulk a-Si, which shows that there
is a significant drop in DLi when a Li atom diffuses from
carbon into silicon in a Si/C composite anode material. The
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Li mobility across the interface is intermediate between the
two bulk regions, demonstrating that the interface does not
impede Li migration and that the bulk Si component
ultimately governs the overall Li diffusion kinetics.

To validate our results, we compare the computed Li
diffusivities, ≈10−5 cm2 s−1 in bulk γ-GDY and ≈10−7 cm2

s−1 in bulk a-Si, with values reported in the literature. For
graphite, a common component of Si/C composite anode
materials, the experimentally measured in-plane diffusivity
is 4.4 × 10−6 cm2 s−1 (Persson et al.102), while a value of
≈10−7 cm2 s−1 is reported from simulations (Persson
et al.102). Our DLi in γ-GDY is therefore roughly one order of
magnitude larger, which is consistent with Li migration
barriers in γ-GDY being ≈0.1 eV lower than in graphite (see
below). In a-Si, the Li diffusion coefficient has been
measured as 5.1 × 10−12 cm2 s−1 (Ding et al.24) and
estimated from first principles as ≈10−12 cm2 s−1 (Tritsaris
et al.32). Note that Yan et al. further demonstrate that DLi in
computational studies of a-Si can span a very wide range
from 10−16 to 10−8 cm2 s−1,36 with our values again at least
one order of magnitude larger. In summary, although the
AIMD-derived diffusivities reported here may somewhat
overestimate more realistic experimental and KMC values,
most likely because of the limited timescales accessible to
AIMD and different measurement/simulation temperatures,

our simulations reproduce the substantial (several orders of
magnitude) decrease in DLi from carbon to silicon that is
observed in both experiment and modelling.

To further elucidate Li diffusion across γ-GDY/a-Si interfaces
at the atomistic level, we analyzed the diffusion mechanism in
our AIMD simulations. We found that Li migration from C into
Si proceeds by hopping between relatively stable, low-energy
positions. These hops can be grouped into six distinct pathways
constituting the following migration mechanism, illustrated for
one example Li atom in Fig. 2(a) and in Fig. S3 in the SI: (1)
between the upper and middle graphdiyne layers, (2) through
the middle graphdiyne layer, (3) between the middle and lower
graphdiyne layers, (4) across the Si/C interface, (5) from the
interface into a-Si, and (6) within a-Si. Hereafter, we refer to
these as migration paths (1) to (6), where paths (1) to (3) occur
within bulk C, path (4) spans the interface, and paths (5) and
(6) occur within bulk Si. Although each Li atom could in
principle traverse all six paths, some simulations omit certain
paths, particularly paths (1) and (6), depending on the initial
and final Li positions. In a few cases, there is an additional
stable Li site within a pathway, leading to two hops along the
same path during a simulation. Conversely, when no stable site
exists between two paths, they occur consecutively at the same
time. For all subsequent analyses, any merged paths are treated
as a single data point for each constituent pathway.

Fig. 1 (a) Schematic illustration of the AIMD simulation methodology described in section 2.4. One Li atom is pulled from γ-GDY into a-Si by
applying a spring force Fz, while the other three atoms move freely. (b) Diffusion coefficients DLi (in Å2 ps−1) at 400 K for Li atoms moving freely in
bulk C (black) and bulk Si (blue), determined from various AIMD simulations via the MSDs (eqn (1)), and for Li atoms pulled across the interface
(green), obtained using eqn (2) and (3). Median values are indicated by solid lines and labeled, and mean values are shown by dashed lines.

Fig. 2 (a) Exemplary illustration of the Li diffusion mechanism across the interface, showing six distinct migration pathways indicated by arrows
and color-coded. (b) Energy barriers for Li migration ΔEM (in eV) along diffusion paths (1) to (6) from NEB calculations. Data points for C → Si
migration are shown as ▽, and those for Si → C migration as △. Median values for C → Si are indicated by ↓ and labeled, and median values for Si
→ C are shown by ↑. (c) Li migration distances a (in Å) for paths (1) to (6) from NEB calculations. Median values are indicated by solid lines and
labeled, and mean values are shown by dashed lines.

RSC Applied Interfaces Paper

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 0

9 
O

ct
ob

er
 2

02
5.

 D
ow

nl
oa

de
d 

on
 2

/2
5/

20
26

 1
:1

4:
00

 P
M

. 
 T

hi
s 

ar
tic

le
 is

 li
ce

ns
ed

 u
nd

er
 a

 C
re

at
iv

e 
C

om
m

on
s 

A
ttr

ib
ut

io
n 

3.
0 

U
np

or
te

d 
L

ic
en

ce
.

View Article Online

http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/d5lf00225g


1868 | RSC Appl. Interfaces, 2025, 2, 1863–1876 © 2025 The Author(s). Published by the Royal Society of Chemistry

The Li hops observed in our AIMD simulations were
further examined using NEB calculations as described in
section 2.4. Each NEB calculation directly provides two
energy barriers for Li migration ΔEM (in C → Si and Si → C
directions), as well as a series of fully relaxed atomic
configurations along the path, which are given as SI92 (.xyz
files) together with the respective energy profiles (.txt files).
Additionally, the energy profiles are illustrated for one
example Li atom in Fig. S4 in the SI. From the initial and
final positions of the hopping Li atom, we extracted the
migration distance a. The energy barriers and migration
distances for all Li hops identified across the various AIMD
simulations are presented in Fig. 2(b) and (c).

In the C → Si direction, the minimum Li migration
barriers for paths (1) to (6) are all near zero, while the
maximum barriers increase significantly from 0.31 to 0.55,
0.85, 1.51, 1.91 and 1.88 eV, respectively. The median barriers
increase accordingly: 0.09, 0.17, 0.23, 0.36, 0.48 and 0.69 eV.
In the Si → C direction, the minimum barriers are zero for
paths (1) to (5) and 0.10 eV for path (6), with maximum
values of 0.09, 0.38, 0.38, 1.69, 1.69 and 1.68 eV, respectively.
The median values again increase sequentially from 0.03 to
0.04, 0.06, 0.08, 0.15 and 0.54 eV. The corresponding Li
hopping distances span 0.90–3.67 Å for path (1) (median ã =
1.95 Å), 1.57–6.29 Å for path (2) (ã = 2.72 Å), 2.08–6.92 Å for
path (3) (ã = 2.76 Å), 1.60–6.92 Å for path (4) (ã = 3.18 Å),
1.49–6.45 Å for path (5) (ã = 3.09 Å) and 1.27–4.94 Å for path
(6) (ã = 3.26 Å).

For comparison, Tritsaris et al. reported energy barriers
for Li migration in bulk a-Si ranging from 0.1 to 2.4 eV,
with an average of 0.58 eV.32 For graphdiyne, Sun et al.
calculated minimum barriers of 0.18 eV for in-plane
migration and 0.17 eV for out-of-plane diffusion.80

Compared with the corresponding values for path (6) in a-Si
and paths (1) and (2) in graphdiyne, these results indicate
that our slab models are sufficiently large to approximate
bulk diffusion. Furthermore, given reported migration
barriers of 0.28 to 0.30 eV for in-plane diffusion in
graphite,102 graphdiyne can be regarded as a reasonable
model system for Li migration in layered carbon materials.

To evaluate Li mobility based on the observed migration
barriers, the maximum values can safely be neglected, since
high-energy Li hops rarely occur according to the Boltzmann
factor exp(−ΔEM/kT). Although very-low-energy barriers were
observed for each path in our simulations, their actual
availability depends strongly on the local structural
environment of each Li atom. To assess the overall diffusivity
of an ensemble of Li atoms, it is therefore most useful to
discuss the median values of ΔEM. These median barriers
increase continuously in the C → Si direction, in agreement
with the results presented above for DLi, and reflect a
progressive immobilization of Li atoms as they migrate from
γ-GDY across the interface into a-Si. Conversely, the barriers
decrease continuously in the Si → C direction. It is
noteworthy that for each path the ΔEM values are asymmetric
between the two directions, indicating that Li atoms on

average have higher potential energies in the final
configurations than in the initial ones. This means that
migration from C into Si is thermodynamically endothermic.
From the median barriers, the overall energy gain of a Li
atom between paths (1) and (6) is roughly 1.12 eV. This
asymmetry is largest for paths (4) and (5), which together
account for 0.61 eV, indicating that the endothermic step
mainly occurs at the interface when Li atoms leave one
material and enter the other.

Regarding Li hopping distances, these increase steadily
from paths (1) to (4) and then remain relatively constant for
paths (5) and (6). Therefore, the increase in migration
barriers can be attributed primarily to the longer hop
distances for the first four paths (see section 3.4), which
describe bulk graphdiyne migration and interfacial
migration. In contrast, bulk a-Si migration involves
additional structural effects that further increase the energy
barriers. These effects are discussed in the following
sections. Overall, Li migration in bulk γ-GDY (paths (1) to
(3)) consists of hops with median barriers of approximately
0.1–0.2 eV and distances of 1.9–2.8 Å, followed by migration
across the interface (path (4)) with barriers around 0.4 eV
and distances around 3.2 Å, and finally by migration in
bulk a-Si (paths (5) and (6)) with barriers of 0.5–0.7 eV and
distances of 3.1–3.3 Å. The barriers in the reverse migration
direction are 0.1–0.3 eV lower.

In summary, in bulk graphdiyne, Li diffusivity is high
because migration barriers are low and hopping distances
are relatively short. In contrast, in bulk amorphous silicon,
migration barriers are high and hopping distances are
longer, yielding Li diffusion coefficients that are one to two
orders of magnitude lower than in the carbon component. Li
migration from C into Si is endothermic and proceeds via a
six-step diffusion mechanism in our systems. Li mobilities
are intermediate between those of the two bulk materials,
reflecting a continuous increase in migration barriers in the
C → Si diffusion direction and indicating progressive Li
immobilization. Migration across the Si/C interface itself
involves relatively long hopping distances but only moderate
energy barriers, so it is not the rate-limiting step for overall
diffusion. From the macroscopic perspective of a Si/C
composite anode material, and assuming that results for
γ-GDY can be transferred to other layered carbons, Li atoms
migrate relatively freely within the carbon component, while
the silicon component governs the overall diffusion kinetics.
Because the interface does not constitute a diffusion
bottleneck, its nature does not need to be specifically
targeted in material design.

3.2 Local structural environment of Li

To further relate Li diffusion at γ-GDY/a-Si interfaces to
structural properties, we analyzed the local bonding
environment of Li by calculating Li–C and Li–Si RDFs from
our MD simulations using eqn (4). The first maximum of
each RDF r[1]Li–X corresponds to the most frequent Li–X
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separation observed in the trajectory and can therefore be
interpreted as the bond distance. The values of these first
maxima for Li atoms diffusing freely in bulk C and in bulk Si
are presented in Fig. 3(b) for all of our AIMD simulations.

Li–C distances range from 2.35 to 2.58 Å, with both the
median and the mean at 2.44 Å and a standard deviation of
0.05 Å. Li–Si distances span 2.48 to 3.32 Å, with a median of
2.68 Å. The mean value of 2.76 Å reflects a right-skewed
distribution caused by a few outliers at larger separations,
consistent with a larger standard deviation of 0.21 Å. These
outliers arise from Li atoms that migrated to the lower
vacuum surface of the Si slab and are only weakly bonded
there, which also leads to the higher DLi values observed in
Fig. 1(b). Such atoms are not truly bonded in bulk Si and
should be excluded from discussion, as they are artifacts of
our model system setup.

Considering the minimum values of 2.35 Å for Li–C
and 2.48 Å for Li–Si, alongside the medians of 2.44 Å
and 2.68 Å, respectively, and noting that the covalent
radius of sp2/sp-hybridized carbon (0.73/0.69 Å (ref. 103))
is roughly 0.4 Å smaller than that of silicon (1.11 Å (ref.
103)), it is evident that Li–Si bonds are effectively about

0.2 Å shorter than Li–C bonds in our systems. This
difference could imply either a stronger, more covalent
Li–Si interaction or that Li is more “squeezed” into a-Si
than into γ-GDY. The results presented in section 3.1,
showing that Li positions in Si are energetically less
favorable than in C, support the latter interpretation.
Thus, Li is likely accommodated without strain between
the graphdiyne layers, whereas the a-Si lattice must be
deformed more to host Li atoms, resulting in energetically
less favorable, shorter Li–Si distances.

Thus far we have discussed the local environment of Li
based on RDFs – that is, statistical results from our complete
AIMD trajectories. Because Li hops are rare events in these
trajectories, changes in the local structure during those hops
are not captured by the RDFs. To analyze these events in
more detail, we used the fully relaxed atomic configurations
from our NEB calculations of Li migration pathways to
determine the closest Li–C and Li–Si distances rmin

Li–X in the
initial, transition state (TS), and final structures of each hop,
assuming that these distances influence other relevant
properties such as migration barriers. The extracted
minimum Li–X distances are shown in Fig. 4(b).

Fig. 3 (a) Schematic illustration of the AIMD simulation methodology described in section 2.4. One Li atom is pulled from γ-GDY into a-Si by
applying a spring force Fz, while the other three atoms move freely. (b) Li coordination, given by the position of the first peaks of the Li–C and Li–Si
RDFs r[1]Li–X (in Å) at 400 K, for Li atoms moving freely in bulk C (black) and bulk Si (blue). RDFs were determined from various AIMD simulations via
eqn (4). Median values are indicated by solid lines and labeled, and mean values are shown by dashed lines. (c) Median Mulliken charges of Li q̃Li

(in units of e) at 400 K for Li atoms moving freely in bulk C (black) and bulk Si (blue), and for Li atoms pulled across the interface (green). Values
were obtained from various AIMD simulations. Median values are indicated by solid lines and labeled, and mean values are shown by dashed lines.

Fig. 4 (a) Exemplary illustration of the Li diffusion mechanism across the interface, showing six distinct migration pathways indicated by arrows and
color-coded. (b) Li coordination, expressed as the minimum Li–C and Li–Si distances rmin

Li–X (in Å) along diffusion paths (1) to (6) from NEB calculations. Data
points for the initial and final atomic configurations are shown as ▷ and ◁, respectively, and those for the transition state configurations are shown as ◇.
Median values for the transition state are indicated by and labeled, and median values for the initial and final configurations are shown by ,
respectively. (c) Mulliken charges of Li qLi (in units of e) along diffusion paths (1) to (6) from NEB calculations. The symbols and median-value indicators
are the same as in panel (b).
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The median values of the closest Li–C and Li–Si distances
along each migration path, using the notation initial
structure → TS → final structure, are as follows: path (1),
2.32 → 2.31 → 2.31 Å; path (2), 2.33 → 2.30 → 2.33 Å; path
(3), 2.32 → 2.30 → 2.32 Å; path (4), 2.32 → 2.27 → 2.28 Å;
path (5), 2.32 → 2.44 → 2.50 Å; and path (6), 2.56 → 2.32 →

2.42 Å. Fig. S5 in the SI presents separate analyses for Li–C
and Li–Si distances, showing that the minimum Li–X
distance corresponds to a Li–C distance from the initial
structure of path (1) through that of path (5), and to a Li–Si
distance from the TS structure of path (5) onward.

For paths (1) to (4), corresponding to Li migration in
bulk C and across the interface, all minimum distances
are Li–C distances of about 2.3 Å and vary very little
along each path. This indicates that Li hopping is not
associated with unusually small interatomic distances at
the TS, but instead proceeds readily between the
graphdiyne layers without straining them. For path (5),
the minimum Li–X distance is Li–C in the initial structure
but becomes Li–Si in both the TS and the final structure.
Given the 0.4 Å difference in covalent radii between C
and Si, two points emerge: (i) the Li–X distances in the
TS and final structure are effectively 0.2 to 0.3 Å shorter
than in the initial structure, consistent with Li being
“squeezed” into the a-Si lattice as seen in the RDF results;
and (ii) the Li–Si distance is even slightly shorter in the
TS than in the final structure, indicating that the lattice
is strained more during migration between stable sites.
The same effect is observed for path (6), where the Li–Si
distance in the TS is 0.1 to 0.2 Å smaller than at the
stable Li sites. When comparing the TS interatomic
distances of paths (1) to (4) with those of paths (5) and
(6), and correcting for the difference in covalent radii of
Si and C, it becomes clear that in Si-dominated transition
states the atoms are effectively about 0.3 to 0.4 Å closer
than in C-dominated ones. This demonstrates that Li
atoms must squeeze through the a-Si lattice not only
relative to the stable sites, but also in comparison with
migration through graphdiyne.

In summary, our results show that the carbon layers of
γ-GDY accommodate Li atoms without significant strain,
characterizing it as an intercalation compound comparable
to graphite. Li–C interactions are generally weaker, as
reflected by effectively longer Li–C distances that remain
essentially unchanged during facile Li migration between
the layers, indicating that the carbon lattice has little
effect on the transition state energy. In bulk a-Si, Li
insertion causes substantial deformation of the silicon
lattice, leading to stronger Li–Si interactions and overall
shorter Li–Si distances, considering the larger atomic size
of Si. At the transition state during Li migration, Li–Si
distances become even shorter than in the stable Li sites,
indicating increased lattice strain and a pronounced
influence of the Si environment on the transition state
energy, which is discussed further in section 3.4. Li
migration across the Si/C interface is governed by the

same weak Li–C interactions with the local structural
environment as in bulk graphdiyne, consistent with the
moderate interfacial migration barriers.

3.3 Li charge dynamics

As a final physical quantity to characterize Li diffusion at
γ-GDY/a-Si interfaces, we focused on the Li partial atomic
charges. We calculated Mulliken charges along our AIMD
trajectories using CP2K. While Mulliken charges are not real
physical observables and should not be interpreted as rigorous
charge states of atoms, they do give a complementary
perspective on the chemistry of Li–C and Li–Si bonds. Note that
the physical trends discussed hereafter are also observed
qualitatively for other calculation methods for partial atomic
charges that we have tested. In Fig. 3(c), the median Li charge
from each trajectory q̃Li is shown, distinguishing Li atoms
diffusing freely in bulk C, those diffusing in bulk Si, and those
moving across the interface. The median Li charges in bulk C
range from +0.44 e to +0.54 e, with a median of +0.53 e, an
average of +0.52 e, and a standard deviation of 0.02 e. In bulk
Si, they range from +0.06 e to +0.73 e, with a median of +0.31 e,
a mean of +0.35 e, and a standard deviation of 0.14 e. For Li
atoms pulled across the interface, the charge values span +0.22
e to +0.51 e, with a median of +0.40 e, an average of +0.39 e,
and a standard deviation of 0.07 e. As noted in section 3.2 for
the Li–Si distances in Fig. 3(b), the very positive Li charges are
outliers caused by loosely bound Li atoms at the vacuum
surface of a-Si; these can be excluded from further discussion.

Observing the trends in q̃Li, Li Mulliken charges decrease
by about 0.2 e when diffusing from C into Si. This aligns with
the results from section 3.2, and can be interpreted as
stronger Li–Si interaction compared to Li–C. In addition to Li
being more “squeezed” into the a-Si lattice than between
graphdiyne layers, this can also be understood through
electronegativity: Si is less electronegative than C, so the Li–Si
bond is less polarized and Li less positively charged.
Moreover, Li charges in bulk C are much more narrowly
distributed than in bulk Si. This agrees with the Li–C and Li–
Si distance data in Fig. 3(b), indicating that γ-GDY provides a
structurally more homogeneous environment for Li than a-Si
does. In contrast, Fig. 1(b) shows that Li diffusivities in γ-GDY
are more heterogeneous, reflecting the combination of
generally significantly lower migration barriers in that
material and the limited time scale of the AIMD simulations.

To atomistically resolve Li charge dynamics during
migration from C into Si, we computed Mulliken charges
for the initial, transition state (TS), and final structures of
all Li hops studied with NEB calculations. Fig. 4(c)
presents the results for qLi along diffusion paths (1) to
(6). Using the notation initial structure → TS → final
structure, the median Li charges (in e) are as follows:
path (1), +0.53 → +0.53 → +0.50; path (2), +0.50 → +0.51
→ +0.49; path (3), +0.48 → +0.50 → +0.48; path (4), +0.48
→ +0.48 → +0.42; path (5), +0.41 → +0.29 → +0.30; and
path (6), +0.33 → +0.25 → +0.29.
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The trends in these values closely resemble those observed
for the shortest Li–X distances, see Fig. 4(b). This
underscores the clear link between these two quantities,
which we examine further in section 3.4. For migration in
bulk C, i.e. along paths (1) to (3), Li charges remain near +0.5
e, indicating little change in the weak Li–C interactions
between stable sites and the TS. Along path (4), a first modest
charge drop of about 0.05 e occurs between the TS and the
final structure, even though Li–C interactions still dominate
rather than Li–Si as discussed in section 3.2. Migration
across the interface thus accounts for roughly one quarter of
the total ≈0.2 e charge decrease seen between C and Si in
both AIMD and NEB results. Along path (5), the second and
largest charge drop of about 0.1 e takes place between the
initial structure and the TS, reflecting the shift from
primarily Li–C to primarily Li–Si interactions. Along path (6),
the TS Li charge is about 0.05 e lower than at the stable sites,
consistent with the shorter Li–Si distances in the TS. Overall,
these observations confirm the two effects described in
section 3.2: (i) Li charges are generally less positive in a-Si
than in γ-GDY, corresponding to stronger Li–Si interactions,
and (ii) only in bulk Si does the TS exhibit a smaller Li charge
than the stable sites, a consequence of greater lattice
deformation during migration.

In summary, Li charges in bulk graphdiyne are more
homogeneous and generally more positive, showing minimal
variation during migration. In contrast, Li charges in bulk
a-Si are more heterogeneous and less positive, which reflects
both the electronegativity concept and greater deformation of
the Si lattice, and these charges decrease even further in the
highly strained transition state during migration. The

decrease in Li charge observed when migrating from C into
Si proceeds in two steps. The first one involves a modest
reduction as Li hops across the interface, and the second one
involves a larger decrease as it diffuses from the interface
into the a-Si lattice.

3.4 Structure–property relationships

So far, we have separately discussed several physical
quantities that characterize Li diffusion at the γ-GDY/a-Si
interfaces in sections 3.1 to 3.3, but we have only suggested
the links between them. We analyzed all these properties
for correlations. In this section, we present the correlations
we found and establish several structure–property
relationships for Li mobility in these systems. First, in
Fig. 5, the energy barriers for Li migration ΔEM, averaged
over both directions for each hop, are plotted against the
migration distances a. It is evident that for paths (1)
through (6) – that is, for diffusion in the bulk materials as
well as across the interface – the migration barrier is
positively correlated with the hopping distance. Thus, the
longer a Li atom must migrate between two stable sites, the
higher the energy barrier tends to be, regardless of the
component of the Si/C composite anode material.

Next, the Li migration barriers ΔEM are plotted against the
minimum Li–Si distances in the transition state rmin

Li–Si,TS for
paths (3) to (6) in Fig. 6(a), and against the Li charges in the
transition state qLi,TS for paths (5) and (6) in Fig. 6(b). For
migration in bulk a-Si, corresponding to paths (5) and (6),
the energy barrier is negatively correlated with both the
minimum Li–Si distance and the Li charge in the TS. In other

Fig. 5 Li migration barriers ΔEM (in eV), averaged over both C → Si and Si → C directions, plotted against Li hopping distances a (in Å) for (a) path
(1), (b) path (2), (c) path (3), (d) path (4), (e) path (5), and (f) path (6).
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words, when the TS is dominated by Li–Si interactions, as
discussed in section 3.2, shorter interatomic distances and
lower positive charge on Li both make the hop less
energetically favourable. This trend could be explained by
lattice deformation: the more the Li atom must “squeeze”
through the Si network to pass the TS between two stable
sites, the greater the strain imposed on the lattice.

To examine whether Li–Si distance and Li charge are
correlated, q̃Li in bulk a-Si from the AIMD simulations is
plotted against the corresponding r[1]Li–Si in Fig. 7(a), and qLi in
the transition state is plotted against the respective rmin

Li–Si for
paths (3) to (6) in Fig. 7(b). Both plots show a positive
correlation between the two quantities for stable Li sites
(AIMD) and TS (NEB): the closer Li and Si atoms are, the less
positive becomes the Li charge. Although correlation does
not imply causation, the consistency of these results suggests
that there is an actual causal relationship between these two
properties, and that their influence on the migration barriers
discussed above reflects the same underlying effect. We
therefore conclude that shorter Li–Si distances lead to less

positive Li charges, and in the TS this implies higher
migration barriers because of increased lattice strain.

Finally, the minimum Li–Si distances in the TS rmin
Li–Si,TS are

plotted against the Li hopping distances a for paths (4) to (6) in
Fig. 8. These plots reveal an additional correlation for Li
migration both across the interface and within bulk a-Si: as the
hopping distance increases, the minimum Li–Si distance in the
TS tends to decrease. Because both of these effects were shown
above to lead to higher migration barriers, it is reasonable to
assume a causal link between them. Although this relationship
is not immediately obvious, we suggest a probabilistic
interpretation: the farther a Li atom must migrate between two
stable sites in the a-Si network, the more likely it is to pass very
close to a Si atom, which then defines the TS.

To summarize, we have identified several structure–
property relationships governing Li mobility in our
graphdiyne/a-Si interface model systems. First, migration
barriers increase with hopping distance in every component
of our systems: longer hops cause higher energy barriers.
Second, in bulk a-Si, and to a lesser extent across the

Fig. 6 Li migration barriers ΔEM (in eV), averaged over both C → Si and Si → C directions, plotted in (a) against the minimum Li–Si distances in the
transition state rmin

Li–Si,TS (in Å) for paths (3) to (6), and in (b) against the Li Mulliken charges in the transition state qLi,TS (in units of e) for paths (5) and
(6).

Fig. 7 (a) Median Li Mulliken charges q̃Li (in units of e) for Li atoms moving freely in bulk Si at 400 K, plotted against the position of the first peaks
of the Li–Si RDFs r[1]Li–Si (in Å). (b) Li Mulliken charges in the transition state qLi,TS (in units of e), plotted against the minimum Li–Si distances in the
transition state rmin

Li–Si,TS (in Å) for paths (3) to (6).
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interface, longer hopping distances lead to smaller Li–Si
separations in the transition state accompanied by a lower
positive charge on Li, which further raises the migration
barrier. We attribute these trends to variations in lattice
strain imposed by the migrating Li atom on the a-Si network.

Conclusions

We have thoroughly investigated Li diffusion in Si/C
composite anodes, represented by a suitable model system
based on amorphous silicon and the carbon allotrope
γ-graphdiyne. By combining ab initio molecular dynamics
simulations with nudged elastic band calculations, we have
characterized Li mobility and examined structure–property
relationships with the local chemical environment and
charge state of Li atoms. In the γ-GDY component, Li
diffusivity is high due to generally low migration barriers. Li
atoms intercalate between carbon layers without inducing
significant strain, as reflected by more positive Li charges.
During facile migration, the weak Li–C interactions change
only minimally, so the carbon layers have little effect on the
transition state energy. In contrast, the penetration of Li into
the amorphous Si phase induces substantial lattice strain,
accompanied by less positive Li charges. This stronger Li–Si
interaction becomes even more pronounced in the highly
strained transition state during an elementary Li migration
step, where it determines the transition state energy. This
results in high migration barriers and Li diffusion
coefficients that are one to two orders of magnitude lower
than those in the carbon component.

For Li migration from carbon into silicon, the Li mobility
is reduced compared to the carbon phase, reflecting
progressively higher energy barriers and increasing Li
immobilization. During this process, the Li charge decreases
in two steps: (i) while hopping across the interface, and (ii)
during migration from the interface into the a-Si. Li hopping
across the interface itself is governed by weak Li–C
interactions in the transition state, and thus, exhibits only
moderate energy barriers and does not limit the overall
diffusion rate. Assuming that γ-GDY is a suitable model
system for other layered carbons such as graphite, Li
diffusion in Si/C composite anode materials remains

relatively unhindered within the carbon material. The
carbon–silicon interface does not constitute a diffusion
bottleneck, so composite particle design does not need to
focus specifically on its nature. Instead, because the silicon
material governs the diffusion kinetics of the composite,
nanostructural design should aim to minimize diffusion
distances within bulk a-Si – for example, by reducing Si
particle size in at least one dimension. This suggests the
synthesis of Si/C anode materials with Si nanoparticles,
nanowires or nanofilms.

We plan to extend the time and length scales accessible to
materials modelling of Si/C composite anodes by employing
machine-learned force fields, kinetic Monte Carlo
simulations, and, ultimately, continuum modelling. Our goal
is to develop multiscale models that provide a realistic
description of Li diffusion kinetics in these materials under
battery operating conditions. A key step in this direction is to
incorporate the effects of further Li insertion, together with
the associated volume expansion and mechanical stress, on
Li diffusion, since the present study focused on the very
initial phase of lithiation with only isolated Li atoms in a-Si.
Moreover, to move beyond the limited AIMD time and length
scales will require accounting for spatial and temporal
variability in kinetic properties, for example, by introducing
dispersion factors for their distributions in a-Si.

Conflicts of interest

There are no conflicts to declare.

Data availability

The data supporting this article have been included as part
of the supplementary information (SI). Data for this article,
including fully relaxed atomic configurations of the studied
systems and migration paths (.xyz files), as well as energy
profiles for the latter (.txt files) are available at Zenodo at
https://doi.org/10.5281/zenodo.16759836.

Supplementary information: additional figures of the
studied systems, migration paths, energy profiles, and
analyses of Li–C and Li–Si distances. See DOI: https://doi.org/
10.1039/d5lf00225g.

Fig. 8 Minimum Li–Si distances in the transition state rmin
Li–Si,TS (in Å), plotted against the Li hopping distances a (in Å) for (a) path (4), (b) path (5), and

(c) path (6).
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