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Local dynamics and failure of inhomogeneous
polymer networks†

Ziyu Ye,‡a Han Zhang ‡b and Robert A. Riggleman *b

Inhomogeneous crosslinked polymers are powerful platforms for materials design, because they can be

synthesized from materials that provide complimentary properties to the resulting gel. For example, a

membrane with both glassy and rubbery domains will be mechanically robust while enabling transport.

The dynamics, and mechanical and failure properties of rubbery/glassy conetworks are only beginning

to be studied, and there is likely to be strong heterogeneities in the dynamics and mechanical response.

In this study, we use coarse-grained molecular dynamics simulations to generate microphase separated

rubbery/glassy polymer networks with a bicontinuous morphology via in silico crosslinking. We study the

effect of phase boundary on the local mobility gradient, and our simulation results reveal an asymmetric

shift in the local mobility gradient across the interface that extends deeper into the phase with a lower

Tg when the system temperature is between the glass transition temperatures of the two phases.

Moreover, by employing a model that allows bond breaking, we examine the microscopic mechanism

for failure in these networks as a function of the molecular weight of polymer strands between

crosslinks and the number fraction of the glassy domain. Under uniaxial extension, we find that the

stress is initially larger in the glassy domain. As the deformation proceeds, the segmental dynamics of

the two phases homogenize, and subsequently bond breaking begins.

1 Introduction

Crosslinked polymer networks are important in diverse appli-
cations that range from membranes for selective transport to
biological scaffolds to the matrix used in 3D-printing.1–4 There
are numerous strategies to control the properties of polymer
networks; simple strategies include varying the crosslinking
density or the polymer strand length, and sophisticated strate-
gies include tuning the architecture of the polymers that
comprise the network,5–7 creating interpenetrating double
networks,8,9 or creating microphase separation in the network
that is locked in place by the crosslinking process.10 Networks
with microphase separation between rubbery and glassy poly-
mers are a promising class of materials that are similar to block
copolymers in which they can potentially create co-continuous
structures with complimentary properties.10,11 Much of the
recent progress in tuning the properties of networks has been
driven by advances in chemical synthesis, but a molecular
picture of the influence of the phase boundary on the local

dynamics and mechanical response of these emerging inho-
mogeneous networks is lacking.

Part of the challenge in predicting the properties of inho-
mogeneous networks with rubbery and glassy domains is that
the dynamics will be strongly inhomogeneous. Since the pure
polymer glass transition temperatures Tg can vary upwards of
100 K, one can expect many orders of magnitude difference
in the segmental dynamics. Recent measurements in block
copolymers have shown that Tg can vary by over 60 K and do
not follow a local version of the Fox equation,12 and experiments
in layered polymer films show perturbations in Tg in a glassy
polymer placed near a rubbery polymer over 100s of nm.13 These
findings further highlight the need to understand gradients in
mobility from a fundamental level, which remains an outstanding
challenge.14–19 Moreover, it is known that deformation imparts
changes to the segmental dynamics of a glass,20–22 which will
further complicate predicting and understanding the mechanical
response of inhomogeneous networks with glassy domains.

While molecular modeling has played an important role in
our understanding of the structure and properties of inhomoge-
neous polymeric materials such as block copolymers, modeling
approaches for realistic polymer networks, and inhomogeneous
polymer networks in particular, have only recently become
available.23–32 Part of the challenge lies in efficiently preparing
a simulated network with a realistic distribution of network
defects, such as loops and dangling ends, that play an essential
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role in the properties of polymer networks.24,25,33–35 Simulations
where the crosslinking process is explicitly simulated have been
employed to generate systems with more realistic defect compo-
sitions, showing good agreement with properties observed in
experiments.29,30,36,37

In this study, we have generated and studied the local
dynamics and the mechanical response of inhomogeneous
polymer networks containing rubbery and glassy domains. By
mimicking an experimental protocol to form co-continuous
networks,10 we are able to generate networks with a realistic
distribution of defects and domain sizes. In quiescent systems,
our simulation results reveal an asymmetric shift in the local
mobility gradient across the interface that extends deeper into
the phase with a lower Tg when the system temperature is
between the glass transition temperatures of the two phases.
We also examine the dynamic and mechanical responses until
failure of the samples as a function of the number fraction of
the high-Tg domain. We find that during material failure, the
stress initially concentrates in the glassy domains. As the strain
is increased, the segmental dynamics of the two phases become
nearly homogeneous near the point where bonds begin breaking.
Surprisingly, we find that the fraction of the number of broken
bonds in each phase is approximately the same as the overall
number fraction, and there is no observed tendency for failure to
occur in either the glassy or rubbery domains, at least under the
tensile deformations considered here.

2 Methods

Here we implement coarse-grained molecular dynamics simu-
lation in the LAMMPS package38,39 to generate phase separated,
end-linked polymer networks. The networks are constructed
using a bead-spring model in a simulation box with periodic
boundaries imposed in all directions. Our network formation
protocol closely follows that of our previous studies,29,30,35 and
the protocol approximately mimics an experimental system
where linear polymer strands with reactive end groups are
reacted with tetra-functional crosslinkers.10 While systems that
undergo phase separation during polymerization and/or cross-
linking will necessarily be more inhomogeneous, we do
not expect such differences to qualitatively affect our results.
We begin with a polymer melt of 2n identical linear polymer
chains with N = 5, 10 or 20 monomers per chain and n ‘‘cross-
linkers’’ that are chemically identical to the polymer mono-
mers. All non-bonded interactions are taken through the 12-6
Lennard-Jones (LJ) cut-and-shifted potential with parameters
eij, a unity s for all species, and a cutoff distance rcut = 2.5s.
Initially harmonic bonds with a unity equilibrium length of s
and force constant kbond = 2000(e/s2) are employed, and a time
step of dt = 0.002 in LJ units is employed for all simulations.

After equilibrating the melt, we perform molecular
dynamics simulations at T = 0.7 where we allow reactions to
occur between the chain ends and the crosslinkers. During a
crosslinking event, covalent bonds are formed any time reactive
species come within 1.1s of each other, and bond breaking is

not allowed. Polymer chain ends are only allowed to form one
new bond, and the crosslinkers are limited to a maximum of
four new bonds. Complete details of the extent of the reaction29

and defect concentrations40 present after network formation can
be found in our previous works. After forming the networks, we
select at random a fraction fg of our polymer chains and modify
the interactions to render them chemically dissimilar and create
a difference in their glass transition temperatures, Tg. We retain
the interactions of the high-Tg polymer to have eHH = 1.0, while
we reduce eLL = 0.3 and change eHL to 0.4. Thus the two species of
polymers are now distinguished as high-Tg and low-Tg polymers
with pure, bulk state properties TH

g = 0.46 and TL
g = 0.16,

respectively (see the ESI† for the determination of Tg). Micro-
phase separation is induced in the network system via changing
the cross-interaction energy scale eHL such that the high and low
Tg polymers are immiscible. During this step, the system tem-
perature Tsys is maintained above the glass transition tempera-
tures of both high and low Tg polymers. We also modify the
bonding interactions to use the breakable quartic potential30,41

so that bonds will break once upon stretching to have an energy
of approximately 70eHH. Finally, we allow the inhomogeneous
structure with the quartic potential to develop for 2000t before
cooling to the testing temperature.

The local dynamics of the network polymers are studied as a
function of four system temperatures at Tsys = [0.50, 0.45, 0.40,
0.30] for the symmetric blend system of fg = 0.50. During the
quenching step, the system is quenched from the system
formation temperature to the target temperature at a cooling
rate of G = 5 � 10�5. The mechanical response and dynamics
during deformation are analyzed at the temperature of Tsys =
0.30, which is approximately midway between the two glass
transition temperatures, TH

g = 0.46 and TL
g = 0.16. At Tsys = 0.30,

the microphase separated network system has a distinct glassy
and rubbery phase formed by the high and low Tg polymers.
Prior to deformation, the systems are aged for an additional
2000t at Tsys = 0.30.

Uniaxial tensile deformations are then performed to char-
acterize the fracture properties of the network samples where
the simulation box is expanded along the deformation axis a at
a constant true strain rate ( _e) while maintaining a constant
pressure along the other two dimensions. A true strain rate of
_e = 1 � 10�4 is used to deform the simulation box to a final
extension ratio l = [5.0,6.5,8.5] for the N = 5, 10, and 20
networks, respectively, to ensure a complete plane of bonds
are broken in the samples during fracture. Three fractions of
the glassy domain are considered for each chain length, fg =
[0.25,0.5,0.75] by number.

3 Results and discussion
3.1 Morphology and domain characterization

Images of our simulations prior to deformation at each fraction
of glassy polymers and each chain length are shown in Fig. 1a.
Images are rendered using the OVITO software.42 As expected
for an inhomogeneous crosslinked system, we observe finite-
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sized microdomains that are approximately static with time.
For the symmetric system (fg = 0.5), one expects a percolating,
cocontinuous network of both phases, while discrete domains
are observed for the asymmetric compositions. Next, we quan-
tify the domain spacing d of the fg = 0.5 systems as a function of
the linear chains’ molecular weight. From the structure factor
computed on the high-Tg domain of the network (Fig. 1b), q* is
determined from fitting the primary low-q peak to a Lorentzian
function

LðqÞ ¼ 1

p
0:5G

q� q�ð Þ2þð0:5GÞ2
; (1)

where the function is at a maximum when q = q*. The decrease
in q* indicates an increase in domain size as N increases. The
domain spacing in real space units, calculated as d = 2p/q*,
gives d = [7.8s, 10.6s, 15.8s] for N = [5, 10, 20], respectively. The
scaling dependence of the domain spacing on molecular weight
is fit to be approximately 0.51 (Fig. 1b, inset), which is con-
sistent with the prediction of d B N0.5 by de Gennes for a
polymer melt blend constrained by cross-linkers.43 This is
further consistent with experimental results in the systems
our network generation protocol approximates.10

3.2 Temperature dependence of local dynamics

We first explore the local dynamics of the microphase sepa-
rated structures by examining the polymer segmental dynamics
for the two polymer phases with different Tg and at varying
system temperatures. We quantify the segmental dynamics by
measuring the intermediate scattering function

Fsðq; tÞ ¼
sin½qdrðtÞ�
qdrðtÞ

� �
, where dr(t) is the displacement of a

monomer over time t, 2p/q corresponds approximately to the
length scale over which monomers must move to decorrelate
Fs(q,t), and the average is taken over time origins and

monomers. We chose q = 7.14s�1, which approximately corre-
sponds to the first primary peak in the static structure factor of
a homogeneous polymer glass. Because some of our system
temperatures are below the Tg of one of the domains, Fs(q,t)
does not fully decay in all cases, and so we estimate the effective
relaxation time by fitting the measured response to a Kohl-
rausch–Williams–Watts (KWW) stretched exponential and
taking the time where the fitted function decays to 0.2 as ta.
The unit of ta is given in Lennard-Jones (LJ) time units.

Looking at the system with the smallest domain spacing
(N = 5) at the lowest system temperature (Tsys = 0.30), the low-Tg

polymers are expected to form a rubbery phase and the high-Tg

polymers form a glassy phase as Tsys = 0.30 is well below TH
g but

above TL
g. However, at this system temperature, the segmental

dynamics behavior of the rubbery phase polymers resembles
what one would expect for a glassy material rather than a
rubbery one (Fig. 2, left). A typical rubbery material is expected
to have a rapidly decaying Fs(q,t) profile, which is consistent
with what is seen for the highest temperature Tsys = 0.50 system
that is above the Tg of both polymer phases across all domain
spacings. At Tsys = 0.30, the low-Tg polymers’ Fs(q,t) profiles all
exhibit a more glassy-like behavior as seen in the change of the
profile’s concavity and the emergence of a caging plateau. This
is most evident in the N = 5 system but also present in the N =
10 and 20 structures and indicates a reduction in the overall
mobility of the rubbery low-Tg phase when in the presence of
glassy neighbors. Comparing across the three structures with
different domain sizes (N = 5, 10, 20) at the same temperature
Tsys = 0.30, the glassy phase’s Fs(q,t) have approximately
the same profile for all domain spacing values. The glassy
phase remains mostly unaltered in its overall mobility by its
rubbery neighbors.

We then look at ta extracted from the intermediate scattering
functions for a quantitative measure of the polymer mobility in

Fig. 1 (a) Visualization of microphase separated networks at various chain lengths N and number fractions of the glassy domain fg. Images are rendered
using the OVITO software.42 (b) Structure factor of the phase separated domains calculated on the glassy phase for the symmetric blend fg = 0.5 formed
with linear chain length N = 5, 10, and 20 (blue, orange, green, respectively) at Tsys = 0.30. Arrows, colored respectively, point to q* for each of the
microphase separated networks. The inset shows the domain spacing as a function of N. The scaling relationship between the d-spacing and N is
indicated by the black line with a slope of 0.5.
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the glassy and rubbery phases. Fig. 3 reveals that the mobility
varies widely between the high and low Tg phases and across
structures with different domain spacing. As a function of system
temperature, ta monotonically decreases with increasing tempera-
ture for both high and low Tg polymers as expected. For all
network structures N = 5, 10, and 20, the high-Tg phase exhibits
an approximately Arrhenius scaling ta B eA/T with a fitted slope of
A = 2.7. The values of ta at each given temperature are approxi-
mately the same for structures with varying domain spacings. This
indicates that the presence of a low-Tg neighbor does not influ-
ence the overall mobility of the high-Tg phase. For the low-Tg

phase, the temperature dependence begins to deviate more from
an Arrhenius scaling with an increase in domain spacing or
molecular weight of the polymer chain leading to greater devia-
tion. The non-Arrhenius temperature dependence is described
using the Williams–Landel–Ferry (WLF) equation given by

log ta ¼ �
C1 T � T�ð Þ

C2 � T� � Tð Þ; (2)

where C1 and C2 are fitted parameters and T* is a constant

temperature taken as the glass transition temperature TL
g = 0.16

for the low-Tg phase. In the N = 5 samples, which have the
smallest domain spacing, the mobility of the low-Tg phase is
affected the most by its high-Tg neighbors, as expected, due to a
greater portion of low-Tg polymers having close proximity to high-
Tg neighbors. Having multiple close-by interfaces also serve to
further alter the local mobility in a microphase separated struc-
ture with irregular phase boundary geometry.

3.3 Influence of interface on mixed Tg phases

Given the dependence of mobility change on the domain
spacing of the structures, we explore the local dynamics in
greater detail by examining the segmental dynamics as a
function of the distance away from the high-low Tg interface.
In the symmetric blend (fg = 0.5), the domain spacing on both
sides of the interface is the same, and we expect similar domain
geometry for both high and low Tg phases due to the random
connectivity of the network structure prior to microphase
separation. Using the domain spacing d for each structure
sample formed from N = 5, 10, and 20 polymer strands, the
maximum distance away from the interface is taken as zmax =
0.5d. We categorize the polymer monomers by their pure state
Tg and group them by their distance z to the nearest monomer
with the other Tg, where z o 0.5d. At the highest system
temperature Tsys = 0.50, which is slightly above TH

g = 0.46 for
the high-Tg polymers, and Fs(q,t) at each position from the
interface z exhibits rapid decay in both phases, indicative of
rubbery behavior (Fig. 4, top row). For polymers in the high-Tg

phase closer to the interface, the local mobility is enhanced.
In a similar manner, polymers in the low-Tg phase near the
interface exhibit a reduced local mobility.

At the lowest system temperature Tsys = 0.30 shown in the
bottom row of Fig. 4, an asymmetric shift of the local mobility
profile is observed on either side of the interface. While
polymers in the high and low Tg phases experience increased
or decreased local mobility, respectively, as they approach the
interface, the magnitude of the shift in Fs(q,t) is unequal for the
two phases. In the low-Tg phase where polymers are expected to
be in the rubbery state, as the strands approach the interface,

Fig. 2 Self part of the intermediate scattering function for the symmetric blend (fg = 0.5) microphase separated systems in the undeformed state at
varying system temperatures (Tsys = 0.50, red; Tsys = 0.30, blue). The Fs(q,t) profile is shown for the high-Tg (open circle) and the low-Tg polymers (star) for
all molecular weights N = (5, 10, 20).

Fig. 3 The a-relaxation time ta as a function of the inverse system
temperature for the high and low Tg polymers (open circles, stars,
respectively) in the microphase separated symmetric blend (fg = 0.5)
structures. The high-Tg phase data are fitted to the Arrhenius function
(solid) and the low-Tg phase data are fitted to the WLF equation (dashed).
The three domain spacing sizes are indicated by the corresponding
molecular weight of the chains N = 5, 10, and 20 in blue, orange and
green, respectively.
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the shift in Fs(q,t) becomes increasing glassy-like with strong
stretching of the segmental relaxation. This shift is the stron-
gest in the N = 5 structure, which has the smallest domain
spacing and thus more interference from multiple nearby
interfaces.

The relaxation time of the segmental process ta extracted
from each layer away from the interface as a function of inverse
system temperature reveals that the high-Tg polymers follows
the same temperature dependence at all distances z (Fig. 5).
There is a small spread in ta across the layers at different
distances from the interface for all temperatures studied in the
high-Tg phase. Fittings to the Arrhenius scaling give activation
energies of 2.7 � 0.1, 2.7 � 0.1 and 2.6 � 0.1 when averaged
over all layers in z for the N = 5, 10, and 20 samples. For the low-
Tg phase polymers, there is significant variation in the spread
of ta among the layers from the interface. In the layer closest to
the high-low Tg interface, z = �0.5s, the temperature depen-
dence of ta approaches that of the high-Tg layers. A linear fit of

the z = �0.5s layer in the low-Tg phase gives slopes of 2.7, 2.4
and 2.1 for the N = 5, 10, and 20 structures, respectively. In the
N = 5 structure, the z = �0.5s layer approximates the slope
observed for the high-Tg phase in the same structure. The
mobility in the domains farther from the interface in the low-
Tg phase exhibits a weaker temperature dependence and high
mobility levels continue at all temperatures considered here.
Comparing the N = 10 plot in Fig. 5 with Figure S5 (ESI†), which
plots the extracted ta(T) values as a function of temperature for
the single component high-Tg network, the ta(T) values from
the single component high-Tg network are consistently higher
than both the high-Tg phase and low-Tg phases in the mixed Tg

network system. The values of the orange circle points in Fig. 5,
which represent those high-Tg polymers farthest from the
glassy–rubbery interface, are closest to the ta(T) values of the
single component high-Tg polymers. For the high-Tg phase
whose Tg is around 0.42, the ta(Tg) for the bulk system is
approximately 105.2 as depicted in Fig. S5 (ESI†).

Fig. 4 Local mobility, represented by the self-part of the intermediate scattering function, Fs(q,t), is shown for the symmetric blend (fg = 0.5) microphase
separated systems in the undeformed state for all molecular weights N = 5, 10, and 20. Fs(q,t) is plotted as a function of the distance z away from the
interface between high (positive z direction) and low Tg (negative z direction) domains. The color scheme indicates the distance |z| away from the
interface. The top row corresponds to the high system temperature (Tsys = 0.50) and the bottom row corresponds to the low system temperature (Tsys =
0.30). The Fs(q,t) profile is shown for the high-Tg (open circle) and the low-Tg polymers (star).

Fig. 5 The a-relaxation time (ta) as a function of the distance z away from the high-low Tg interface. For N = 5, 10, and 20, ta is plotted against the inverse
system temperature for the high and low Tg polymers (open circles, stars, respectively) in the microphase separated symmetric blend (fg = 0.5) structures.
Data points are colored according to the distance |z| away from the interface with more green being the closest and more orange the farthest to the
interface as in Fig. 4 above.
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Focusing on two system temperatures, we examine how the
local mobility gradient is affected by the high-low Tg interface
as Tsys decreases through the glass transition temperature of
the high-Tg phase, TH

g = 0.46. At the highest system temperature
Tsys = 0.50, as the mobility gradient crosses the interface from
the middle of the high-Tg phase to the low-Tg phase, a gradual
enhancement of local mobility is observed for both N = 5 and 20
structures (Fig. 6). When both high and low Tg phases are in the
rubbery state, the mobility gradient is approximately symmetric
about the interface. In this relatively high-temperature state,
the domain spacing does not impact the mobility gradient of
the structures as seen in the similar ta values extracted from the
same z-layer in both the N = 5 and 20 structures.

As the system is quenched below the glass transition tem-
perature of the high-Tg phase, the high-Tg phase becomes a
glassy material accompanied by a dramatic increase in the
segmental relaxation time while the low-Tg phase remains
rubbery. This reduction in local mobility is seen in the shift
of the high-Tg phase ta from the order of 101 to above 104 as the
system is quenched from Tsys = 0.50 to 0.30. At a large enough
distance from the glassy–rubbery interface in the N = 20 system,
the low-Tg phase local mobility approaches that of the bulk
rubbery material. The ta of the layer at z =�3.5s remains largely
unaffected by the appearance of the glassy neighbor as the
system is quenched to Tsys = 0.30 when compared with the same
layer at Tsys = 0.50. However, as the domain spacing shrinks, the
presence of glassy neighbors significantly impacts the local
mobility gradient in the rubbery phase. In the sample with the
smallest domain spacing (N = 5), ta extracted from all layers in
the rubbery phase is increased from the corresponding layers’
ta in the N = 20 structure. This further reduction in local
mobility due to the shrinking domain spacing is most evident
in the z = �2.5s layer, which is the layer farthest away from the
glassy–rubbery interface for the N = 5 sample. In contrast to the

large shift in the mobility gradient of the rubbery domain, the
glassy domain’s local mobility remains unaffected by the
variation in domain spacing; the ta values in the corresponding
layers of the N = 5 and N = 20 structures are nearly identical.
Overall, the local mobility gradient is asymmetric about the
glassy–rubbery interface with the rubbery phase experiencing a
much greater change in local mobility as a function of distance
away from the interface at Tsys = 0.30. Within approximately 2s
of the glassy–rubbery interface, the local mobility of the rubbery
phase approaches that of a glassy material as the estimated ta
approaches or exceeds 103.

3.4 Mechanical response

Having characterized the effect of the glassy–rubbery interface
on the local mobility of the microphase separated structure, we
now explore how the mechanical properties of the networks
depend on both the fraction of glassy domains and the length
of the polymer strands. The stress/strain response for each
system under tensile deformation at Tsys = 0.30 is shown in
Fig. 7a. For each system, there is an initial elastic response
where the stress increases rapidly with a modulus comparable
to a glassy polymer. After the glassy domains yield, there is a
prolonged strain period of plastic flow where the stress gradu-
ally increases before a pronounced strain hardening regime
begins. As fg increases, the stress during the plastic flow
increases, and the strain where strain hardening begins occurs
at smaller strains (see the ESI†). Interestingly, for a given fg the
plateau stress increases as the chain length decreases. As we
show below, this is due to the coupling of the dynamics
between the phases, where the mobility in the rubbery domain
is slower in the systems with shorter polymer strands.

Surprisingly, the fraction of chains that are broken in both
the rubbery and glassy domains is simply proportional to the
overall composition, and chain scission under tensile deforma-
tion does not occur preferentially in either phase in our
simulations. Fig. 7b shows a plot of the number of chains that
have undergone scission in each phase normalized by the total
number of broken chains at the end of the simulation. In all
cases and for all strains, the ratio of the fraction of broken
chains in the rubbery and glassy phase is simply determined by
the overall composition, and the values are tabulated in
Table 1. This trend holds across all N and fg, and the strain
where chains begin to fail increases with N and is largely
independent of fg. This observation aligns with our recent
findings, which suggests that the topological and geometric
factors predominantly determine the failure locations in end-
linked polymer networks.35

To directly compare the difference in mechanical response
of the two phases, we isolate the stress contribution from each
domain. The stress contributions of the rubbery/glassy
domains are calculated by aggregating stress on all rubbery/
glassy monomers in the deformed direction and normalized by
the volume fractions of the respective polymer type (details are
provided in the ESI†). As shown in Fig. 8, we see that the stress
response of the two phases is initially concentrated in the
glassy phase (see the ESI† for a zoomed in version showing

Fig. 6 Local mobility gradient of polymers at an average distance z away
from the high-low Tg interface in the microphase separated symmetric
blend (fg = 0.5) structures. Two structure samples with varying domain
spacing (N = 5,20; closed and open symbols) are shown for two system
temperatures at Tsys = 0.30 and 0.50 (blue and red, respectively). The high
and low Tg polymer phases are indicated by the circle and star, respec-
tively, with the dashed line indicating the position of the interface.
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the small-strain response). On approach to failure, the stress
becomes more homogeneous regardless of composition or
strand length. During the initial deformation process, strain e
o 0.2, the glassy phase exhibits a sharp upturn in its normal-
ized stress while the rubbery phase contribution to the stress
gradually increases for all molecular weights and blend ratios.
At larger strains where strain hardening sets in, we find that the
rate of stress increase is larger in the rubbery domain, and the
stresses in the two domains become essentially equal. We also

note that chain scission begins well before the stress max-
imum, where the material begins to fail.

3.5 Dynamic properties during deformation

Having characterized the stress distribution in the microphase
separated structure, we now explore how deformation affects
the segmental dynamics of the polymers in both the glassy and
rubbery phases. The effective relaxation times (teff) are esti-
mated in the quiescent state and are indicated as horizontal
lines in Fig. 9. For the glassy domain, our estimate of the teff is
insensitive to the matrix chain length, while the mobility in the
rubbery domain increases as the chain length increases.

Upon deformation, in all systems the mobility homogenizes up
to failure, though the homogenization process depends on the
strand length in the networks. In the glassy domains the mobility
is rapidly enhanced by a factor of 10, consistent with previous
simulations showing rapid changes in mobility in glasses during the
initial elastic response,44 and the mobility continues to speed up as
the deformation proceeds and is only weakly sensitive to the chain
length. In contrast, the mobility changes in the rubbery domain
depend on the chain length. For the networks with the shortest
strands, the rubbery phase exhibits a significantly enhanced mobi-
lity upon deformation, which slightly accelerates further as strain
increases. For the N = 10 systems, the enhancement compared to
the undeformed sample is reduced, and the mobility in the rubbery

Fig. 7 System stress and bond scission during fracture for microphase separated networks formed at number fractions of the glassy domain of fg = 0.25,
0.50, 0.75 and chain lengths of N = 5, 10, and 20 (blue, orange, and green, respectively). (a) The total system stress response of the samples during
uniaxial tensile deformation and fracture. (b) Fraction of newly broken glassy and rubbery (solid and dashed lines, respectively) chains as a function of
system strain during fracture. The curves begin in each case where the chains first begin to break.

Table 1 Fraction of cumulative polymer chains broken in each of the
glassy and rubbery domains (fb,glassy, fb,rubbery) during fracture for various
blend ratios fg and chain lengths N at Tsys = 0.30

fg N fb,glassy fb,rubbery

0.25 5 0.26 0.74
10 0.25 0.75
20 0.21 0.79

0.5 5 0.49 0.51
10 0.51 0.49
20 0.49 0.51

0.75 5 0.75 0.25
10 0.76 0.24
20 0.75 0.25
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domain is essentially independent of strain. In contrast to the N = 5
and 10 systems, the rubbery domains in the networks with the
longest strands (N = 20) slows upon deformation. This surprising
result is apparently due to the deformation leading to an increased
mixing of the two domains. To support this explanation, we have
calculated the radial distribution function between the rubbery and
glassy monomers gAB(r), and we take the value of the first peak of
gAB(r) as a measure of the extent of mixing of the domains (Fig. 9,
inset). The peak is significantly lower in the N = 20 system prior to
deformation and increases as the deformation proceeds, indicating
an increasing amount of contact between the rubbery and glassy
domains, which slows the rubbery monomers.

4 Conclusions

In this work, we have quantified the local mobility of micro-
phase separated inhomogeneous polymer networks containing

mixed high and low Tg phases as a function of distance to the
interface. We have also studied the failure of these networks as
a function of the network strand length and composition under
tensile deformation.

The morphology of the microphase separated structures visua-
lized in 3D confirms the bicontinuous nature of randomly end-
linked networks presumed by Tew and coworkers in their experi-
mental work.10 Quantifying the domain spacing d of the networks
post-phase separation gives the predicted scaling of d B N0.5 by de
Gennes.43 In the quiescent structures, the domain spacing of the
structures has negligible influence on the local mobility of the high-
Tg domain at all system temperatures. The temperature dependence
of the segmental relaxation time also follows the same Arrhenius
behavior for the high-Tg phase in all structures. In contrast, the low-
Tg phase exhibits a wide spread in the temperature dependence of
the segmental relaxation time with the overall mobility experiencing
a significant reduction as the system temperature is decreased.

Fig. 8 Stress contribution by each of the glassy and rubbery phases shown by the solid and dashed lines, respectively. The stress contribution by each of
the glassy and rubbery phases is normalized by the volume fraction of the respective polymer type to correct for the prefactor of 1/V that arises in the
virial contribution to the stress. Colored arrows mark the strains at which bond scission first occurs for each of the chain lengths.

Fig. 9 Segmental relaxation time of the polymer monomers (teff) as a function of strain for the microphase separated glassy (open circles) and rubbery
domains (stars) during uniaxial deformation for the symmetric blend fg = 0.50 at Tsys = 0.30 for N = 5, 10, and 20 (blue, orange, and green, respectively).
Horizontal black bars indicate teff values of the undeformed glassy (solid) and rubbery (dashed) domains, and colored arrows indicate the strains at which
bond scission first occurs for each of the chain lengths. The inset to the right panel is the intensity of the first peak of the radial distribution function
between the two domains for N = 5, 10, and 20 in blue, orange, and green, respectively.
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For a more detailed look at the local mobility gradient, we
have quantified the segmental relaxation time as a function of
distance z to the high-low Tg interface. Looking at the highest
and lowest system temperatures, the degree of confinement
(as measured by the typical domain size) has little to no effect
on the local segmental mobility of the high-Tg domain away
from the interface. In the low-Tg phase, however, the change in
the length scales of confinement strongly impacts the local
mobility away from the interface, especially in the lowest
temperature case where there are distinct glassy and rubbery
phases. The gradient in segmental dynamics across the inter-
face shows that systems with smaller microphase separated
domains exhibit a more spatially homogeneous mobility pro-
file. We observe that the perturbation of the local dynamics by
the glassy–rubbery interface extends further into the rubbery
domain. This is in contrast to observations from experimental
studies that probed the dynamic profiles in layered polymer
materials13,45 and in diblock copolymer systems12 with dissim-
ilar polymer–polymer interfaces. In the bilayered polymer
material with a flat, planar interface studied in the experi-
ments, the glassy phase experiences a more drastic change in
local mobility away from the glassy–rubbery interface.13,45

However, recent molecular simulation attempts measuring
the local mobility in stacked coarse-grained polymer films have
revealed diverse behaviors: fairly symmetric dynamic gradients
across the interface46 and more pronounced asymmetry into
the high-Tg phase.47 In our system, the bicontinuous morphology
of the randomly end-linked networks may locally confine the
rubbery phase within a rigid glassy matrix, especially when
combined with the small length scales of the domain spacing
that are on the order of 10 nm. This structural morphology
effectively surrounds a single phase with an interface in all
directions. The shift of the mobility gradient towards the rubbery
phase in the simulated structures may be due to the drastic
change in both the length scale of the microphase separated
domains and the geometry of the interface. We speculate that the
increase in Tg of the rubbery phase is similar to the significant
increase in Tg observed in polymers extremely confined in nano-
particle packings.48

During material failure, we find that the stress initially
concentrates in the glassy domains. As the deformation pro-
ceeds, bond scission begins when the segmental dynamics in
both domains are approximately commensurate with each
other. In the glassy domain, the dynamics significantly increase
upon deformation, consistent with prior experiments21,22,49

and simulations50–52 on homogeneous materials. In contrast,
due to the influence of the glassy domain on the dynamics of
the rubbery domain, the changes in the mobility in the rubbery
domain depend on the strand length. For the shortest strands
(N = 5), the glassy domain slows the mobility in the rubbery
domain, and as a result there is an acceleration in this domain
upon deformation. In contrast, the network formed with longer
strands (N = 20) has domains sufficiently large for the center to
exhibit a high mobility. Upon deformation in this system, the
dynamics in the rubbery domain actually slow down due to
increased mixing of the two domains. Presumably many of the

predictions of the simulations here could be tested experimen-
tally using fluorescence dye measurements,12,53–55 and the
domains could be isolated by designing dyes that are either
integrated into particular locations of the polymer strands or
which segregate to one of the two domains. Overall, our work
on using molecular dynamics to simulate randomly end-linked
polymer networks with irregular phase boundaries highlights
how structural morphology influences the local dynamics and
the mechanical response of model inhomogeneous materials.
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