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Oxygen grain-boundary diffusion in (La,Sr)FeO3−δ
perovskite-oxides probed by molecular-dynamics
simulations†

Alexander Bonkowski, a John A. Kilner b and Roger A. De Souza *a

Faster grain-boundary diffusion of oxygen has been observed experimentally in polycrystalline samples of

Fe-based perovskite oxides at low temperatures, but this behaviour is at present not well understood. In

our study, the influence of grain boundaries on oxygen diffusion is studied by means of classical atomistic

simulation techniques. Oxygen tracer diffusion coefficients are determined for monocrystalline and

polycrystalline simulation cells of orthorhombic La0.9Sr0.1FeO3−δ and cubic La0.6Sr0.4FeO3−δ by molecular-

dynamics simulations at temperatures in the range 1000 ≤ T/K ≤ 2000. In particular, the effects of

different oxygen nonstoichiometries δ and of equilibrium (as opposed to random) defect distributions were

examined. Our results indicate, that the disrupted structures of the grain boundaries hinder oxygen

diffusion; that Sr accumulation within grain-boundary regions does not produce faster diffusion; but that

faster grain-boundary diffusion is observed when δ is decreased substantially with a consequent decrease

in the rate of lattice diffusion.

1 Introduction

Among oxides with high electronic and high ionic conductivity,
perovskite-type oxides in the (La,Ba,Sr)(Fe,Co)O3−δ system
constitute many of the best performing materials currently
known.1–9 Oxide-ion conduction in these materials takes
place by oxygen vacancies migrating through the perovskite
lattice, and at elevated temperatures this process takes place
at moderately fast to astonishingly fast rates depending on
the composition. At lower temperatures, the rate of ion
conduction diminishes because there are fewer vacancies
(sample oxidation occurs) and because the vacancies are less
mobile (migration is thermally activated).

In addition to oxide ion transport within the perovskite
lattice, there is the possibility of transport along grain
boundaries. Indeed, for La0.6Sr0.4Fe0.8Co0.2O3−δ (LSCF6482)
faster grain-boundary diffusion of oxygen has been observed,
although only at lower temperatures (T < 775 K).10,11 At
higher temperature, lattice diffusion dominates, as generally
observed for (La,Ba,Sr)(Fe,Co)O3−δ compositions. The
observation of fast grain-boundary diffusion of oxygen raises
a number of questions. Since a general rule for oxides appears

to be that ions that are relatively mobile within the lattice are
slowed down by structural perturbations, such as grain
boundaries,12,13 is there something special about boundaries
in LSFC6482 materials that makes them buck this trend?
Does faster diffusion occur along the structural cores of the
grain boundaries, or does it occur in adjacent space charge
zones, in which oxygen vacancies are accumulated? Is the
vacancy accumulation linked to Sr accumulation?14,15 And
why is faster diffusion not observed at higher temperatures?

In this study, taking two (La,Sr)FeO3 (LSF) compositions as
model systems, we use Molecular Dynamics (MD) simulations to
study oxygen diffusion in polycrystalline perovskite materials as
a function of temperature. LSF represents the simplest of the
(La,Ba,Sr)(Fe,Co)O3−δ materials, since it contains only two A-site
cations (one necessarily being an aliovalent substituent) and one
B-site cation. There are several experimental studies of oxygen
diffusion in various LSF compositions,16–22 but simulation
studies so far have been restricted to static calculations of oxygen
vacancy migration barriers in the perovskite lattice.23–32 Long
range diffusion of oxygen in (heavily substituted) LSF materials
has not been simulated, and neither has the effect of grain
boundaries on the rate of oxygen diffusion been examined. In this
study, we compute using molecular-dynamics simulations
oxygen tracer diffusion coefficients both within the perovskite
lattice as well as within polycrystalline simulation cells. And
rather than studying high-symmetry boundaries that are
confined to a single plane, we consider curved, general
boundaries. The study is structured in the following way. The
simulation techniques and the analysis methods required for
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polycrystalline cells are described in Sec. 2. The results are
divided into three subsections: oxygen diffusion in LSF lattices
(3.1); compositional analysis of polycrystalline cells (3.2) and
oxygen diffusion in polycrystalline cells (3.3). A discussion of the
results is given in Sec. 4.

2 Methods
2.1 Force field

The interactions in our atomistic simulations are described
with a short-range potential of the Buckingham form and a
long-range coulombic term:

Vij rð Þ ¼ Aij exp − r
ρij

 !
− Cij

r6
þ VCoulomb

ij rð Þ (1)

Here, Aij, ρij and Cij are empirical parameters. The first term
represents Pauli repulsion; the second describes dispersion
(van der Waals interactions); and the third, VCoulomb

ij , is the
coulombic term. We employ a set of parameters derived by
Islam et al.23 for MD simulations of (La,Sr)MnO3. This rigid-
ion model has been shown to describe well oxide-ion
transport in (La,Sr)MnO3+δ.

33 We expand the model to
include Fe by using parameters derived for the same oxygen–
oxygen potential34 in a static study of the bulk properties of
LaFeO3.

24 The potential parameters are given in Table S1.†

2.2 MD simulations

All MD calculations were carried out in the LAMMPS (Large-
scale Atomic/Molecular Massively Parallel Simulator)
code,35,36 using the velocity Verlet algorithm,37 with periodic
boundary conditions, an isothermal–isobaric (NpT) ensemble
with a Nosé–Hoover thermostat and barostat38,39 (with
damping times of tp = 1 ps, tT = 0.1 ps) at p = 1013.25 mbar,
and a timestep of δt = 1 fs.

Bulk cells were created by a 15 × 10 × 15 expansion of the
orthorhombic Pnma unit cell and thus contained ca. 45 000
ions. For each composition (LSF10 and LSF40), two cells were
created by randomly replacing 10% and 40% of lanthanum
ions with strontium ions, respectively. Oxygen vacancies were
introduced, i.e. oxide ions were removed, until the total cell
charge was zero.

2.3 Polycrystal creation

Polycrystalline cells containing 2, 5, 10 or 20 grains were
constructed with the ATOMSK code.40 In each case, the grains
were created in a cubic simulation cell with cell dimensions
of 80 Å × 80 Å × 80 Å, and thus with ca. 40 000 ions. For ion
pairs at the boundaries separated by less than 1.5 Å, one ion
was removed at random to avoid instabilities during the
minimisation. Since this leads to A:B ≠ 1, cations at the grain
boundary were removed until the numbers of A- and B-site
ions were identical. Subsequently, strontium-containing cells
were obtained by replacing at random the appropriate
fraction of lanthanum ions with strontium ions. Oxide ions

were removed at random to achieve a charge-neutral
simulation cell.

In order to capture some of the variability of grain-
boundary structures, we used three different random seeds
(meaning differently oriented grain centres, grain volumes,
and Sr′La=v˙Ȯ configurations) to create cells containing 2, 5, 10
or 20 grains, resulting in a total of 12 cells for each
compound (LSF10 and LSF40). Representative simulation
cells are shown in Fig. 1, together with the average grain
volume V̄ (the cell volume being 512 nm3) and the average
grain diameters d̄, assuming spherical grains.

MD simulations of polycrystalline cells were limited to
T ≤ 2000 K, since some cells appeared to undergo melting at
higher temperatures. Polycrystalline cells were subject to
equilibration for 2.0 ns at 2000 K. In the production run, the
oxide ions' mean-squared displacement was monitored for
1.0 ns at 1200 ≤ T/K ≤ 2000.

2.4 MMC simulations

Since cation diffusion in perovskites is generally not
amenable to MD simulations,41,42 on account of the high
migration barriers and thus low ion jump rates, cations will
not achieve equilibrium distributions on the timescale of an

Fig. 1 (a)–(d) Example polycrystalline simulation cells generated and
used in this study. Different grains are indicated with different colours.
V̄ is the average grain volume; d̄ is the average grain diameter
(assuming spherical grains).
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MD simulation. For real samples, high-temperature anneals
for several hours at elevated temperatures lead to non-
uniform cation concentrations on account of cation
redistribution. In order to investigate the influence of
equilibrium cation distributions on oxygen transport in
polycrystalline cells, we used a Metropolis Monte Carlo43

(MMC) approach, as implemented in the LAMMPS code, to
swap (quasi)particles from both the cation (Sr′La and La×La)
and anion (O×

O and v˙Ȯ) sublattices to simulate the high
temperature sintering. NB: through our use of general grain
boundaries in three different simulation cells we are able to
use cells with a distribution of grain boundaries, which is a
better representation of a real system.44

In each MMC step two particles (ions or vacancies) were
swapped with each other and the energy was calculated. The
swaps were accepted according to the probability
P = exp[−ΔE/(kBT)], where ΔE = Eafter − Ebefore is the energy
difference before and after the swap. In static calculations,
La×La were swapped with Sr′La and, simultaneously, O×

O were
swapped with v˙Ȯ with 100 000 attempts each after which the
total energy was observed to be constant. A hybrid approach
(MMC + MD)45 was not employed because the swapping of
oxide ions and oxygen vacancies is then no longer possible
(owing to the difficulties in identifying oxygen vacancies in
MD simulations).

2.5 Compositional analysis

As a consequence of using polycrystalline cells of the type
shown in Fig. 1 in MD simulations, one is confronted with
two problems when trying to determine the compositions of
the grain-boundary and bulk phases:

1. The grain boundary is not confined to a single
geometric plane, which makes determining the composition
normal to the grain boundary difficult.

2. Vacancies, being the absence of ions, are difficult to
identify in MD simulations, on account of the ions'
vibrations.

One possibility46,47 is to consider grain boundaries at their
initial positions from the creation of the cell, rather than
after the MD simulation, but we found this method to be
unreliable, since ions at the boundaries relax substantially
within the MD equilibration (altering the nature and the
position of the interfaces). A superior possibility that has
been applied to metallic systems is to use structural identifier
methods, such as Common Neighbour Analysis (CNA)48–50 or
Polyhedral Template Matching (PTM),51 to differentiate
between bulk and grain-boundary regions.

Here we were forced, owing to the highly defective and
mobile oxide-ion sublattice to employ an indirect approach,
namely differentiating grain-boundary from bulk regions
based solely on the cations. Specifically, all anions were
removed from the initial simulation cell (for instance, in this
case: Fig. 1c). The cations (La, Sr, Fe) form a bcc sublattice,
and deviations from this bcc sublattice are thus identified as
grain-boundary regions. Here, we use the interval cutoff

variant51 of the CNA as implemented in the OVITO package,52

since it doesn't require manually specifying a cutoff value.
Results obtained from the other methods (not shown) were
reasonably similar. Fig. 2 shows the result for the cell shown
in Fig. 1(c). Based only on the cations, the average grain-
boundary fraction (number of grain-boundary cations divided
by total number of cations) was calculated. One would expect
that the data for LSF10 and LSF40 to be identical, since the
data were derived from the same initial polycrystalline cell,
but as shown in Fig. 3, there are slight differences. We
attribute the difference to the four-times-higher
concentration of both Sr′La and v˙Ȯ in LSF40, which leads to
stronger structural perturbations of the bcc cation sublattice
in the vicinity of the grain boundaries (in addition to the
perturbation from the grain boundaries themselves) and thus
to more cations being identified as belonging to this region.
We show this plot because the difference between LSF10 and
LSF40 indicates the limits of this analysis method.

After analysis of the cations' bcc sublattice, the anions can
be considered again. It is possible to use a nearest-neighbour
or cutoff criterion to assign the anions to bulk or grain-
boundary cations, but this approach is not self-consistent,
since some anions can be nearest neighbours (or can be
within a cutoff) of both grain boundary and bulk cations,
resulting in ambiguous assignment of labels. Therefore, our
criterion was to count anions as grain-boundary particles if
the majority of the five nearest-neighbouring cations is non-
crystalline, and as bulk particles otherwise.

Another difficulty concerns vacancy concentrations. As
noted above, while oxygen vacancies are considered as
swappable particles in MMC calculations, they are not
considered as particles in the MD simulations (in which a
vacancy means that an ion is missing). In order to still extract

Fig. 2 Polycrystalline cell with 10 grains (see Fig. 1c) after equilibration
at 1800 K. Shown are only the cations (i.e. La, Sr, and Fe). The colour
coding refers to the structure type identified by common-neighbour
analysis of the cation sub-lattice, as implemented in the OVITO
package.52 Blue ions are identified as residing in a bcc environment
(and hence are bulk ions), whereas red ions do not have a bbc
environment (and are therefore grain-boundary ions).
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oxygen-vacancy concentrations after MD simulations, the
oxygen-vacancy fraction was calculated indirectly. To do so,
the number of cations in the respective region was extracted
and from this Ncations, the number of oxygen sites Nanions was
obtained (3·Ncations = 2·Nanions). Subtracting the number of
anions actually found with the chemical analysis in the
respective region yields the number of vacancies (and thus
the vacancy fraction). Corrections were applied to account for
the non-planar structure of the grain boundaries by
calculating the anion-to-cation ratio in the ideal initial
structure (which deviates slightly from 2: 3 due to the way
anions are assigned), where the vacancy content is known
(LSF10: 1.66%; LSF40: 6.67%).

3 Results
3.1 LSF lattices

3.1.1 Lattice structure. Lanthanum ferrite exhibits the
orthorhombic Pnma perovskite structure at room temperature
and ambient pressure. With increasing temperature, phase
transitions occur, to rhombohedral R3̄c symmetry at
T = (1228 ± 9) K and then to cubic Pm3̄m symmetry at
T = (2140 ± 30) K.53 Upon substituting La with Sr, the
transition temperatures are lowered substantially, according
to both computational31 and experimental studies.53,54 In our
MD simulations of LSF10 and LSF40, the orthorhombic
structure transformed directly to the cubic phase. The
transition temperatures were overestimated in both cases,
although the trend towards lower transition temperatures
with increasing Sr content is reproduced (see Fig. 4).

Although the potentials are unable to reproduce the
rhombohedral phase, this is not critical, since experimental
data for oxygen diffusion refers to the temperature ranges for
orthorhombic LSF10 and cubic LSF40 (1000 ≤ T/K ≤ 1373),
i.e., phases that are reproduced in our simulations. In fact,
the overestimation of transition temperatures allows tracer
diffusion coefficients to be determined at elevated

temperatures, where jump statistics are much better,55 and
then to be extrapolated to lower temperatures.

3.1.2 Bulk oxygen diffusion. Oxygen tracer diffusion
coefficients D*O were obtained by monitoring the mean-
squared displacement of the oxide ions, 〈r2O〉, as a function of
time t (see Fig. S1†). If 〈r2O〉 evolves smoothly and linearly with
t, D*O can be obtained from the Einstein relation:

D*O ¼ 1
6

d r2O
� �
dt

� �
T
: (2)

The relative error in D*O was calculated from the expression
of Usler et al.55

In order to compare our results with literature data, we
calculated from a tracer diffusion coefficient D*O the oxygen-
vacancy diffusion coefficient Dv, since our MD simulations
were performed at constant oxygen deficiency, whereas
experiment refers to constant oxygen partial pressure, and
thus varying oxygen deficiency.

Dv ¼ D*O
f *

O×
O

� �
v˙Ȯ½ � (3)

The tracer correlation factor f* for diffusion of a dilute
solution of vacancies in a cubic perovskite is f* = 0.69,17 and
this value is used throughout this study even though the site
fractions of vacancies are far beyond the dilute limit and the
perovskite composition may deviate from cubic symmetry.

The oxygen-vacancy diffusivities obtained are plotted in
Fig. 5a and b for LSF10 and LSF40. Both compositions exhibit
a lower activation enthalpy of oxygen-vacancy migration for
the (high-temperature) cubic phase than for the (lower-
temperature) orthorhombic phase (see Table 1). Similar
behaviour was recently observed for oxygen tracer diffusion
in the orthorhombic and cubic phases of CaTiO3.

57 In other

Fig. 3 Average grain boundary fractions (cations only) for the initial
structures. As the cells were subject to MD simulation, the fractions
increased slightly. The fractions are higher for LSF40 than LSF10 due
to the higher structural perturbation induced by the higher
substitution fraction (see text). Error bars refer to the standard
deviation.

Fig. 4 Pseudocubic cell parameters a (purple squares), b (magenta
triangles), and c (orange circles) obtained for LSF10 and LSF40 from
MD simulations as a function of temperature T. At each temperature,
two simulations with different random Sr′La distributions and different
initial kinetic-energy distributions were carried out. The phase
transitions from orthorhombic (a ≠ b ≠ c) to cubic (a = b = c) are
indicated with black lines; the grey line indicates the experimental
transition temperature for LSF40.54
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words, at constant composition, oxygen-vacancy diffusion in
perovskites is evidently faster in the higher symmetry phase.

Fig. 5 also compares our results with experimental data.
The experimental Dv data for LSF10 corresponds to oxygen-
vacancy diffusion in the orthorhombic lattice, and for LSF40,
to oxygen-vacancy diffusion in the cubic lattice (dashed
extrapolation in Fig. 5b). It is seen that, for dataset C,17 the
agreement is excellent for both compositions; for dataset D56

there is good agreement in terms of activation enthalpies,
but some differences in terms of absolute values; and for
dataset E20 there are larger deviations—it seems to be an
outlier. These conclusions are also evident in the summary of
activation enthalpies for oxygen-vacancy migration given in
Fig. 6.

3.2 Polycrystalline LSF

3.2.1 Chemical analysis. The chemical compositions of the
grain-boundary and bulk regions were analysed according to
the protocols outlined in Sec. 2.5 for the polycrystalline cells
after MD runs (i.e. only oxygen vacancies were allowed to re-
distribute) and after MMC + MD runs (i.e. Sr′La and v˙Ȯ were
re-distributed at T = 2000 K in the MMC calculation; cations
were not mobile in the subsequent MD simulations, but v˙Ȯ
were).

3.2.2 Case I: only v̇Ȯ equilibrate. Although a system with a
uniform distribution of acceptors does not correspond to
ceramic samples sintered at high temperatures, this set of
data allows us to make some important points. Fig. 7 shows
that the Sr′La fraction, averaged over the cells with 2, 5 or 10
boundaries, remains close to the initial values. This is
essentially confirmation of the method, since there are no
possibilities for cations to move, no cation vacancies were
introduced into the cell, and cation-vacancy formation is
characterised by prohibitively high energies, so that no cation
defects form during the MD simulation. Small deviations
from the nominal values indicate the limits of the method,
with higher deviations for the more highly substituted LSF40
systems (cf. Fig. 3). In contrast, the oxygen sublattice does
equilibrate during the MD run, and the v˙Ȯ concentration is
found to be higher in the grain-boundary regions than in the
bulk regions, indicating a segregation of the vacancies to the
grain boundaries. By increasing the Sr content from LSF10 to
LSF40, the relative accumulation is less substantial, while the
absolute change is similar (e.g., ≈1% for 2-grain cells).

3.2.3 Case II: Sr′La equilibrated at high T, v̇Ȯ at all T.
In order to capture the Sr′La distribution after a high-
temperature sintering step, we performed MMC
simulations as described in Sec. 2.4, swapping Sr′La and La×La

Fig. 5 Oxygen-vacancy diffusion coefficients Dv as a function of
inverse temperature for (a) LSF10 and (b) LSF40: A, this study
(orthorhombic); B, this study (cubic); C,17 D,56 E.20 The high-
temperature simulation data and the linear extrapolation represents
diffusion in cubic LSF, whereas low-temperature data refers to
orthorhombic LSF. The transition temperature in LSF40 is
overestimated by the empirical potentials, hence, the linear
extrapolation of the cubic data is given as a guide to the eye. Errors in
the diffusion coefficients, calculated with the expression of Usler
et al.,55 are smaller than the symbol size. The same figure comparing
simulations with different oxygen vacancy concentrations can be
found in Fig. S2.†

Table 1 Activation enthalpies of oxygen-vacancy migration ΔHmig in LSF,
obtained from molecular dynamics simulations

Composition ΔHcub
mig/eV ΔHorth

mig /eV

LSF10 0.60 ± 0.01 0.88 ± 0.02
LSF40 0.71 ± 0.01 0.90 ± 0.04

Fig. 6 Activation enthalpy of oxygen-vacancy diffusion in La1−xSrxFeO3−δ
as a function of strontium content x: A, this study (orthorhombic); B,
this study (cubic); C,17 D,56 E,20 F,16 G.27 Note that the phase transition
are temperature dependent and thus not all experimental data points
always correspond to the same phase.
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as well as O×
O and v˙Ȯ with MMC temperatures in the range of

1000 ≤ T/K ≤ 2000. The strong decrease in the system's
energy to a constant value is shown in Fig. S3.†

When comparing structures obtained from MMC
calculations, in which only the MMC temperature was
different, we find little to no difference in grain-boundary
compositions. Since the MMC swapping temperature
evidently does not have a substantial influence on the results
(see also Fig. S4†), we will only use the cells that were subject
to MMC swapping at the highest T.

The compositional analysis of the equilibrated simulation
cells is shown in Fig. 8. The Sr content and the oxygen-
vacancy content in the grain-boundary regions increase
strongly, decreasing drastically in the bulk regions. The
effects are so pronounced that the bulk of LSF10 has
essentially neither Sr′La nor v˙Ȯ left. The drastic decreases are
due to the rather small grain sizes in the simulation cells,
which result in much higher ratios of grain boundary volume
(see Fig. 3) to bulk volume than in a typical ceramic sample.

3.3 Oxygen diffusion in polycrystalline cells

For the present analysis of diffusion data, one should bear in
mind that the diffusion coefficients D*O obtained for
polycrystalline cells refer to an effective diffusivity, i.e., some
average of diffusion in the bulk phase and along and across
grain boundaries. Depending on the relative rates of these
three processes, a variety of scenarios are possible. For
example, if diffusion along boundaries is faster than in the
bulk and diffusion across boundaries is not hindered, then

one would expect the effective diffusion coefficient to
increase. This is not the only scenario, however, that may
give rise to higher D*O, so that one needs to be careful when
making conclusions from effective diffusion data.

One can sort oxide ions, at the beginning of an MD run,
into those in grain-boundary regions and those in the bulk
regions (see Sec. 2.5). From the respective 〈r2O〉, one would be
tempted to calculate tracer diffusion coefficients for the two
regions. If, however, oxide ions leave their initial region
during the course of the MD run, and diffuse most of the
time in the other region, they still count as belonging to the
initial region. Calculated diffusion coefficients are therefore
not necessarily representative of the regions to which they
are attributed. In order to avoid such problems, we stayed at
the level of effective diffusion coefficients.

3.3.1 Case I: only v̇Ȯ equilibrate. After thermal
equilibration at 2000 K for 2 ns, each structure was subject to
a 0.5 ns equilibration period followed by a 0.5 ns production
run at the target temperature. Tracer diffusion data is plotted
in Fig. 9.

Over the entire temperature range, oxygen diffusion is
slower in the polycrystalline cells than in the monocrystalline
cells. Moreover, as the total number of grains (and thus the
density of grain boundaries) increases, the diffusivities
decrease. This decrease indicates that grain boundaries
hinder oxygen diffusion. In order to explain this behaviour,
one requires, in the grain-boundary regions, that there are
fewer oxygen vacancies, or that the oxygen vacancies have a
lower diffusivity, or some combination thereof. In fact, the

Fig. 7 A-Site fraction of Sr (determined directly) and oxygen-vacancy
site fraction (determined indirectly from cation-to-anion-ratio) after
equilibration of the structures at 2000 K: (a) bulk and (b) grain-
boundary region. Grain boundary and bulk regions were identified with
the adaptive common neighbour analysis. The red horizontal lines
indicate the expected values. The oxygen plots show accumulation of
oxygen vacancies at the grain boundary. Error bars refer to the
standard deviation.

Fig. 8 A-site fraction of Sr and oxygen vacancy fraction (both
determined directly) after MMC ion swapping at 2000 K in LSF: (a) bulk
region and (b) grain-boundary region. Grain-boundary and bulk
regions were identified with the adaptive common neighbour analysis.
The horizontal lines indicate the expected values. All plots show
accumulation of oxygen vacancies at the grain boundary. By increasing
the Sr content from LSF10 to LSF40, a saturation effect is observed, i.e.
the accumulation is less significant. Error bars refer to the standard
deviation.
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chemical analysis of Fig. 7 revealed that the concentration of
oxygen vacancies is increased at the grain boundaries,
leading to the conclusion that Dgb

v has to be much lower than
Db
v , at least for a random distribution of Sr. The boundaries

evidently act as a structural perturbation as far as oxygen-
vacancy diffusion is concerned, and one could argue
tentatively that this arises from the lower symmetry of the
grain-boundary regions relative to that of the bulk phase (cf.
Sec. 3.1.2).

3.3.2 Case II: Sr′La equilibrated at high T, v̇Ȯ at all T. Fig. 10
compares oxygen tracer diffusion coefficients in polycrystalline
LSF40 with and without prior MMC runs, i.e. equilibrium
distributions of Sr′La versus homogeneous distributions. Systems
subjected to MMC minimisation exhibited lower values of D*O,
indicating that higher Sr′La at the grain-boundaries has a
detrimental effect on oxygen transport. Similar behaviour was
observed for LSF10 (see Fig. S6†).

Since the grain-boundary regions in the cation
equilibrated cells are even richer in oxygen vacancies (see
Fig. 8) than in the homogeneous cell (see Fig. 7), clearly the
oxygen-vacancy diffusivity is diminished by the presence of
Sr′La. Indeed, the same behaviour is observed for the bulk
phase: monocrystalline simulation cells of LSF display
decreasing oxygen-vacancy diffusivity with increasing Sr
substitution level (see Fig. S5†).

3.3.3 Case III: lower v̇Ȯ concentration. In the two previous
sections, it was shown that (i) the grain boundaries
themselves do not give rise to faster grain-boundary diffusion

of oxygen and (ii) that increased amounts of Sr at the grain
boundaries lead to a decrease rather than an increase in
oxygen diffusivity. This is not consistent, however, with
experiment. One significant difference between simulation
and experiment is that the simulations cells have a constant
concentration of vacancies (that exactly charge compensates
the Sr substituent), whereas the experimental samples have
variable oxygen-vacancy concentrations (corresponding to
constant oxygen partial pressure). In particular, experimental
samples undergo oxidation at lower temperatures, and at
lower temperatures faster grain-boundary diffusion of oxygen
is observed.10,11 To mimic sample oxidation in the simulation
cells, we lowered the number of oxygen vacancies (and
increased the Fe valence), keeping the other simulation
parameters constant. Specifically, two new sets of
calculations were carried out in which the concentrations of
oxygen vacancies were only 10% or 2% of the original values.
The excess charge was compensated by modifying the Fe3+

charge uniformly (LSF10: to Fe3.09+ or Fe3.098+, LSF40: to
Fe3.36+ or Fe3.392+). Both single crystals and polycrystals were
considered, in order to ascertain the differences displayed by
the polycrystalline cells relative to the correct reference values
(i.e. single-crystal cells). To reproduce the experimental
situation as closely as possible, we kept the Sr′La distribution
that we obtained from MMC calculations with the full
oxygen-vacancy amount and only reduced the number of
oxygen vacancies, since the Sr′La distribution that develops at
sintering temperatures will not change at the low
temperatures of sample oxidation.

Oxygen diffusivities obtained from MD simulations are
given in Fig. 11. In single-crystal cells, tracer diffusion
coefficients decrease, relative to the 100% case, by about one
order of magnitude for 10% and another half an order of
magnitude for 2%, as expected for the relevant decreases in

Fig. 9 Oxygen tracer diffusion coefficients for grain-boundary cells
relative to bulk cells for a homogeneous distribution of Sr: (a)
orthorhombic LSF10 and (b) cubic LSF40. The arrow indicates a
decrease in D*O with increasing grain-boundary density. Data for LSF10
at 1000 K is omitted from the plot due to high uncertainties.

Fig. 10 Oxygen tracer diffusion coefficients in cubic LSF40. The arrow
indicates a decrease in D*O with increasing grain-boundary density.
Cells subjected to MMC minimisation exhibit lower D*O values,
indicating a deleterious effect from increasing Sr concentrations at the
grain boundaries.
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the oxygen-vacancy concentrations. The decreases are not,
however, exactly a factor of 10 and a further factor of 5, since
there are not only major changes in the oxygen-vacancy
concentrations, but also minor changes in the oxygen-
vacancy diffusivities, which we attribute to increases in Fe
valence or increases in oxide-ion concentration (cf. Fig. S2†).

In contrast, this behaviour is not seen for the
polycrystalline cells on going from 100% of the Sr′La-
balancing vacancies to 10% or 2% vacancies. In LSF40, the
variation in isothermal diffusion coefficient with grain-
boundary density is now reversed. An increase in grain-
boundary density leads to an increase of D*O, indicating that
faster grain-boundary diffusion is observed when the bulk
concentration of oxygen vacancies is low. For LSF10, two
effects are observed that are not present in LSF40. First, the
reversal of the variation in isothermal diffusion coefficient
with grain-boundary density is present at the full vacancy
concentration, rather than only at lower vacancy
concentration as for LSF40. This is a consequence of oxygen
vacancies being almost fully depleted from the bulk regions
after the MMC runs (see Fig. 8); thus, the reversal occurs
already at the highest vacancy concentration. Second, in the
cases 10% and 2% vacancies, the cells with 2 grains deviate
from the trend by showing higher-than-expected tracer
diffusion coefficients. From trajectories of the molecular
dynamics run, we identified bulk transport in regions far
away from the grain boundaries. While only very few oxygen
vacancies are available there (most are present at the grain

boundaries), they exhibit high diffusivities as these regions
are nominally free of Sr; thus, the lower activation enthalpy
(0.52 eV vs. 0.6 eV) and higher oxygen diffusivity of
lanthanum ferrite is sampled (cf. Fig. S5†).

Lastly, we investigate to what extent the general behaviour
observed in Fig. 11 is due to increased Sr′La at the grain
boundaries. To this end, an additional set of simulations was
carried out with a homogeneous Sr′La distribution. The results
are shown in Fig. 12. The D*O values in LSF40 are mostly
unchanged due to the smaller relative changes in Sr′La
content in grain boundary regions (see Fig. 8), confirming
that increased Sr′La accumulation does not play a significant
role in the observed behaviour. In LSF10, however, the two
effects mentioned above are not observed, i.e. the reversal of
the variation in isothermal diffusion coefficient with grain
boundary density is not present in case (a) with a full vacancy
concentration, and the cells with 2 grains do not deviate from
the trend.

To emphasise the main result, we plot in Fig. 13 oxygen
tracer diffusion coefficients calculated for T = 1800 K versus
oxygen-vacancy concentration for both compositions. In these
double-logarithmic plots, we find that D*O for the
monocrystalline cells decreases, as expected, almost linearly
with v˙Ȯ½ � for the polycrystalline cells, however, is essentially
constant for LSF10 for all v˙Ȯ½ � and for LSF40 at the two lowest
v˙Ȯ½ �. This suggests that v˙Ȯ½ � within the grain-boundary regions
in our simulations are more or less invariant of the bulk
level. The plots also emphasise the need to regard short-

Fig. 11 Comparison of diffusion coefficients obtained from calculations with (a) 1.7% (LSF10) and (c) 6.7% (LSF40) oxygen vacancies versus
calculations with only (b) 0.17% (LSF10), (d) 0.67% (LSF40), (e) 0.033% (LSF10) and (f) 0.13% (LSF40) oxygen vacancies. In both cases, structures
underwent MMC swapping at 2000 K with the full oxygen vacancy concentration, and the Sr′La distribution was kept frozen in for the other two
oxygen vacancy concentrations. The arrows indicate the changes in D*O with increasing grain-boundary density.

RSC Applied InterfacesPaper

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 2

5 
M

ar
ch

 2
02

4.
 D

ow
nl

oa
de

d 
on

 6
/1

3/
20

26
 5

:4
2:

55
 P

M
. 

 T
hi

s 
ar

tic
le

 is
 li

ce
ns

ed
 u

nd
er

 a
 C

re
at

iv
e 

C
om

m
on

s 
A

ttr
ib

ut
io

n 
3.

0 
U

np
or

te
d 

L
ic

en
ce

.
View Article Online

http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/d3lf00263b


RSC Appl. Interfaces, 2024, 1, 699–710 | 707© 2024 The Author(s). Published by the Royal Society of Chemistry

circuit diffusion as faster, rather than fast. For LSF10, the
rate of oxygen diffusion in the polycrystalline cells hardly
changes. What does change is its relation to the diffusion
rate in the bulk value. One last point is that care must be
exercised in interpreting such data. The bulk composition in
the monocrystalline cells is not the bulk composition in the

polycrystalline cells, owing to the small grain size and the
strong Sr′La½ � segregation to the grain boundaries.

4 Discussion

The main result of this computational study is that faster
grain-boundary diffusion of oxygen in polycrystalline LSF
materials is only observed when bulk diffusion of oxygen is
relatively slow. This agrees very well with experimental
studies10,11 of oxygen diffusion in polycrystalline LSCF6482,
in which faster grain-boundary diffusion was detected at low
temperatures, where bulk diffusion is substantially
diminished on account of sample oxidation.

Looking beyond the (La,Ba,Sr)(Fe,Co)O3−δ system, we find
that the main result also agrees well with the observation of
faster grain-boundary diffusion of oxygen in the (La,Sr)MnO3+δ

perovskites.58–61 Compared with (La,Ba,Sr)(Fe,Co)O3−δ
perovskites, (La,Sr)MnO3+δ is an oxygen hyperstoichiometric
material, with the excess oxygen arising from the presence of
cation vacancies. These defects depress the concentration of
oxygen vacancies through a Schottky equilibrium,62–67 and
they also diminish the oxygen-vacancy diffusivity.33 As a
consequence, bulk diffusion of oxygen in (La,Sr)MnO3+δ is
orders of magnitude lower than in (La,Ba,Sr)(Fe,Co)O3−δ
compositions, and faster grain-boundary diffusion of oxygen
is observed, not just at lower temperatures, but also at much
higher temperatures.

Of the defining questions in the Introduction, one
remains unanswered. It concerns the possible presence and

Fig. 12 Comparison of diffusion coefficients obtained from calculations with (a) 1.7% (LSF10) and (c) 6.7% (LSF40) oxygen vacancies versus
calculations with only (b) 0.17% (LSF10), (d) 0.67% (LSF40), (e) 0.033% (LSF10) and (f) 0.13% (LSF40) oxygen vacancies. The Sr′La distribution is
homogenous. The arrows indicate the changes in D*O with increasing grain-boundary density.

Fig. 13 Oxygen tracer diffusion coefficients in polycrystalline LSF at T
= 1800 K, extracted from Fig. 11, as a function of v˙Ȯ½ �.
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role of space-charge zones. On the one hand, the activation
enthalpies measured experimentally for bulk and grain-
boundary diffusion in LSCF6482 ref. (11) (and also for grain
boundaries58 and dislocations61 in (La,Sr)MnO3+δ) are the
same within experimental error. This behaviour is consistent
with faster diffusion along space-charge zones at the grain
boundaries.15,68 On the other hand, our MD simulations yield
activation enthalpies of diffusion that are higher for the
polycrystals than for the single crystals (see Fig. S8†). This is
consistent with the idea that the boundaries constitute
structural perturbations, for which the activation enthalpy of
migration is higher than in the bulk. And faster diffusion
then arises fom the higher concentration of oxygen vacancies.
(A lower activation enthalpy of oxygen diffusion in LaMnO3

has also been predicted from DFT calculations,14 but these
predictions do not take cation vacancies into account.) It is,
however, questionable if space-charge zones were rendered
properly in our simulations, since the bulk phases often were
completely devoid of defects, and space-charge zones are
regions of modified bulk defect concentrations. The chemical
analysis of Sec. 2.5 is unable to provide any information,
since it is not sufficiently sensitive to small local deviations
in charge neutrality. We conclude that the simulations
reproduce the experimental results qualitatively, but
quantitative agreement requires a new, extensive set of
simulations. In particular, simulations with much larger
grains are required, so that bulk defect concentrations are
recovered within the bulk phase. We estimate that simulation
cells with at least 106 ions are necessary. And in these cells,
given the importance of the degree of oxygen
nonstoichiometry, experimental values of δ(T) should be
used.

5 Conclusions

In this study, polycrystalline (La,Sr)FeO3−δ was investigated by
means of molecular dynamics simulations with the aim of
improving our understanding of the role of grain boundaries
in oxygen transport. The major findings are as follows:

• Owing to the complexity of polycrystalline simulation
cells, extracting information about the grain-boundary
composition is not straightforward. A compositional analysis
protocol was developed to differentiate between bulk and
grain-boundary regions and to quantify acceptor-substituent
and oxygen-vacancy concentrations in the respective regions.

• Oxygen tracer diffusion coefficients in stoichiometric
polycrystalline cells are lower than in the corresponding
monocrystalline cells, and they decrease with increasing
grain-boundary density, confirming a blocking effect of grain
boundaries.

• The increased concentration of the acceptor substituent
v˙Ȯ½ � at the grain boundaries (as a consequence of high-T
annealing) has a detrimental effect on oxygen transport, as it
further decreases the oxygen-vacancy diffusivity.

• The observed low-temperature behaviour is reproduced
by the simulations when the oxygen-vacancy concentration is

reduced from fully compensating the acceptor substituent to
a much lower level, for which bulk diffusion is drastically
diminished. In this case, the grain boundaries remain
oxygen-vacancy rich and thus are the only place where
oxygen-vacancy diffusion can occur. Caution is required in
transferring all results to experiments, however, because of
the extremely small grain size in the simulation cells.
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