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A new compositional microscopic degree of
freedom at grain boundaries in complex
compounds: a case study in spinel†

Peter Hatton and Blas Pedro Uberuaga *

The accurate computational treatment of polycrystalline materials requires the rigorous generation of

grain boundary (GB) structures as many quantities of interest depend strongly on the specifics of the

macroscopic and microscopic degrees of freedom (DoFs) used in their creation. In complex materials,

containing multiple sublattices and where atomic composition can vary spatially through the system, we

introduce a new microscopic DoF based on this compositional variation which we find governs

observable properties. In spinel – a wide class of complex oxides where this compositional variation

manifests as cation inversion – we exploit this DoF to generate and analyze low-energy microstates of

two GBs with three spinel chemistries (FeCr2O4, NiCr2O4 and MgAl2O4). This treatment is found to allow

for the co-redistribution of cations at the GBs which acts to modify the spatial charge distribution,

defect segregation energy and defect transport through these regions. Additionally, we generate low-

energy metastable microstates of the GB system with an induced cation disorder, simulating those

which may develop as a result of damage events. These are then analyzed to discover their composition

and defect transport properties which depend strongly on the amount of induced damage. We conclude

that considering this new DoF is important in describing the properties of GBs in complex materials.

I. Introduction

The study of A2+B2
3+O4, spinel structured materials is of

increasing interest in applications of nuclear reactors1–5 due
to their ability to accommodate defects without amorphizing,
resulting in significant radiation tolerance for some
chemistries.6,7 This radiation tolerance is primarily a result of
the accommodation of point defects through the creation of
cation antisites, called spinel inversion.6–8 At the same time,
nanostructured spinels have also been shown to exhibit
remarkable properties. For instance, the radiation tolerance
of MgGa2O4 was shown to increase substantially as the grain
size was reduced from microns to nanometers.9 On the other
hand, nanostructured MgAl2O4 is being studied for its high
mechanical strength as an armor material.10–14 Thus, there is
increasing need to understand how these two aspects of the
spinel structure – antisite disorder and grain boundaries –
interact to govern the properties of these materials.

The ground state structure of bulk spinels is either ‘normal’
or ‘inverse’, depending on the exact chemistry.1 The spinel

structure consists of two crystallographic sites for cations, an
octahedral site and a tetrahedral site. In a normal spinel, the
octahedral site is filled with the B cation while the tetrahedral
site contains the A cation – the process of inversion causes
cations to swap sites. In a fully inverse spinel, the tetrahedral
site is filled with B cations while the octahedral sites are split
between A and B cations. A spinel’s inversion parameter,
commonly i, is a measure of the number of A cations on
octahedral sites thereby quantifying the disorder of the cations
compared to the ‘normal’ reference. Therefore, for a normal
spinel, the inversion parameter can be loosely thought of as a
measure of disorder that might be introduced by irradiation (or
temperature), with the limit of full disorder corresponding to a
random mixture of the cations or i = 2/3. Furthermore, the
evolution of damage in spinel can significantly modify defect
transport through regions of inversion and exhibit non-
intuitive mechanisms.5,15,16 In particular, defects in complex
oxides can act to reduce cation disorder by mechanisms of
migration and antisite repair.5,17 These mechanisms act to
provide spinel with its remarkable radiation tolerance.7

In many materials, grain boundaries (GBs) play a significant
role in the strengthening of a material due to their ability to
absorb defects.18,19 As discussed, spinel has an intrinsic mecha-
nism – cation inversion – for accommodating these induced
defects and it is not well known what the synergistic effects of
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these two mechanisms will be. Previous work has suggested
that GBs naturally exhibit a higher degree of inversion than the
bulk matrix.20,21 This can result in a negative correlation
between inversion and grain size due to increasing grain
boundary area as the grain size is reduced.16,22–24 This inver-
sion modifies properties such as defect segregation to GBs22

which is thought to impact defect transport in these regions.
It is well-known that the identification of thermodynami-

cally relevant GB structures is of paramount importance to
generating accurate defect transport dynamics throughout a
material, since GBs can act as sinks for defects and pathways
for their migration, both impacting material properties and
evolution.18,19 Historically, GB structure generation is done
through controlling the 5 macroscopic degrees of freedom
(DoFs) which define the inter-grain orientation and the GB
habit plane; these macroscopic DoFs are readily determined via
diffraction experiments. These macroscopic DoFs are accom-
panied by microscopic DoFs that correlate with details of the
atomic arrangements at the GB. The gamma surface, mapped
by translating the two grains across each other thus identifying
the ground-state for that particular orientation relationship, is
the most widely considered microscopic DoF.

More recently, there has been increasing interest in a second
microscopic DoF which can be thought of, in some sense, as
the atomic density of the GB. In single-specie compounds,
previous authors have used grand-canonical type schemes in
conjunction with the gamma-surface mapping to discover low-
energy structures. For example, von Althan et al. used this idea
of varying GB density to find low energy, ordered twist GBs in
Si;25 without this method only amorphous GBs were found.26,27

Additionally, Frolov et al.28 formalized this idea using an
evolutionary grand-canonical scheme (EGCS) to canvas many
low-angle W GBs, finding their ground-state structure and
density. However, in complex, multi-component compounds
this process becomes highly non-trivial as compound stoichio-
metry, charge neutrality, and the presence of electrostatic
contributions29–31 must be considered in these contexts.
Regardless of these complexities, some studies have been
successful in finding that allowing for stoichiometric changes
at interfaces in complex compounds may result in low energy
structures being discovered.20,21,32 Similarly, Wang et al.20 has
found that GBs in SiC can exhibit non-stoichiometry. These
examples emphasize the requirement to both consider the
macroscopic and microscopic DoFs to generate low-energy
GBs and interfaces.

Recently, Uberuaga et al.22 suggested that, at GBs in complex
oxides, the ground state is only attained through allowing for a
redistribution in the cations in the GB region even while
keeping the density of the GB the same. Given this idea, we
postulate in this work that in complex multi-component com-
pounds there is a third microscopic DoF which can be thought
of as the chemical composition or distribution.

This work aims to elucidate how this proposed DoF man-
ifests through the mechanisms of spinel inversion and what the
observable effects are when generating low-energy microstates
with this DoF. We will do this by studying two GBs commonly

studied computationally and expected to be present in poly-
crystalline spinel. These GBs are a S3(111) tilt GB and a
S5(013)[100] tilt GB, discussed in Sections IIIA and IIIB, respec-
tively. Within each of these sections the ground-state atomic
composition local to the GB is discovered and analyzed. We
then study the compositional changes at the GB as a result of
induced inversion and predict how the transport of O vacancy
defects will be affected by this inversion. Then in Section IIIC,
we discuss the dependence of our observed trends on GB type
and spinel chemistry.

II. Methodology

To understand the dependence of spinel chemistry on low-
energy GB compositions, we consider three different spinel
chemistries; FeCr2O4, NiCr2O4 and MgAl2O4, which for the sake
of brevity are referred to as FCO, NCO and MAO, respectively, in
the figures. The atomistic simulation package LAMMPS33,34 has
been used with atomic interactions for FeCr2O4/NiCr2O4 mod-
eled with a Buckingham–Coulomb potential plus a Morse
potential form by Chartier et al.35 and MgAl2O4 with a Buck-
ingham–Coulomb potential form by Smith et al.36 Each of these
models is fixed charge, meaning they do not allow for charge
transfer and, in particular, FeCr2O4 and NiCr2O4 use partial
charges, i.e., (Fe/Ni)1.2+, Cr1.8+ and O1.2� while MgAl2O4 uses full
formal charges: Mg2+, Al3+ and O2� which reflects the differing
ionic behavior in the materials.

These chemistries are chosen as we do not anticipate that
charge transfer will play a significant role in the properties
discussed here, unlike in some other spinel chemistries such as
Fe3O4 where charge transfer between Fe2+ and Fe3+ will be
prevalent.37 Moreover, while these models have fixed charges
they have succeeded in capturing cation disordering effects in
other studies38–41 and since the cation disorder is fundamen-
tally connected to the electrostatics of the material42 this
implies that there are relatively weak charge transfer effects
on cation disorder. Finally, we do not anticipate the effects of
magnetism to play a role, something the potential forms would
not capture, since the Néel temperature is o100 K in these
materials,43,44 well below the temperatures we are interested in
for real application in radiation damage or armor scenarios.

Two spinel GB structures are used in this work. A S3(111) tilt
GB taken directly from Hasan et al.45 and a S5(013)[100] in
which the initial structure was generated using the ACME
code46 and the gamma-surface mapped using LAMMPS33,34

with the lowest energy structure selected; both structures were
initially created for the MgAl2O4 chemistry. Each atomic system
contains two oppositely polarized GBs to ensure periodicity and
the simulation box, as well as the atomic positions, were
relaxed with each chemistry. Therefore, the size of the super-
cells varied by a small amount in each direction; the values
quoted here are for FeCr2O4. The S3 GB has a size of approxi-
mately 51.7 � 19.9 � 22.9 Å3 and contains 2464 atoms. The S5
GB had a size of approximately 98.1 � 48.8 � 8.4 Å3 and
contains 3808 atoms. In this simulation setup, x is the direction
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normal to the GB plane, y is the direction normal to the tilt axis
and z is the direction parallel to the tilt axis. Both of these
initial GB structures are available in the ESI† while their
structures are provided in Fig. 1.

Initially, these spinels and, in particular, their grain bound-
ary compositions are ‘normal’ that is, all A2+ cations occupy
tetrahedral sites and all B3+ cations occupy octahedral sites; the
ground state for all three of these spinels in a bulk
environment.1,6 In this work, we first aim to relax the GBs to
lower energy GB compositions to discover their ground state
composition and then drive them to higher energy composi-
tions to understand the non-equilibrium distribution of inver-
sion through the GB system as might be induced by irradiation.
This is done through a Metropolis-based Monte Carlo (MC)47,48

algorithm with a simulation procedure identical to Hatton
et al.41 where the MC temperature is used as a rough proxy
for irradiation. The analysis of the spatial location of inversion
uses the Wigner–Seitz defect identification tool, as implemen-
ted by Ovito,49 and requires a definition of the ‘GB region.’
Here, this is defined as a window around the GB center with
width of C9.4 Å and C11.2 Å in the S3 and S5 GB structures,
respectively. These widths were chosen by inspecting the
atomic energies of different species in the ‘normal’ GBs and
noting the distance from the GB place where the atom energies
diverged from the bulk value. The structure outside the GB
regions is considered the bulk.

To assess how the transport of defects is affected by compo-
sitional changes at the GB, we use oxygen vacancies as a
representative defect; this defect is chosen as it avoids the
complexity of cation mixing which would occur with a migrat-
ing cation vacancy resulting in changing inversion over
time,5,41 complicating analysis. To quantify the transport of
an O vacancy we calculate the mean first passage time (MFPT)
from some initial vacancy position to a given final vacancy
position. This method requires generating an absorbing

Markov Chain which describes the hopping rate between all
connected defect positions with an absorbing state at the
desired final vacancy position. The algorithm outlined by
Novotny50 is then used to produce the MFPT – the average
time that the defect would take to move from the initial state to
the final state. This method is analogous to the limit of generating
infinitely many kinetic Monte Carlo (KMC) realizations, measuring
the time for the vacancy to go from the initial to final state, and
taking the average time over those KMC realizations. However, it
has the advantage of being significantly less computationally
expensive and has been used successfully in previous studies to
measure defect transport times.51–56

This method does, however, require knowledge of the rate
between connected defect positions (states) which could be
generated through an extensive nudged elastic band (NEB)57

campaign seeking individual energy barriers and thus generat-
ing the required transition matrix. This is very computationally
expensive, to the point that it is prohibitive for systems of the
sizes considered here. However, a reasonable approximation of
this method can be created by assuming a ‘typical’ energy
barrier between two states and modifying this barrier by the
DE between the states. This method has been previously shown
to be successful when generating KMC models and so will be
employed here.58–60 In particular, we define the hopping rate
between two connected states, ij, to be given by,

Kij ¼ A exp

� 1

2
DEij þ Etypical

a

� �

kbT
; (1)

where A is the Arrhenius pre-factor which we fix to a typical
value of 1014 s�1, DEij is the energy change between the vacancy
in state i versus j, and Etypical

a is the typical energy barrier for an
O vacancy to migrate in the bulk environment for each of
the spinel chemistries. kb is Boltzmann’s constant and T is
the temperature. The temperature is purely analytical and no

Fig. 1 Structure of (left) the S3 and (right) the S5 grain boundaries considered in this work. These structures represent the initial state for the subsequent
MC simulations, as described in the text. As noted in the legend, A cations are represented by red spheres, B by yellow spheres, and oxygen by blue
spheres.
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dynamics are directly simulated at this temperature. An unphy-
sically high temperature of 4000 K is chosen in eqn (1) as it
provides numerical stability when inverting the transition
matrix required by the algorithm in Novotny.50 The conse-
quence of choosing this temperature will be the diluting of
any trend in the MFPT as, in the limit of infinite temperature,
all rates are equal and the effects of any compositional or
structural heterogeneity would be lost; so any trends in the
MFPT described here would be more pronounced if a more
realistic temperature could be chosen.

More specifically, the calculation of DEij, for any two O sites i
and j, requires computing the energy of the system with a
vacancy present at each O site. This is done by sequentially
deleting an O atom from one site, minimizing the atomic
configuration, and repeating the same procedure for the other
site. The DE between any two vacancy sites is then known.

Etypical
a is the result of a NEB calculation to find the energy

barrier for an O vacancy to migrate between two stable sites in
each of the spinel chemistries in a ‘normal’ bulk environment.
It is meant to be representative of a typical migration barrier for
an O vacancy in the material.

Finally, we note that the goal of this kinetic treatment is to
provide a qualitative estimate of how large of an impact this
new microscopic degree of freedom would have on functional
properties such as transport. We are not trying to provide a
quantitative prediction of transport, which would require deter-
mining every migration barrier in the system with higher
fidelity models. Rather, our goal is to assess the importance
of this inherent GB disorder on the properties of the GB.

III. Results
A. Inversion at the R3 GB

We first seek the ground state cation composition of the S3 GB
by conducting the previously described MC procedure at a low
MC temperature of 10 K. At this temperature, only atomic
swaps which decrease the energy of the system are accepted.
The energy per atom at each MC step for each of the three
chemistries is shown in Fig. 2. The significant energy decrease
in all spinel chemistries indicate that the ‘normal’ chemical
distribution of the as-constructed S3 GB is high energy and
therefore thermodynamically irrelevant in any real application
since these compositions are never likely to form. Instead, it is
clear that the ground state GB and/or near-GB regions contain
some amount of ‘inversion’ giving rise to these energy
decreases. This fact is accentuated in NiCr2O4 which required
41.5 million trialed MC steps to equilibrate, implying a high
degree of ‘inversion’ in this case.

Fig. 3(a) quantifies the variation and spatial location of the
compositional changes induced by the MC procedure and thus
the associated inversion by measuring the number of A cations
in a given region compared to the ‘normal’ reference composi-
tion. In this formulation a positive (negative) value indicates an
abundance of AB (BA) antisites in that region. We find that
ground-state inversion is concentrated at the center of the GBs

and their peripheries, as highlighted by the grey shaded
regions. In particular, we see there is a preference for the AB

cation antisite to form at the center of the GB and an A cation
depletion at the GB periphery, indicating the BA cation antisite
is preferred there. Both FeCr2O4 and MgAl2O4 exhibit similar
levels of GB inversion which is consistent with our MC results
showing a similar energy decrease for both compounds when
allowed to relax. Conversely, NiCr2O4 relaxes further, which
correlates with the greater degree of inversion.

In the bulk regions away from the GB we see a relatively flat
compositional variation for FeCr2O4 and MgAl2O4 indicating no
bulk inversion; consistent with the fact that in bulk systems the
‘normal’ composition is the ground-state for these spinel
chemistries. Conversely, in NiCr2O4 there are indications of
inversion further from the GB, into the bulk region, at C0.35–
0.50. This alongside the large Ni signal at the GB centers imply
that GBs in NiCr2O4 exhibit a strong preference for high levels
of inversion and this influences the nearby bulk regions. Over-
all, these results indicate that at S3 GBs, spinels energetically
prefer to exhibit a large degree of inversion in the GB, allowing
for the co-redistribution of A cations to the GB center and B
cations to the GB periphery with Ni concentrating most pre-
ferentially at the GB center.

This inversion will induce changes in the charge distribu-
tion through the GB system. In our case, these changes are due
to the redistribution of ions at and near the GB plane – each ion
carries a specific but static charge. As the ions redistribute, this
naturally leads to changes in the charge distribution within the
system. In areas where we see enrichment in A cations, we
anticipate to see a negative charge compared to the ‘normal’ GB
structures since AB antisites have a negative effective charge.
Similarly, areas rich in BA antisites would induce a positive
effective charge. The precise charge distribution through the
system is shown in Fig. 3(b). The oxygen ions are not consid-
ered in this analysis to reduce noise in the charge distribution
and because they do not redistribute during the MC procedure.
The values of the charge are presented relative to the bulk
region. It should be noted here that, while there is a larger

Fig. 2 Energy per atom of the S3 grain boundary structure as a function
of Monte Carlo step for the three chemistries – FCO, MAO and NCO –
conducted at 10 K.
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number of Ni atoms at the GB center of NiCr2O4 compared to
Mg in MgAl2O4, MgAl2O4 is described using full formal charges
while the potential for NiCr2O4 uses partial charges. This gives
rise to a similar charge concentration at the GB in NiCr2O4 and
MgAl2O4.

In harsh radiation environments, spinels have been
observed to undergo non-equilibrium disordering processes
characterized by a large concentration of antisites.6,7 We again
use the MC algorithm to understand the partitioning of a given
total amount of inversion at the GB versus in the bulk regions.
In the MC algorithm, the generation of damage is simulated by
increasing the temperature parameter, thereby allowing the
algorithm to accept cation swaps which increase the system
energy. This process is conducted at temperatures of 1000–
5000 K and is an identical process to that conducted in bulk
spinel environments in Hatton et al.41 While some of these
temperatures may seem unphysical, the authors remind the

reader that no dynamics are being run here, rather the tem-
perature is simply a computational tool to drive inversion in
our system which, in reality, will be driven by some radiation
damage events. We also note that this thermally-driven inver-
sion process is not equivalent to that induced by irradiation,
but the point of the high-temperature MC is to drive the system
to higher levels of inversion similar to what would happen
under irradiation. To be clear, we are not claiming that this MC
procedure describes the radiation damage process. Rather,
both high temperature MC and radiation damage will tend to
drive the cations towards a random distribution.6 Thus, the MC
is used here to generate cation distributions that are sensitive
to the local microstructure (the grain boundaries) and drive the
system in a way similar to what irradiation might do.

The resulting partitioning of the inversion at the GB and
bulk for temperatures 10 K and 1000–5000 K in 1000 K incre-
ments are shown in Fig. 4. Note that the initial ‘normal’
structured GBs would be located at [0.0, 0.0] on this figure.
Colored circles are the average inversion in both the GB and
bulk environment over the last 25 000 trialed MC steps; the
length of the error bars is two standard deviations of the data.
As previously defined in the methodology, the GB region is
based on a fixed window width around its center. However, it is
known that the GB width increases with inversion8 and so the
data presented here could be considered a lower bound on GB
inversion and, indeed, an upper bound on bulk inversion.

From Fig. 4 we see that all spinel chemistries prefer to
accommodate low levels of inversion primarily in the GB, until
a critical value of GB inversion is reached – iGB C 0.2–0.4 – at

Fig. 3 (a) Composition, measured as the number of excess A cations at
each distance and (b) the relative charge through the structure where grey
regions indicate the approximate GB regions. Both quantities are mea-
sured for an ‘inverted’ structure relative to the as-constructed ‘normal’
structure. Dashed lines at 0.0 indicate a ‘normal’ composition. Solid lines
indicate the mean values of each quantity with data collected over the last
25 000 MC steps taken at intervals of 1000 steps; the widths of the shaded
regions are then 2 standard deviations of the data.

Fig. 4 Bulk inversion and grain boundary inversion for the S3 GB struc-
ture at temperatures of 10 K and 1000–5000 K in increments of 1000 K
with increasing opacity indicating increasing temperature for each chem-
istry. MC temperatures are labeled for NCO but follow the same pattern for
FeCr2O4 and MgAl2O4. The vertical dashed line at 2/3 indicates the
maximum inversion which can be reached by disordering processes,
corresponding to a fully random spinel. The solid black line is a dividing
line between the inversion being energetically preferred at the GB versus
the Bulk.
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which point the bulk region begins to disorder. Inversion in
MgAl2O4 appears to increase linearly after iGB C 0.3 and
FeCr2O4 exhibits a similar trend in iGB vs. ibulk except that it
takes higher temperatures to drive inversion in both the GB and
the bulk as compared to MgAl2O4.

NiCr2O4 shows the most striking trend in that it inverts at
lower temperatures than the other chemistries and the S3 GB
can reach an inversion value of iGB C 0.4 before the bulk is
significantly impacted by inversion, implying that antisites feel
a strong thermodynamic attraction to the GB. NiCr2O4 also
shows an interesting turn-over in GB inversion at the highest
MC temperatures, seemingly then to prefer having antisites in
the bulk region rather than the GB region. However, we find
that at these high levels of disorder the point-defect identifying
WS algorithm breaks down and the presence of this turnover
becomes very sensitive to WS parameter selections. Therefore,
we do not analyze this data point further other than to say that
due to the high concentration of antisites at the GB and the
many resulting atomic relaxations in these regions, the anti-
sites can seemingly no longer be thought of as point defects as
they have significantly disordered the nature of the GB.

The trend in total inversion as a function of MC temperature
between the spinel chemistries is that, at a given MC tempera-
ture, idriven

NCO 4 idriven
MAO 4idriven

FCO which agrees with the trend in
single-crystal spinel.41 This agreement implies that, in this
case, spinel chemistries in which the bulk regions disorder at

lower temperatures will also prefer to exhibit a higher degree of
disorder in this GB.

To provide a metric of how ionic transport, crucial for
understanding radiation damage, corrosion, and sintering
processes, is impacted by GB inversion, we calculate the MFPT
of O vacancies as a function of the compositional changes at
the GB and throughout the system due to antisite-inducing
damage. Results can be seen in Fig. 5(a)–(c). Fig. 5(d)–(f) give a
schematic explanation of what is being measured in each of the
metrics in (a)–(c). In essence, we start the O vacancy at the
lowest energy site in the structure and measure, as described in
the Methodology, the average time it would take the vacancy to
reach an equivalent site in the simulation box’s periodic image.
This is done in three independent directions: normal to the GB
plane (Fig. 5(d)) where the vacancy would traverse both GB
structures (shaded regions) present in our simulation cell,
parallel to the tilt axis (Fig. 5(e)), and normal to the tilt axis
(Fig. 5(f)). The MFPT is measured in both the ‘normal’ (as-
constructed) GB and the inverted structures as found from the
MC simulations. Finally, Fig. 5(g) gives the segregation energy
of the O vacancy to the lowest energy site at either of the GB
structures present in our simulation cell compared to the bulk
value, which will be used to help interpret trends in the MFPT.
Further, the MFPT data presented here are used to indicate the
trend in the transport as a function of cation inversion rather
than exact values that can be compared to experiment or

Fig. 5 (a)–(c) Mean First Passage Time (MFPT) of an O vacancy in (a) FCO, (b) MAO and (c) NCO in directions normal to the tilt axis, parallel to the tilt axis,
and normal to GB plane versus total cation inversion. (d)–(f) Schematic diagrams of the geometries of the MFPT calculations shown in (a)–(c). The lighter/
dashed regions indicate periodic images of the primary simulation cell. (g) O vacancy segregation energy to the S3 GB in each spinel chemistry against
cation inversion.
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included in a higher length scale model. The authors also
caution the reader against comparing the MFPT of different
directions against each other. This is because the distances that
are traversed by the vacancy are different in each direction
which will impact the time to traverse the simulation cell. What
we want to emphasize here is the impact of inversion on the
transport in any given direction.

First, consider the case of FeCr2O4 (Fig. 5(a)). Comparing the
MFPT in the thermodynamically irrelevant ‘normal’ composi-
tion (i = 0) to the ground-state inversion (10 K MC, i C 0.04) we
clearly see a C4–5 orders of magnitude decrease in the MFPT.
The reason for this difference can be seen in Fig. 5(g) which
shows the O vacancy segregation energy. We find that in the
‘normal’ structure there are deep traps which, if a vacancy were
to land there, would take a long time to escape, giving rise to a
longer MFPT. In contrast, the ground-state structure does not
contain these deep traps which can be seen from the C5 eV
decrease in segregation energy. As we move to higher overall
levels of inversion we see complex but significant variations in
the MFPT of C1 order of magnitude, these variations are also
consistent with the trend in the segregation energy in the
higher inversion cases (Fig. 5(g)). This analysis in FeCr2O4

underlines the need to generate thermodynamically relevant
GB compositions in order to extract experimentally comparable
transport properties.

In the case of MgAl2O4 we see a C1 order of magnitude
spread in the MFPT as we drive to different inversion levels,
again correlating with the change in segregation energy. At this
GB there is not a significant change in the segregation energy
due to the compositional changes which manifests as a smaller
variation in the MFPT. Thus, while MgAl2O4 tends to exhibit a
greater propensity for inversion than FeCr2O4, that inversion
has a smaller impact on defect energetics.

This behavior is even more exaggerated in NiCr2O4. In this
case, we surprisingly see that, even though NiCr2O4 showed the
most dramatic compositional changes in the GB region of all of
the chemistries considered (Fig. 3), this does not seem to
impact the transport time of O vacancies through these regions.
These findings are again consistent with the smaller variation
in the segregation energy in NiCr2O4 caused by the inversion
(Fig. 5(g)). Further, there is a small turnover in the value of the
MFPT for each direction of travel at the highest levels of
inversion in NiCr2O4. This turnover does indeed correlate with
the turnover in inversion profile observed in Fig. 4 underlining
the complex dependence of compositional variation to the
defect transport metrics outlined here.

With the current methodology, these results imply that, to
first order, GB inversion acts to modify the defect segregation
energy at the GBs and that effect is dominant in determining
the relative defect transport rates through these regions. That
is, the actual local compositional changes at the GB have only a
limited effect on the defect transport if they are not primarily
acting to modify the defect segregation energy; as evidenced in
the case of NiCr2O4. However, this effect may also be a result
of the fact that the barriers used in our transition matrix are
based on ‘typical’ barriers sourced from the bulk modified by

the DE between the states, as described in the methodology. It
could be that the actual barriers for O vacancy motion between
states at the GB are significantly altered by the composition,
something that is not captured by our methodology.

B. Inversion at the R5 GB

In an effort to understand the dependence of the trends out-
lined in Section IIIA on GB structure, we completed a similar
study of the S5(013)[100] GB. There are well-known computa-
tional complications when simulating this type of GB in ionic
systems. In particular, the GB structure induces an electrostatic
dipole which acts in the direction normal to the GB plane. This
dipole causes a spatial bias in the atomic energies through the
simulation cell and in the case of the spinel structure (FeCr2O4)
it manifests as illustrated in Fig. 6. This effect has been
documented in many atomistic studies of defects in and
around the S5 GB (and other more complex GBs and interfaces)
in ionic systems.29–31,61 Recent work in UO2 suggests that the
true ground state of the S5 GB does not exhibit these dipoles.31

However, in multi-component systems such as the spinels
studied here, it is highly non-trivial to generate low energy GB
structures with the constraints of charge neutrality and main-
taining stoichiometry; indeed, the main conclusion of the
current work is that there is an additional microscopic DoF –
the chemical distribution – that must be accounted for in these
systems. Additionally, there are methods for ‘manually’

Fig. 6 Energy per atom (eV) of Fe/O/Cr in the direction normal to the S5
FCO GB plane showing the effect of the electrostatic dipole on the
energetics of each atomic species. Shaded grey regions are approximate
GB position.
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removing the electrostatic dipoles at other material’s interfaces
and with other computational methodologies,30,62,63 these have
not been employed here. Conversely, the ubiquitous nature of
the finding of the electrostatic dipole at GBs in many different
atomic systems has led some authors to argue that this is a real
effect of the material which could be exploited in materials
design.29 This current work will stay impartial to the discussion
of whether the dipole is a real effect or an artifact of the
simulation and present the results as they have been found.
Instead, we will make comments where we believe the pre-
sented results may be impacted by the presence of the electro-
static dipole.

As before we use MC to find the ground-state chemical
distribution of the three spinels at this GB structure. Results
of the MC procedure can be seen in Fig. 7. While the results for
NiCr2O4 and MgAl2O4 are reminiscent of those for the S3 GB,
FeCr2O4 interestingly exhibits only a single accepted MC swap
for the full run of 100 000 attempted swaps. This indicates that
the ‘normal’ GB structure in FeCr2O4 is essentially it’s ground-
state, in drastic contrast to the case of the S3 GB. Further, we
see that the NiCr2O4 chemistry no longer exhibits a dramatic
energy decrease and, in fact, MgAl2O4 exhibits the greater
decrease in energy as a result of the MC. This indicates the
strong dependence between GB type and local composition in
addition to the clear dependence on chemistry.

While we cannot be confident that this structure is the
ground-state, due to the previously discussed computational
challenges with these types of GBs, we do have confidence that
these are at least the ground-state compositions for this atomic
structure. It should also be noted that the MC procedure in this
case does not remove the electrostatic dipole but that the MC is

likely impacted by the presence of the dipole since there
will be a bias on MC swaps which move atoms to a lower
energy position.

The composition of the MC-determined inverse structure
compared to ‘normal’ is shown in Fig. 8(a). Note that, in
FeCr2O4, there is no difference in composition or charge since
the GB essentially remains ‘normal.’ Both NiCr2O4 and
MgAl2O4 show a large positive signal at the center of the GB
and a large negative signal at its peripheries indicating the
large redistribution of the A cations to the GB center and a
corresponding co-redistribution of B cations to the peripheries
of the GB. In both cases, the inversion is confined to the GB
region which induces the variation in charge distribution
presented in Fig. 8(b).

Fig. 9 presents the complex partitioning of overall inversion,
induced by different MC temperatures, on the level of disorder

Fig. 7 Energy per atom of the S5 Grain Boundary structure as a function
of Monte Carlo step for the three chemistries; FCO, MAO and NCO
conducted at 10 K.

Fig. 8 (a) Composition, measured as the number of excess A cations at
each point relative to the normal starting point, of the supercell containing
two S5 GBs and (b) the relative charge through the structure. The grey
regions indicate the approximate GB regions. Dashed lines at 0.0 indicate a
‘normal’ composition. Solid lines indicate the mean values of each quantity
with data collected over the last 25 000 MC steps taken at intervals of 1000
steps; the widths of the shaded regions are then 2 standard deviations of
the data.
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at the GB versus in the bulk. The general trend in MgAl2O4 and
NiCr2O4 is that the inversion is concentrated at the GB until an
inversion value of iGB C 0.35, at which point we see the
inversion in the bulk increase until ibulk C 0.4 is reached.
There is seemingly a convergence of the GB vs. bulk inversion to
the dividing line indicating that at high levels of disorder there
is no preference for inversion to be located in either region,
possibly a result of the large amount of disorder which would
be present at these higher temperatures. Additionally, there is
also a large jump in the NiCr2O4 bulk inversion value between
MC temperatures of 2000 K and 3000 K indicating there is a
threshold of total inversion after which point inversion
becomes driven to disorder the bulk-like region away from
the GB.

In FeCr2O4, an MC temperature of 43000 K is required to
induce any significant amount of inversion. In this case, the GB
accommodated an inversion value of iGB C 0.2 before bulk
inversion is induced, at which point both increase linearly.
However, the overall inversion that was reached was not high
enough to make direct comparison with the trends seen in
NiCr2O4 and MgAl2O4.

Fig. 10 shows the MFPT of an O vacancy as a function of total
inversion for each of our spinel chemistries. Although FeCr2O4

exhibited only small amounts of inversion compared to the
other chemistries it exhibits a dramatic change in transport
with increasing inversion. In particular, the MFPT has a 6
orders of magnitude variation between the lowest and highest
cation inversion value. Also, there is a divergence in the MFPT
data between the different directions of travel as the overall
inversion increases. MgAl2O4 exhibits a similar profile in the
MFPT, also exhibiting a 6 orders of magnitude increase in
MFPT normal to the GB plane, though this shift is a bit more
abrupt with a sudden increase at the highest levels of inversion.
The transport of O vacancies in NiCr2O4 is the least affected by
cation inversion, giving the smallest spread in MFPT, though it
still varies by C2 orders of magnitude. Interestingly, it is non-
monotonic with inversion, first increasing and then decreasing
as inversion is increased for two of the directions.

Overall the effect of cation inversion on defect transport
appears enhanced at this GB compared to the previously
discussed S3 GB. At the same time, the transport properties
are a very complex function of the inversion, challenging our
ability to develop predictive models of this relationship. Defect
segregation is not presented here due to the presence of the
electrostatic dipole which will corrupt these calculations. That
said, we can speculate that the greater variation in MFPT
compared to S3 is likely a consequence of a stronger depen-
dence on trapping with inversion at this structure.

C. Discussion

The computational search for the ground-state GB structures in
multicomponent ionic systems is a highly non-trivial exercise.
It is well-known that one must consider both macroscopic
DoFs, which define inter-grain orientations and angles, as well

Fig. 9 Bulk inversion and grain boundary inversion for the S5 GB struc-
ture at temperatures of 10 K and 1000–5000 K in increments of 1000 K
with increasing opacity of the points indicating increasing temperature for
each chemistry. MC temperatures are labeled for NCO but follow the same
pattern for FeCr2O4 and MAO. The dashed line at 2/3 indicates the
maximum inversion which can be reached by disordering process. The
solid black line is a dividing line between the inversion being energetically
preferred at the GB versus bulk.

Fig. 10 Mean first passage time (MFPT) of an O vacancy in (a) FCO, (b) MAO and (c) NCO in directions normal to the tilt axis, parallel to the tilt axis, and
normal to the GB plane versus cation inversion. See Fig. 5(d)–(f) for schematic descriptions of these MFPT metrics.
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as microscopic DoFs, which define atomic density/stoichiome-
try and the relative translation of the two grains. In compounds
characterized by multiple atomic sublattices, such as the spinel
structure analyzed here, we have provided strong evidence of
the existence of an additional microscopic DoF – the chemical
distribution. This must be considered to generate low-energy
microstates; independent of any previously discussed macro-
scopic or microscopic DoF.

As discussed extensively in this work, this new composi-
tional DoF directly leads to spatially varying inversion near GBs
in spinel. We find that, in the majority of cases, the ground-
state GB exhibited a high degree of inversion consistent with
previous findings22 (the counter example to this is the S5 GB in
FeCr2O4 which has a ground-state composition that is fully
‘normal’). Additionally, we find this GB inversion drives the
redistribution of A cations to the first atomic layer of the GB
and a redistribution of B cations to the periphery of the GB. We
suspect that this co-redistribution behavior occurs to maintain
local charge neutrality – that the redistribution of the A cations
induces a space charge layer that is then neutralized by the co-
redistributing B cations. Further work will be needed to evalu-
ate this conjecture though it is consistent with other previous
work of defects and interfaces in complex ionic materials.64–67

Additionally, we find two interesting observations from our
results. Firstly, the high level of inversion seen for GBs in
NiCr2O4 is surprising and we postulate that, since Ni experi-
ences a strong thermodynamic tendency to redistribute to the
GB center, this driving force pushes NiCr2O4 to high inversion
even at low temperatures. Secondly, there does appear to be a
consistent trend in the amount of disorder observed in the GB
ground-state as a function of spinel chemistry. Namely, in
terms of inversion, iground

NCO 4 iground
MAO 4 iground

FCO , though more
GBs will need to be characterized to investigate the robustness
of this trend.

Experimental observations of GB compositions in spinel are
sparse but some studies do exist for GBs in MgAl2O4.68–70 These
studies are not able to achieve the atomic fidelity possible
computationally but generally find that GB centers are more
Al (B cation) rich than bulk regions, seemingly in contrast to
our results (Fig. 3(a) and 8(a)). However, our data uses the
‘normal’ GB structure as the reference rather than the bulk
composition as in experimental analysis. If we reformulate our
composition metric to match the experimental metric of Al (B)/
Mg (A) ratio then we produce Fig. 11 which presents data for a
S3 GB in MgAl2O4. This metric also reveals higher B cation
concentration at the GB center – compared to the bulk – in
qualitative agreement with experimental data.68,69 While our
atomistic work is essentially completed in a stoichiometric
sample, experimental observations of GB composition depend
strongly on spinel stoichiometry70 which further underlines the
complex dependencies on compositional variations in spinel.

The use of this chemical distribution-based DoF has also
allowed us to find low-energy metastable microstates of the GB
system at a given level of overall inversion. This has been done
as an approximation of the level of damage which spinel may
exhibit in reactor environments – an important possible

application for these materials. We find that as we drive the
spinels to higher degrees of overall inversion, both GB types
and all spinel chemistries exhibit a complicated relationship
between the variation of GB vs. bulk inversion. It is clear though
that in all cases the inversion is preferentially accommodated at
the GB first and then there is a competition between bulk and
GB inversion at higher overall inversion levels. We do not see a
sudden transition from GB to bulk inversion, indicating that
the GBs are not saturating in inversion before the bulk begins
to invert. Rather, we see a critical level of GB inversion at which
the bulk also begins to invert, suggesting that the GBs are
simply easier to invert than bulk-like regions. Similarly to
both bulk spinel and the behavior of the ground state GBs,
we find the same trend in the driven response in these systems,
idriven
NCO 4 idriven

MAO 4 idriven
FCO .

The highly non-trivial profiles of inversion lead to a complex
picture of the defect transport properties through the GB
regions and we find in some cases there is large variation in
the O vacancy transport depending on GB inversion. These
transport metrics correlate well with GB segregation energies
which are modified by the presence of GB inversion. In parti-
cular, we find that in many cases using the ‘normal’ GB to
calculate defect transport metrics would result in a significant
over/under estimation of transport by many orders of magni-
tude, again depending on the GB type, chemistry, and direction
of defect transport with respect to the GB. Additionally, it
appears that the trend in variation of the transport is different
between the GBs. That is, in S3 we generally see a decrease in
MFPT with increasing inversion, whereas in S5 we see an
increase in MFPT.

Further, there is seemingly not a direct correlation between
the change in defect transport and compositional variation as a
result of inversion, evidenced by NiCr2O4 which experienced
the highest inversion at low temperatures but in which the

Fig. 11 Elemental ratio (Al (B)/Mg (A)) for MAO through the S3 GB
structure where grey regions indicate the approximate GB regions. The
source data here is the same as in Fig. 3, it is simply presented as a local
stoichiometry rather than an elemental excess. The dashed line at 2.0
indicates the bulk Al : Mg ratio and the width of the shaded regions are 2
standard deviations.
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defect transport was least affected. There is, however, a correla-
tion between defect segregation energy and defect transport
through the GB regions. So, if the compositional variations
induced by inversion act to significantly modify the defect
segregation energy then, in turn, the defect transport will be
significantly modified.

To better understand some of the factors that drive the
chemical redistribution of cations at these grain boundaries,
we have examined the coordination and bonding environment
of both A and B cations at the S3 GB. We find that, generally,
greater inversion is accompanied by an increase in the coordi-
nation of A cations and a corresponding decrease in the B
cation coordination. This is counter-intuitive as, in the bulk,
the B cations favor the octahedral site which has greater
coordination. At the same time, we find that there is an
increase in A–A coordination – A cations prefer to have other
A cations as nearest neighbors (neglecting the intermediate
oxygen), with again a corresponding drop in B–B coordination.
Thus, the chemical redistribution seems to be driven, in part,
by a preference for A cations to have greater coordination and
more A neighbors at the GB than they do in the bulk.

Thus, we have shown that the investigated quantities of
interest strongly depend on the microstate of the system
generated by this chemical redistribution-driven DoF, indepen-
dent of any other GB DoF. That is, we have not remapped the
gamma surface nor altered the density of the GBs; we have only
allowed for chemical redistribution through the mechanism of
spinel inversion which has allowed us to discover new low-
energy GBs. However, it is shown in previous work25,28,71,72

that considering GB DoFs independently is not sufficient.
Therefore, we postulate that only by considering all 3 micro-
scopic DoFs simultaneously – gamma-surface mapping, atomic
fraction mapping and finally the newly proposed atomic
redistribution-driven DoF – can we truly canvas the ground-
state structures and compositions of complex multi-component
compounds. Furthermore, we believe that this will also be the
case in other complex materials (wherever chemical redistribu-
tion is possible) and, indeed, at other interfaces and extended
defects such as dislocations.

Of course, there are several limitations to our study. First
and foremost is that we are using a classical model for
interatomic interactions that does not account for charge
transfer between ions. While we have specifically chosen spinel
chemistries in which the ionic charges are fairly rigid, there is
always the possibility for charge transfer to modify the behavior
observed here. In principle, density functional theory (DFT)
calculations could aid in addressing this point, but the system
sizes and the Monte Carlo treatment considered here render
that computationally prohibitive. We do expect that charge
transfer would modify the details as new mechanisms to
accommodate defects at the grain boundaries would arise,
but we also see no reason to think that the basic result – that
the grain boundaries exhibit a higher degree of disorder than
the bulk – would change. Our past experience comparing
results from these types of empirical potentials and DFT for
grain boundary properties such as segregation73 and even

subtle effects like structurally-induced electrostatic dipoles,29

as well as complex defects,74–77 in these ionic oxides demon-
strates that these types of models do well in describing the
general physical behavior of these materials and structures.
Finally, our treatment of charge as fixed to the ion cores is of
course an approximation, but one that has been used to study,
for example, the formation of space charges at dislocation cores
in ionic oxides.66,78 Thus, while it does not allow for charge
transfer as DFT calculations might, it still provides a first-order
treatment of the charges associated with charge redistribution
in real materials.

Further, temperature is at best an imperfect proxy for
irradiation. However, the goal here is to drive the disorder to
highly non-equilibrium configurations and high temperature
serves that purpose. In addition, in our Monte Carlo procedure,
the anions are not included in the sampling process. While, for
any new cation configuration, their positions are minimized,
their location within the structure is not searched which could
further modify the overall grain boundary structure.

This last point deserves to be expanded upon. To truly find
the ground state structure of a grain boundary, one would need
to perform an optimization that considers all microscopic
degrees of freedom simultaneously: finding the minimum
on the gamma surface, adjusting the atomic number in a
grand canonical simulation,25,28 and, in a compound, swap-
ping atoms. There is currently no algorithm that would perform
such a combined search in this high dimensional space. Thus,
what we have shown here is that, in addition to the recognized
microscopic degrees of freedom, chemical disorder must
be added.

Finally, the general observation that grain boundaries, even
in their ground state, accommodate more disorder than the
bulk crystal and that this is an aspect that must be considered
when describing grain boundaries, should apply broadly
beyond the specific case of spinels considered here. Indeed,
we think that any compound in which antisites are possible,
including other complex oxides, semiconducting compounds
such as GaAs, and even ordered intermetallic alloys, would
exhibit the same behavior. Based upon our results, the degree
would depend on both the grain boundary structure and the
chemical nature of the compound, but the salient result is that
the structural motifs at grain boundaries, which are inherently
different than in the bulk crystal, can stabilize and promote
antisite disorder even within the ground state and we see no
reason that other compounds would not behave similarly.

IV. Conclusion

This work has used atomistic simulations with molecular
statics techniques to analyze GBs in different spinel chemistries
as a case study for a proposed chemical redistribution-driven
DoF for GBs and interfaces in complex compounds. We have
presented strong evidence that independently varying the
atomic distribution at the GB results in the discovery of
ground-state microstates of the spinel GB unattainable through

PCCP Paper

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 1

6 
M

ay
 2

02
4.

 D
ow

nl
oa

de
d 

on
 8

/4
/2

02
5 

3:
22

:2
8 

PM
. 

 T
hi

s 
ar

tic
le

 is
 li

ce
ns

ed
 u

nd
er

 a
 C

re
at

iv
e 

C
om

m
on

s 
A

ttr
ib

ut
io

n-
N

on
C

om
m

er
ci

al
 3

.0
 U

np
or

te
d 

L
ic

en
ce

.
View Article Online

http://creativecommons.org/licenses/by-nc/3.0/
http://creativecommons.org/licenses/by-nc/3.0/
https://doi.org/10.1039/d4cp01070a


16136 |  Phys. Chem. Chem. Phys., 2024, 26, 16125–16138 This journal is © the Owner Societies 2024

the control of other previously known macroscopic or micro-
scopic DoFs. The features of these GB microstates are highly
dependant on both the spinel chemistry and the GB type.
Common themes do arise from further analysis which indicate
that at their ground-state, GBs energetically prefer to have an A
cation rich center with a B cation rich periphery when com-
pared to the ‘normal’ chemical distribution – the ground state
bulk distribution for these chemistries. Further to this, we find
that at high levels of cation disorder, as may result from
radiation damage processes, we continue to see that antisites
are thermodynamically very easy to form at spinel GBs leading
to further compositional variations in these regions.

We also find that observable properties such as defect
transport and segregation energy depend strongly on the com-
position of the GB. Indeed, we find that defect transport can be
modified by many orders of magnitude, either up or down
depending on the GB structure and chemistry. Therefore, we
conclude that GB microstates must be generated through this
DoF in order to accurately treat GBs in complex materials.
Finally, we postulate that spinel GBs are not an isolated edge
case for these ideas. In fact, we expect this to be a necessary
consideration in any complex compound which can exhibit
atomic distribution variations which also contains any
extended defect structure.
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