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Many ABX3 perovskite compounds adopt at temperatures of interest a low-symmetry structure, rather than

the ideal (cubic) structure. The prototypical case is the mineral perovskite (CaTiO3), which exhibits

orthorhombic symmetry over a wide range of temperatures, attaining ideal, cubic symmetry only at very

high temperatures. In this study, we made use of this behaviour to examine the effect of crystal

symmetry on oxygen diffusion in a single perovskite material. Employing molecular dynamics (MD)

simulations, we calculated oxygen tracer diffusion coefficients in CaTiO3, doped with various acceptor

species, in the range 1000 # T/K # 2500. The activation enthalpy of oxygen tracer diffusion was found

to be larger for the orthorhombic structure (0.58 eV) than for the cubic structure (0.43 eV). In addition,

oxygen tracer diffusion was found to be adversely affected by the presence of acceptor-type cation

defects, with stronger effects being observed for the low-symmetry structure. Our results also allow us

to suggest explanations for the large scatter observed in experimental transport studies; to derive trends

for the alkaline-earth perovskites; and to emphasise the merits of using MD simulations, rather than

static calculations, to obtain activation barriers for ion migration in the high-symmetry forms of distorted

perovskites.
1 Introduction

Anion transport in ABO3 perovskite-type oxides is widely
believed to occur most readily in those compositions that
display the highest symmetry. Indeed, the best perovskite-based
oxygen-ion conductors—materials that constitute some of the
best oxygen-ion conductors currently known:1–6 LaGaO3-based
electrolytes,7–9 (Na,Bi)TiO3-based electrolytes,10–13 and mixed
ionic–electronic conductors in the (La,Ba,Sr)(Co,Fe)O3

system14–19—display cubic symmetry (or small distortions
thereof). Quantitative correlations between transport rate and
crystal symmetry have suffered, however, from comparisons
being made between materials that have different structures
and compositions.20–25 Comparing oxygen-ion conduction, for
instance, in cubic BaZr0.9Y0.1O2.95 and in orthorhombic
CaZr0.9In0.1O2.95,25 one nds faster transport in the higher
symmetry system. These two compositions differ, though, not
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only in terms of their symmetry, but also in terms of their A-site
cations (Ba vs. Ca) and their acceptor-type substituents (Y vs. In).
Thus, the effects on ion transport arising from the composition
need to be separated from those arising from the crystal
symmetry, and this may be far from trivial for concentrated
solid solutions. A superior approach would be to study oxygen-
ion transport in a single, weakly doped perovskite-type oxide
that undergoes with increasing temperature a series of transi-
tions to increasingly higher symmetry forms.

In this sense, the eponymous mineral is an ideal system.
CaTiO3 is considered in various studies,26–29 though not all,30,31

to undergo the following sequence of symmetry changes with
increasing temperature:

Pbnm 4 Cmcm 4 I4/mcm 4 Pm�3m. (1)

The transition from orthorhombic Pbnm to orthorhombic
Cmcm occurs at T ¼ (1380 � 10) K, with the subsequent tran-
sition to tetragonal I4/mcm occurring at T ¼ (1500 � 20) K and
the nal transition to cubic Pm�3m at T ¼ (1600 � 10) K.26–29 The
intermediate orthorhombic (Cmcm) phase is not always
observed in experiment,30,31 and this may be due to its structural
and thermodynamic similarity to the orthorhombic Pbnm
phase.29 The four phases correspond to tilting of the TiO6

octahedra about 3, 2, 1 and 0 pseudo-cubic axes,
respectively.32–34
This journal is © The Royal Society of Chemistry 2022
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Table 1 Empirical pair-potential (EPP) parameters used in this study.
Values were taken from Pedone et al.47 without modification

Ion pair Dij/meV aij/�A
�1 r0/�A Cij/eV �A12

Ca+1.2–O�1.2 30.211 2.241334 2.923245 5.0
Ti+2.4–O�1.2 24.235 2.254703 2.708943 1.0
Al+1.8–O�1.2 361.581 1.900442 2.164818 0.9
Fe+1.8–O�1.2 418.981 1.620376 2.382183 2.0
�1.2 �1.2

Fig. 1 Comparison of oxygen diffusion coefficients obtained for
CaTiO3: a (George and Grace35), b (Iwahara et al.36) c (Gautason and
Muehlenbachs37), d (Sakaguchi and Haneda38), e (Bak et al.39). Data
converted from conductivities (grey), tracer diffusivities (blue), or
chemical diffusivities (red). Tracer data converted via DO ¼ D*

O=f
*; with

f* ¼ 0.69; chemical data assuming DO ¼ Dd
Onv/3 and nv ¼ 1.86 � 10�4;

and conductivity data via the Nernst–Einstein equation.
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In a different sense, CaTiO3 is not an ideal system for
examining the correlation between symmetry and ion transport.
Experimental studies of oxide-ion transport in nominally un-
doped CaTiO3 (ref. 35–39) report isothermal oxygen diffusion
coefficients that differ by four or more orders of magnitude,
with the corresponding activation enthalpies of oxygen diffu-
sion (DHD) scattering between 0.6 eV and 4 eV (see Fig. 1). Some
variation in oxygen diffusivity is to be expected, since nominally
un-doped samples will contain varying levels of acceptor
impurities. But variations in impurity level of four orders of
magnitude are implausible in this case, and such variations
cannot explain the large scatter in reported activation
enthalpies.

A closer examination indicates that the activation enthalpies
fall puzzlingly into three groups, with DHD z 0.6 eV,35,39 DHD z
1.4 eV,36,39 and DHD > 3 eV.37,38 Equally puzzling is the huge
discrepancy between studies that are oen regarded as unam-
biguous: the activation barrier for oxygen-vacancy migration in
orthorhombic CaTiO3 was reported in classical40,41 and
quantum-mechanical42 simulations to be <1 eV, whereas tracer
diffusion measurements of single crystals yield DHD z 4 eV.38

Furthermore, the problems, whatever they are, do not afflict all
CaTiO3-based systems. All studies of oxygen diffusion in
CaTi0.9Fe0.1O3�d agree, as pointed out by Salles et al.,43 that the
activation enthalpy of diffusion is DHD z 0.9 eV.43–46

In this study, we performed classical molecular dynamics
(MD) simulations of oxygen tracer diffusion in CaTiO3 as
a function of temperature, rst, in order to bring some clarity to
published experimental data;35–39 and second, in order to
examine the relationship between crystal symmetry and oxygen-
ion transport in a perovskite-type oxide. There are two benets
This journal is © The Royal Society of Chemistry 2022
to carrying out MD simulations of ion transport. Data inter-
pretation does not have to rely solely on the activation enthalpy
(as is the case for static simulations) but can also make use of
the absolute magnitude of the oxygen diffusivity. And in
comparison with experimental work, the number and type of
point defects are known exactly for the systems under study.

Lastly, we comment on our choice of classical MD simula-
tions over MD simulations based on Density-Functional-Theory
(DFT) calculations. The latter are restricted currently to short
simulation times, very small simulation cells, and oen,
excessively high simulation temperatures. These restrictions
translate into inadequate statistics (i.e. an insufficiently large
number of successful ion jumps, and thus imprecise diffusion
data); extremely high defect concentrations (i.e. well beyond the
limit of a dilute solution); and the necessity to extrapolate data
from temperatures several thousand kelvin above the solid's
melting point down to the temperatures of experimental
interest. Our choice of classical MD simulations was dictated,
therefore, by the need to obtain precise diffusion data for dilute
solutions of point defects at physically reasonable
temperatures.

Classical MD simulations, it is sometimes claimed, are
unsuited for studying ion migration in solids, for they do not
include bond breaking and formation. Such claims appear to be
based mainly on misconceptions of both the simulation
methods and the migration process. They also ignore entirely
a substantial body of evidence. For example, classical simula-
tion methods employing the set of empirical pair potentials
(EPP) derived by Pedone et al.47 are able to predict quantitatively
the rate of defect migration and its temperature dependence for
oxygen-vacancy diffusion in BaTiO3,48–51 and for oxygen-vacancy
diffusion52–57 and strontium-vacancy diffusion58–60 in SrTiO3. If
ion migration did involve bond breaking and bond formation,
such agreement between simulation and experiment would be
impossible: there would always be discrepancies, and this is not
the case. Given the evident capabilities of the EPP set derived by
Pedone et al.47 for quantitatively describing ion migration in
BaTiO3 and SrTiO3, we employ them here to study oxygen
diffusion in CaTiO3.
2 Computational

In all simulations performed in this study, the constituent ions
of the solid were treated as classical particles, each bearing
a charge and interacting with other particles through a long-
range coulombic potential and a short-range EPP. As noted
O –O 42.395 1.379316 3.618701 22.0

J. Mater. Chem. A, 2022, 10, 2388–2397 | 2389
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above, we used the pairwise potentials derived by Pedone
et al.,47 in which ions bear partial charges and the short-range
interactions are described by a Morse function and an addi-
tional repulsive (r�12) term. That is, the potential between ions i
and j as a function of separation r takes the form of

fijðrÞ ¼
zizje

2

r
þDij

h�
1� e�aij ðr�r0Þ�2 � 1

i
þ Cij

r12
: (2)

The values for the empirical parameters (Dij, aij, r0 and Cij)
were taken directly from Pedone et al.47 and are summarized in
Table 1. Long-range coulombic interactions were evaluated by
an Ewald summation61 with an accuracy of 10�6, and short-
range interactions were evaluated up to 15 �A.

The MD simulation cell consisted of 12 � 12 � 12 unit cells
of Ca4Ti4O12 (34 560 ions) with periodic boundary conditions
applied in all three spatial directions. Point defects were
introduced by either removing or replacing ions at random
from the simulation cell. If the total charge of all defects was not
zero, the excess was compensated by means of an uniform
background charge. MD simulations were performed within the
NpT ensemble, i.e., particle number N, pressure p and temper-
ature T were held constant, while energy U and volume V were
allowed to vary. The system's temperature (pressure) was
controlled by means of a Nose–Hoover thermostat (barostat),
with damping parameters of 1 ps (10 ps). A timestep of 1 fs was
used. The LAMMPS (Large-scale Atomic/Molecular Massively
Parallel Simulator) code62 was used.

For each MD simulation, the cell was rst allowed to equil-
ibrate for 40 ps (aer which U and V were observed to only
uctuate around constant values). Thereaer, the simulation
was run for 500 ps, and the mean-squared-displacement of the
oxide ions hRO

2i was monitored. For every simulation in which
the evolution of hRO

2i as a function of time was smooth and
linear, we calculated a tracer diffusion coefficient of oxygen
from the standard Einstein relation

D*
O ¼ 1

6

d
�
RO

2
�

dt
: (3)

The activation barriers for oxygen-ion migration were also
determined by means of molecular-statics simulations.
Climbing-image nudged-elastic-band (CI-NEB) calculations
were performed at constant volume with 25 images, as imple-
mented in the GULP code.63 The (static) lattice energies of
various CaTiO3 perovskite phases were also calculated with the
GULP code.
Fig. 2 Lattice energy U of various phases of CaTiO3 relative to that of
the ideal cubic phase. The black line indicates the probable sequence
of transitions.
3 Results

In correlating crystal symmetry and ion transport, one needs to
identify the exact phase in which ion transport is taking place.
In the present case, that meant we had to identify the phases
that this set of EPP yield in the MD simulations before we
studied oxygen diffusion. In fact, we took a step back and
considered rst the relative (static) lattice energies of various
CaTiO3 perovskite phases.
2390 | J. Mater. Chem. A, 2022, 10, 2388–2397
3.1 Lattice energies

Although it is now universally agreed that the CaTiO3 lattice
displays Pbnm symmetry at room temperature and adopts Pm�3m
symmetry at sufficiently high temperature, there are debates
concerning the intermediate phases. It has been argued that
a direct transition is unlikely,32–34 so that the question is not so
much whether there are intermediate phases but rather what
the intermediate phases are.

Taking our lead from Amisi et al.,64 who studied the crystal
structures of the related perovskite SrZrO3 and their instabilities
with regard to octahedral tilting, we performed energy mini-
misation calculations of the most likely perovskite crystal
symmetries of CaTiO3 [see sequence eqn (1)], as well as of some
possible alternatives. The results are shown in Fig. 2. Examining
the differences in lattice energy relative to that of the cubic
phase, we nd that, according to these EPP, intermediate
orthorhombic and tetragonal phases are plausible, with Cmcm
being preferred over Imma for the intermediate orthorhombic
phase and I4/mcm being preferred over P4/mbm for the inter-
mediate tetragonal phase. Our static simulations are thus in
agreement with data from calorimetry,26 Raman spectroscopy,27

neutron powder diffraction,28 and thermodynamic modelling29

studies.

3.2 Temperature-dependent lattice parameters

In Fig. 3(a) we plot the pseudo-cubic lattice parameters obtained
for CaTiO3 in our MD simulations. Changes in the behaviour
are observed at T1/2 ¼ (1225 � 5) K, T2/3 ¼ (1295 � 5) K, and T3/4
¼ (1335 � 5) K. From these data it is not possible to identify the
exact space group, but it is evident that phase 1 is orthorhombic
(apc s bpc s cpc); phase 3 is tetragonal (apc ¼ bpc < cpc); and
phase 4 is cubic (apc ¼ bpc ¼ cpc). Phase 2 appears to be
tetragonal, but apc and bpc are only approximately equal and
This journal is © The Royal Society of Chemistry 2022
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close examination indicates apc s bpc s cpc. On the basis of the
results obtained in the previous section, we ascribe phases 1–4
to Pbnm, Cmcm, I4/mcm and Pm�3m space groups.

These transition temperatures are much lower than the
experimental values26,28,29 of T¼ (1380� 10) K, T¼ (1500� 20) K
and T ¼ (1600 � 10) K. The differences between simulation and
experiment get larger, the higher the transition temperature.
This is not particularly surprising, though, since these EPP were
not tted to crystal data for CaTiO3 (but to data for binary oxides
and glasses47). Here, it is sufficient that different phases are
stable in the MD simulations because it means that MD simu-
lations with these EPP can be used to examine oxygen diffusion
in these different phases.

Upon introducing oxygen vacancies into the simulation cell at
a site fraction of nv ¼ 0.2% (and compensating their charge with
a background charge), we observed that the transition temperatures
shied to lower values [Fig. 3(b)]: (1180� 20) K, (1210� 10) K, and
(1250� 10) K.We believe that the direction of the shis is predicted
correctly because increasing x in the CaTi1�xFexO3�x/2 system
decreases the transition temperatures65 and because reducing
Fig. 3 Pseudo-cubic lattice parameters obtained as a function of
temperature: (a) stoichiometric CaTiO3; (b) oxygen-deficient CaTiO3.

This journal is © The Royal Society of Chemistry 2022
BaTiO3 decreases the ferroelectric–paraelectric transition tempera-
ture.51 The magnitude of the shis (up to 85 K) are rather large,
though, and we cannot rule out that these shis are overestimated.
Nevertheless, the data of Fig. 3 do clearly indicate that there is an
effect fromoxygen vacancies alone, their charge being compensated
in these specic simulations by a background charge. In experi-
ment, a compensating defect is always present, e.g. acceptor
substituents or electrons produced upon sample reduction, and
this complicates the assignment to a specic point defect.
3.3 Oxygen tracer diffusion

We rst consider oxygen tracer diffusion in a system containing
only oxygen vacancies, since this allows us to examine the
dynamic behaviour of oxygen vacancies without having to take
interactions with acceptor cations into account. Subsequently,
we consider oxygen diffusion in systems with the same number
of vacancies but also containing specic acceptor cations as
charge compensation. All data presented in this section refer to
cells containing 0.2% oxygen vacancies (or 42 vacancies in a cell
containing 20 736 oxygen-ion sites).

Oxygen tracer diffusion coefficients obtained for the system
with only oxygen vacancies as a function of temperature are
shown in Fig. 4(a). The temperatures of the phase transitions
determined in Sec. 3.2 are also shown, and there are no evident
jumps in D*

O at these temperatures. For the two intermediate
phases, the stability ranges are too small to allow activation
enthalpies to be determined. We focus, therefore, on the end
phases and obtain activation enthalpies of DHD* ¼ (0.584 �
0.017) eV for the Pbnm phase and of DHD* ¼ (0.429 � 0.004) eV
for the Pm�3m phase. The tracer diffusion of oxygen is clearly
characterised by a far larger activation enthalpy in the low-
symmetry phase.

In Fig. 4(b), the ratios of the axis-specic tracer diffusion
coefficients are plotted, D*;y

O =D*;x
O ; and D*;z

O =D*;x
O . This plot

conrms the analysis of Sec. 3.2, since the two ratios are both
approximately unity for the isotropic Pm�3m phase but differ
substantially from unity and from one another for the non-
isotropic Pbnm phase. Incidentally, the two intermediate pha-
ses behave as expected: in the tetragonal phase, one ratio is
approximately unity and one isn't; and for the intermediate
orthorhombic phase, both ratios deviate from unity.

In Fig. 5(a) and (b) we examine the effect of compensating
acceptor-type defects on D*

O (at constant nv ¼ 0.2%). The data
are divided into native (divalent) acceptor-type species (vCa,
CaTi) and foreign (trivalent) acceptor-type species (AlTi, FeTi). No
reliable data was obtained for cells containing vTi and vO, or at
lower temperatures for cells containing CaTi and vO, or AlTi and
vO. As expected,13,66–68 all acceptor-species cause the rate of
oxygen diffusion at a given temperature to decrease (even
though the vacancy site fraction is constant) and the effective
activation enthalpy to increase. The effects are stronger for the
lower-symmetry phase, as indicated by the larger increases in
DHD*. For example, in the presence of vCa, the activation
enthalpy of oxygen diffusion increases by 0.13 eV for the cubic
phase but by 0.33 eV for the orthorhombic phase. The changes
in D*

O and DHD* can be attributed to acceptor-type cation defects
J. Mater. Chem. A, 2022, 10, 2388–2397 | 2391
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Fig. 4 Oxygen tracer diffusion coefficients obtained for a CaTiO3

system containing only oxygen vacancies as a function of inverse
temperature: (a) total values, (b) ratios of axis-specific values. Error bars
are smaller than the symbol size.

Fig. 5 Tracer diffusion coefficients of oxygen obtained for CaTiO3

with oxygen vacancies and charge-compensating acceptor-type
defects: (a) native acceptor defects, (b) foreign acceptor defects. In all
cases, the site fraction of oxygen vacancies was nv ¼ 0.2%.
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trapping oxygen vacancies in their vicinity and modifying the
barriers for oxygen-vacancy migration in their vicinity.66 The use
of a background charge works as a ‘perfect’ acceptor-dopant,
introducing vO, but not affecting their behaviour.

3.4 Activation barriers from static calculations

There are eight oxygen ions that can jump into a neighbouring
vacant site in the perovskite structure. In the un-doped cubic
phase, all eight jumps are symmetry equivalent, and hence,
oxygen-vacancy migration is characterised by one single barrier.
In the un-doped Pbnm phase, there are ve symmetry-
inequivalent jumps. Introducing acceptor-type cation species
into these lattices modies the barriers for ion migration not
only around but also towards and away from the acceptor-type
species,66 generating a more complex energy landscape with
multiple possible barriers even for the cubic phase. For this
reason, and also to make two specic points, we focus here on
migration in the un-doped phases (i.e. in those containing only
oxygen vacancies).
2392 | J. Mater. Chem. A, 2022, 10, 2388–2397
The activation barriers determined for the ve jumps in the
un-doped, orthorhombic phase by means of NEB calculations
are listed in Table 2. The effective activation enthalpy of long-
range oxygen diffusion will be a weighted means of those
barriers that connected together provide low-energy paths
through the structure. Consideration of how the barriers listed
in Table 2 are connected indicates that the highest barrier of
0.73 eV does not need to be traversed for long-range diffusion.
This leaves barriers that are rather similar, of 0.54 eV, 0.60 eV,
0.61 eV and 0.63 eV. Given these possibilities, ions will jump
most oen over the lowest barrier, but also over the other
barriers, since the relative jump rates at the temperatures of
interest [f exp(�DHmig,v/kBT)] do not differ by orders of
magnitude. This picture is consistent with the effective activa-
tion enthalpy of oxygen diffusion of (0.584 � 0.017) eV obtained
in the MD simulations.

NEB calculations of oxygen-ion migration in the Pm�3m phase
were unreliable: with a 4 � 4 � 4 supercell of cubic CaTiO3, an
This journal is © The Royal Society of Chemistry 2022
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activation barrier of 0.59 eV was obtained, and with a 6 � 6 � 6
supercell, 0.57 eV. These values, though physically reasonable,
are clearly representative of the orthorhombic structure, rather
than of the (starting) cubic structure [cf. Fig. 4(a)]. The problem
is that NEB calculations refer to zero kelvin, and at this
temperature the Pbnm phase, with its tilted octahedra, has the
lowest energy. Examination of the NEB simulation cells indi-
cated that coordinated tilting of the octahedra had indeed
occurred. Although even-number-sized supercells are obligatory
for coordinated tilting of the octahedra to occur, the use of an
odd-number-sized supercell, e.g. 3 � 3 � 3, produced unrea-
sonable results, namely, an asymmetric energy prole with an
intermediate minimum, whose maximal barrier height was only
0.17 eV. NB: all problems encountered in NEB calculations of
oxygen-vacancy migration in cubic CaTiO3 did not plague
analogous calculations for SrTiO3, whose ground state struc-
ture, according to these EPP, is cubic.

In order to frustrate the coordinated tilting of the octahedra,
one could perform Mott–Littleton (ML) calculations69 with
a relatively small inner region I. As ionic relaxations are only
fully permitted within region I and not within the adjacent
region IIa, the alignment of tilts between regions I and IIa can in
principle force the system to maintain articially high
symmetry. We found that a region I size of ca. 7 �A yielded an
activation barrier of oxygen-vacancy migration in the cubic
structure of 0.42 eV, a value consistent with the MD results.
Evidently, this region I size is sufficient to capture ionic relax-
ation for both the initial and transition-state congurations and
prevent octahedral tilting from occurring.

In general, it may be difficult to determine denitively from
a molecular-statics simulation (NEB or ML) whether a specic
initial or transition-state conguration exhibits distortions
characteristic of a lower symmetry phase. It is only because we
have values fromMD simulations at nite temperatures that we
are able to judge the delity of the barriers obtained from NEB
and ML calculations.
4 Discussion
4.1 Comparison with experimental data for CaTiO3

The best level for comparing transport data is at the level of
defect diffusivities because Dv is independent of defect
concentration, at least for non-interacting solutions of charge
carriers. Dv can be obtained from D*

O according to
Table 2 Activation enthalpies for the five symmetry-inequivalent
jumps of oxygen ions into neighbouring vacancies in orthorhombic
CaTiO3 obtained by NEB calculations. O1 is the apical site and O2 the
equatorial site of the TiO6 octahedron. The two sites differ in energy by
only 0.1 eV; this means that there is a small difference in enthalpies for
forward and backward jumps, but this difference can be ignored

Jump DHmig,v/eV

O1–O2 0.61
O1–O2 0.54
O1–O2 0.73
O2–O2 0.60
O2–O2 0.63

This journal is © The Royal Society of Chemistry 2022
Dv ¼ D*
O

f *nv
; (4)

where f* is the tracer correlation coefficient. For oxygen-vacancy
migration in a cubic perovskite, f* ¼ 0.69.70 Here for simplicity
we also apply this value to data obtained for the non-cubic
phase, aware that f* may take a different value for diffusion in
a distorted perovskite.

Another benet of considering Dv is that its temperature
dependence directly yields the activation enthalpy of oxygen-
vacancy migration,

DHmig;v ¼ �kB d ln Dv

dð1=TÞ : (5)

In contrast, the activation enthalpy of oxygen diffusion is the
sum of DHmig,v and DHgen,v, the latter indicating how strongly nv
varies with temperature:

DHgen;v ¼ �kB d ln nv

dð1=TÞ : (6)

In Fig. 6 we compare oxygen-vacancy diffusivities with the two
sets of literature data for which the vacancy diffusivity can be
condently calculated from oxygen diffusion data.35,39 (The
reason for condence is that, if chemical diffusion is examined
in a regime for which the electronic conductivity dominates the
overall conductivity, Dv is simply given by Dd

O/3.)25 One nds that
the closest agreement in terms of absolute magnitude is with
dataset e1.39 The difference between experiment and simulation
could be due to one or more factors: f* for oxygen-vacancy
migration in an orthorhombic perovskite differing from the
value for the cubic structure; a slight overestimation of Dv in the
MD simulations; or a slightly underestimation of Dv in the
chemical diffusion experiments. At present none of these
possibilities can be ruled out. The experimental activation
enthalpy appears to be too high, DHmig,v ¼ (0.69� 0.08) eV,39 but
the error is substantial. [AndDHmig,v decreases to (0.59� 0.17) eV
if, for example, the lowest-temperature data point is ignored.]
Importantly, one recognises from Fig. 6 that agreement in terms
of activation enthalpy is not sufficient to judge data. There is
a substantial difference in vacancy diffusivities between datasets
a and f, even though the activation enthalpies agree well.

The oxygen diffusion coefficients obtained in tracer diffusion
studies37,38 are, as shown in Fig. 1, orders of magnitude lower
than the dataset e1 of Bak et al.,39 and they have very high
activation enthalpies. We suggest that these tracer diffusion
data are incorrect for two reasons. First, in both cases the
interpretation of the experimental data is questionable. Saka-
guchi and Haneda38 obtained isotope proles in the solid—
isotope proles with two features, and they attributed the rst
feature to bulk diffusion and the second to fast-diffusion along
twin boundaries. We propose that the correct assignment of the
two features is to diffusion through a depletion space-charge
layer followed by diffusion in a homogeneous bulk phase.71,72

A surface space-charge zone has already been identied previ-
ously for acceptor-doped SrTiO3,55,73–76 acceptor-doped BaTiO3,49
J. Mater. Chem. A, 2022, 10, 2388–2397 | 2393
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Fig. 6 Oxygen-vacancy diffusion coefficients in CaTiO3 as a function
of inverse temperature: a (George and Grace35), e1 (Bak et al.39), f (this
study).
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and for acceptor-doped Pb(Zr,Ti)O3.77,78 It would be extremely
surprising if acceptor-doped CaTiO3 did not have a depletion
space-charge zone at its surface. One consequence of an
incorrect assignment would be that the conclusion of Sakaguchi
and Haneda,38 of fast oxygen diffusion along domain walls,
would be incorrect, too. In the other tracer study, Gautason and
Muehlenbachs37 conducted gas-phase monitoring of isotope
exchange and assumed that the kinetics were governed by bulk
diffusion. They employed, however, powdered samples, and for
such samples, the exchange kinetics are generally limited by the
process of surface exchange.79,80 In fact, their activation
enthalpy of (3.24 � 0.10) eV37 is reasonably close to the activa-
tion enthalpy of isotope exchange measured for acceptor-doped
SrTiO3, DHk* z 3 eV.55 In other words, in both cases37,38 there
are more plausible explanations for the low values of D*

O and for
the high values of DHD*.

The second reason to question the tracer diffusion data37,38 is
that the high values of DHD* require DHmig,v to be improbably
high. Under the oxidising conditions of the experiments, typical
xed-valence acceptor impurities in perovskite titanates, such
as Mg and Al, yield DHgen,v z 0, while variable valence acceptor
dopants, such as Fe, yield DHgen,v ¼ (0.1 to 0.2) eV.81 As
a consequence, DHmig,v (¼DHD* � DHgen,v) would have to be (3
to 4) eV, which seems very unlikely.

Lastly, even though there are no experimental results for the
cubic phase with which to compare our MD data, we contend
that the data are fairly accurate, in particular the small activa-
tion enthalpy of oxygen-vacancy migration of 0.43 eV, because
our data for the orthorhombic structure are in good agreement
with experiment and because MD data for SrTiO3 and BaTiO3

obtained with these EPP show excellent agreement with litera-
ture values.49,51–55,57
4.2 Comparison with computational data for CaTiO3

There are three static computational studies of oxygen-ion
migration by a vacancy mechanism in CaTiO3. Two studies40,41

employed Mott–Littleton calculations, with different sets of EPP
2394 | J. Mater. Chem. A, 2022, 10, 2388–2397
to the set used here, and reported for Pbnm symmetry a single
barrier40 of 0.58 eV and three barriers41 of 0.51 eV, 0.43 eV and
0.55 eV for migration along the three axes of the orthorhombic
unit cell. These data are in reasonable agreement with our NEB
results [ve barriers between 0.54 eV and 0.73 eV, see Table 2]
and with our MD results [an effective activation enthalpy of
(0.584 � 0.017) eV, see Fig. 4(a)].

A more recent DFT study42 reported, for small supercells with
either Pbnm or Pm�3m starting symmetry, activation barriers that
are suspiciously similar, at 0.71 eV and 0.75 eV, and that are too
high. On the basis of our NEB and ML simulations (Sec. 3.4), we
suggest that the similarity is an artefact, arising from octahedral
tilting in the cubic supercell. And on the basis of the systematic
DFT study of oxygen-vacancy migration in SrTiO3 by Zhang
et al.,57 we suggest that the use of small supercells is responsible
for the overestimation of the activation barriers.
4.3 CaTiO3 versus other titanate perovskites

Fig. 7(a) compares the oxygen-vacancy diffusivity calculated in
this study for CaTiO3 with those reported in the literature for
SrTiO3 (ref. 56) and BaTiO3.50 The three datasets are strictly
comparable, as they all were obtained from MD simulations
with the EPP of Pedone et al.47 and refer to dilute solutions of non-
interacting oxygen vacancies. (As noted in the Introduction, the
MD data for SrTiO3 and BaTiO3 show excellent agreement with
experimental values.49,51–55) Isothermal values of Dv are seen to
increase in the order: Dv(BaTiO3) < Dv(SrTiO3) < Dv(CaTiO3). The
temperature dependence, i.e.DHmig,v, decreases in the same order.
Particularly surprising is that orthorhombic CaTiO3 displays faster
rates of oxygen-vacancy diffusion with a lower activation enthalpy
of migration than cubic SrTiO3. Evidently, symmetry is not the
decisive factor in determining the activation barrier, but it is an
important factor, as indicated by DHcub

mig,v < DHorth
mig,v for CaTiO3.

Also of interest is how the behaviour evident in Fig. 7(a)
changes upon the addition of acceptor species. Regardless of
whether weakly doped material or a solid solution containing
high concentrations of oxygen vacancies and acceptor cations,
the general trend of Fig. 7(a), we suppose, will be maintained.
(And Fe substitution will shi the phase transition tempera-
tures for CaTiO3.65) Acceptor species will for each of the three
systems decrease the rate of oxygen diffusion and increase its
activation enthalpy, maybe not all to exactly the same degree but
certainly not to hugely varying degrees. With the exception of
Fe-doped SrTiO3,82 there are no experimental transport data for
weakly doped systems. But for 10–20% Fe-substituted systems,
the limited experimental evidence43,83,84 appears to support this
supposition: oxygen diffusion is fastest in the CaTiO3-based
system and slowest in the analogous BaTiO3-based system.

One reason for comparing the behaviour of these perovskites
is to identify trends, and in this way, superior ion-conducting
perovskites. Over the years, researchers have attempted to link
isothermal conductivities or activation enthalpies to charac-
teristic structural parameters, such as lattice volume, lattice free
volume, the critical radius at the transition state, or the Gold-
schmidt tolerance factor.22–24,84–86 Here, we examine DHmig,v for
these three perovskites as a function of the Goldschmidt
This journal is © The Royal Society of Chemistry 2022
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Fig. 7 Comparison of data for titanate perovskites obtained from MD
simulations: (a) oxygen-vacancy diffusivities versus inverse tempera-
ture, (b) activation enthalpy for oxygen-vacancy migration versus
Goldschmidt tolerance factor. CaTiO3 (this study), SrTiO3 (Waldow and
De Souza56), BaTiO3 (Kaub et al.50).

Paper Journal of Materials Chemistry A

Pu
bl

is
he

d 
on

 0
4 

O
ct

ob
er

 2
02

1.
 D

ow
nl

oa
de

d 
on

 2
/6

/2
02

6 
10

:4
1:

30
 P

M
. 

View Article Online
tolerance factor t. We have restricted the analysis to these
alkaline-earth titanates because the data refer to the diffusion of
non-interacting vacancies and are thus strictly and directly
comparable with each other; and we restrict the analysis to this
one parameter (t), not because it is the best descriptor (we don't
believe it is), but because it is useful for our discussions, i.e., it
allows us to make several specic points.

The Goldschmidt tolerance factor is dened as87

t ¼ rA þ rXffiffiffi
2

p ðrB þ rX Þ
; (7)

where rA, rB and rX are the radii of the A, B and X ions in the ABX3

perovskite structure; numerical values for the radii were taken
from Shannon,88 and since these radii refer to room tempera-
ture, so do the calculated tolerance factors. In Fig. 7(b) the
activation enthalpy of vacancy migration for these three perov-
skites is seen to decrease with decreasing tolerance factor.
Although the trend suggests that even smaller t would lead to
even lower DHmig,v, we are wary of extrapolating to smaller t,
This journal is © The Royal Society of Chemistry 2022
primarily because of the study of Hayashi et al.22 In their
detailed analysis of experimental data, Hayashi et al.22 ascer-
tained that the highest oxygen-ion conductivities of acceptor-
substituted A3+B3+O3 perovskites were observed for t ¼ 0.96. If
this result also holds for A2+B4+O3 perovskites, CaTiO3 is close to
the optimum. In other words, for A2+B4+O3 perovskites with t <
0.96, DHmig,v would increase from this minimum. There are
oxygen transport data that are consistent with this hypothesis,
but they do refer to heavily substituted compositions. The
effective activation enthalpy of vacancy migration in SrZr0.9-
Y0.1O2.95,89 for example, is DHmig,v z 1 eV (SrZrO3, t¼ 0.95), and
it is even higher in CaZr0.9In0.1O2.95,90,91 being (2.3 to 2.5) eV
(CaZrO3, t ¼ 0.91). Also consistent with this hypothesis is the
small value of DHcub

mig,v z 0.4 eV we obtained for CaTiO3. Since it
is so small and since (to the best of our knowledge) substantially
smaller values have not been reported for long-range oxygen
diffusion in a perovskite-type oxide [activation enthalpies of ca.
0.4 eV have been reported for (Na,Bi)TiO3 materials12], the
implication is that CaTiO3 is close to the minimum.

An optimal tolerance factor of t ¼ 0.96 suggests that small
degrees of structural distortion away from the ideal cubic form
are benecial for oxygen-ion transport, but high degrees are
detrimental. This would account for orthorhombic CaTiO3

exhibiting higher oxygen diffusivity than cubic SrTiO3 [Fig. 7(a)],
but it would not explain why. This brings us to the major, open
question: what is so special about a tolerance factor of t ¼ 0.96?
Hayashi et al.22 proposed that t ¼ 0.96 represents a balance
between the tolerance factor and the specic free volume (the
proportion of a unit cell not occupied by the ions). Regardless of
whether this is correct or not, the larger issue is that, as pointed
out by Mogensen et al.,23 this proposal does not explain why
optimal behaviour occurs at t¼ 0.96. And at present it is still not
clear. A detailed study based on the working hypothesis that
Coulomb interactions play the key role in determining the
migration barrier for X moieties in ABX3 perovskites13,92,93 is
underway.

5 Concluding remarks

We performed molecular-dynamics simulations of oxygen-
decient CaTiO3, obtaining oxygen tracer diffusion coeffi-
cients for Pbnm (orthorhombic) and Pm�3m (cubic) phases. From
these data we determined activation enthalpies of oxygen tracer
diffusion (for non-interacting oxygen vacancies) of DHorth

mig,v ¼
(0.584 � 0.017) eV and DHcub

mig,v ¼ (0.429 � 0.004) eV. We thus
show that for a single, weakly doped perovskite system the lower
symmetry phase exhibits a larger activation enthalpy of oxygen
diffusion.

The second major result concerns the effect of acceptor-type
cation defects (vacancies, antisites, dopants) on oxygen diffusion.
We found that their presence decreases the oxygen tracer diffu-
sivity and increases its activation enthalpy, as for other perovskites,
and we discovered that these decreases in D*

O and increases in
DHD* are more pronounced for the low-symmetry phase.

Third, based on an analysis of diffusion data for the alkaline-
earth titanate perovskites, we showed that orthorhombic
CaTiO3 displays faster rates of oxygen-vacancy diffusion with
J. Mater. Chem. A, 2022, 10, 2388–2397 | 2395

https://doi.org/10.1039/d1ta06293j


Journal of Materials Chemistry A Paper

Pu
bl

is
he

d 
on

 0
4 

O
ct

ob
er

 2
02

1.
 D

ow
nl

oa
de

d 
on

 2
/6

/2
02

6 
10

:4
1:

30
 P

M
. 

View Article Online
a lower activation enthalpy of migration than cubic SrTiO3, and
we argued in favour of the hypothesis that the rate of oxygen
diffusion in perovskite oxides reaches a maximum for those
systems with a Goldschmidt tolerance factor of t ¼ 0.96. The
origin of this behaviour remains unclear.

Fourth, we demonstrated two particular benets of classical
MD simulations. For the orthorhombic phase, with its multiple
activation barriers, MD simulations yielded data that refer to
long-range diffusion and are thus directly comparable with
experimental values. For the cubic phase, which is only stable at
elevated temperatures, the MD simulations provided a reliable
method for obtaining the activation barrier of ion migration.
NEB calculations of ion migration in the cubic phase were
found to be unreliable. This is an intrinsic problem afflicting
static supercell calculations of ion migration in the high-
symmetry phases of ABX3 perovskites whose ground state
structure has lower symmetry.

Lastly, this study constitutes another example of classical
MD simulations providing as a function of temperature precise
diffusion coefficients that allow experimental transport data for
perovskite materials to be claried and interpreted.50,68,94 Stan-
dard ab initio MD cannot be relied upon, but ab initio metady-
namics simulations95 do offer exciting possibilities.
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