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Films of Li,O and Li,S grown by sputter deposition exhibit Li*
conductivity values at room temperature which are enhanced by
3-4 orders of magnitude relative to bulk samples. Possible
mechanisms are discussed. The results may help explain the ion
transport pathway through passivation layers containing these
chalcogenides in batteries.

Lithium oxide (Li,O) and lithium sulfide (Li,S) are frequently
encountered in batteries. They typically form as part of a solid-
electrolyte interphase (SEI) passivation layer when a low-voltage
anode reduces an electrolyte that contains the elements oxygen
or sulfur.’™ They are also an important reaction product in
conversion electrodes based on oxides," oxygen,® nitrates,®
sulfides,” sulfur,” and so on. The solid-state ion transport rates
within the Li,O and Li,S can limit battery performance, yet the
rates are not well-understood, partly because many phases are
involved. To deconvolute the contributions and identify the
rate-limiting mechanismes, it is valuable to study the individual
materials in isolation.

The defect chemistry in bulk samples of Li,O and Li,S was
characterized previously.®® Both compounds take the antifluor-
ite structure and are well described by a defect chemical model
based on Frenkel disorder. The Li" conductivity can vary by
orders of magnitude depending on doping, but the ionic defect
mobilities are low, so even under favorable doping conditions,
equilibrated bulk samples show an ionic conductivity at 25 °C
below 107'° S em ™. This limit is 1-3 orders of magnitude lower
than the ionic conductivity estimated for typical SEI layers
containing Li,O or Li,S,"”*'® as mentioned previously®® and
discussed in more detail below. The disparity suggests that ion
transport in SEI layers cannot be explained by simple models
that consider only point defects in bulk-like Li,O and Li,S.
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However, higher-dimensional defects such as grain boundaries,
dislocations, interfaces, and amorphous content sometimes
provide faster transport paths, and such defects are often
present in films. These points motivate a study of Li,O and
Li,S films.

Such films have been systematically investigated only a few
times previously. For Li,O, Kozen et al. prepared dense films
using atomic layer deposition (ALD),"" and Wulfsberg et al. used
electron microscopy to study lithium metal oxidation,"> but
neither work discussed transport rates. Guo et al. grew Li,O films
on Li metal by exposure to oxygen gas and measured a through-
plane conductivity of 2 x 107? S em™* at 25 °C.*° For Li,S, Meng
et al. grew XRD-amorphous films by ALD and demonstrated
stable battery cycling performance.'® Klein et al. prepared Li,S
films by RF sputtering'* and estimated the ionic conductivity
after annealing at 600 °C to be 10" $ em ™" at 25 °C."” It is also
worth mentioning two studies that reached different conclusions
about the impact of grain size. For Li,O, Indris et al. reported a
negligible impact on ionic conductivity from reducing the grain
size by ball milling.'"® For Li,S, Lin et al observed higher
conductivity values from nanocrystalline material than from
microcrystalline material,’” but all the values were anomalously
low compared to other works on Li,S (¢f. Fig. S3 in ref. 9). In a
previous work, we explored how changing the deposition para-
meters affects the morphology of Li,O and Li,S films grown by
sputter deposition or thermal evaporation.'® Here we discuss the
behavior of sputter-deposited films grown with a dense nano-
crystalline morphology. In particular, we focus on in-plane
transport measurements, which are a standard method for
probing interfacial effects in films'®>" while avoiding problems
with short circuiting that can arise in a through-plane
geometry.>> Experimental details are given in the ESL¥

Fig. 1 shows representative data from the structural char-
acterization of the films. X-ray diffraction (XRD) patterns show
only reflections corresponding to polycrystalline Li,O or Li,S
with a preferred (111) out-of-plane orientation. Raman spectra
show only peaks corresponding to Li,O, Li,S, and the Al,O3
substrate. The polysulfide species discussed in ref. 14 is not
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Fig.1 Typical structural characterization of films grown by sputter
deposition. (a and b) X-ray diffraction patterns measured from Li,O grown
on AlLbO3z and Li,S grown on MgO. (c) Raman spectra. Asterisks denote
AlLOs peaks.* (d and e) Focused ion beam—scanning electron microscopy
cross-section images, which include the Ru electrodes used for transport
measurements. Films were grown from elemental sources in (b—e) and a
Li,O source in (a). In (a—c), the peak positions reported for bulk samples are
indicated by vertical lines.24~%”

observed here, nor is LiOH. In cross-section images, the films
appear dense with a fairly uniform thickness.

A schematic of the in-plane configuration used for transport
measurements is shown in Fig. S1a (ESIf), and example impe-
dance spectra are shown in Fig. S1b (ESIT). The presence of a
low-frequency arc is consistent with blocking of mobile Li" at
the metal electrodes. The capacitance of the main semicircle
corresponds to stray capacitance from the substrate.>*° The
macroscopic conductivity oy, extracted from the resistance of
the main semicircle is displayed in Fig. 2. As grown, the films of
each material show an in-plane conductivity which is higher
than that of lightly-doped bulk samples by 3-4 orders of
magnitude near room temperature. The values are stable over
repeated thermal cycles below the growth temperature, which
was 150 °C for Li,O and 290 °C for Li,S. The activation energy
(determined from the slope of ¢,,T) is 0.5-0.6 eV for the Li,O
films and 0.6 eV for the Li,S films. For Li,O, the as-grown
conductivity shows some scatter; the data selected for Fig. 2 are
representative of the extent of this scatter. A DC measurement
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Fig. 2 In-plane macroscopic conductivity of films deposited on single

crystal substrates using elemental targets: (a) Li,O films on Al,03(0001),
and (b) Li,S films on MgO(100). Measurements were acquired both
as grown and after annealing at 340 °C. Solid lines are linear fits.
Dotted curves correspond to bulk samples of (a) 0.1% LiF-doped
Li,O® and (b) 0.1% LiCl-doped Li,S.°
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performed on a Li,O film using Li'-selective electrodes shows a
steady current over time (Fig. S2, ESIt), which provides further
evidence that the mobile species is Li* ions.

The behavior changes markedly upon annealing at higher
temperature. After annealing at 340 °C, the films show
reduced conductivity values which remain higher than those
of 0.1%-doped bulk samples by 1-2 orders of magnitude. The
values are stable over repeated thermal cycles from 25-340 °C,
and the Li,O data show less scatter. The activation energy is
about 0.85 eV for Li,O and 0.74 eV for Li,S. XRD patterns
acquired after impedance measurements still show only Li,O
or Li,S reflections, which rules out significant LiOH
formation. Above 340 °C the transport behavior is difficult
to assess, because the metal electrodes tend to coarsen and
lose adhesion.

To gain further insight, the normalized conductance oL
after annealing is plotted in Fig. 3 as a function of film
thickness. This representation is useful because - assuming
the body of the film has uniform properties - the intercept
obtained by extrapolating to zero thickness corresponds to
the excess interfacial contribution.’” At various temperatures
the intercept is indistinguishable from zero, indicating that the
conductance after annealing arises from the body of the film,
not the interfaces with the substrate or gas phase. This
analytical approach could not be used for the as-grown Li,O
data due to scatter, nor for the Li,S films due to a more
limited dataset. However, further investigations of Li,O show
that the conductivity results are largely unaffected when the
single crystal substrate is switched from Al,0;(0001) to
MgO(100), or MgF,(001), or LiF(111) (Fig. S3, ESIt). These
data are strong evidence against a substrate-specific mecha-
nism such as a space charge effect at the film-substrate
interface, both before and after annealing. Also, essentially
the same transport behavior (and morphology'®) are observed
in films grown from a ceramic Li,O target instead of
elemental Li and O, sources (Fig. S3, ESIT).

The transition during annealing is explored in Fig. S4 (ESIT).
A useful clue emerges here, in that a mild anneal causes the
conductivity to increase before decreasing. In particular, the
conductivity of the Li,O films increases by about a factor of 4
during a mild anneal at 165 °C. The increase persists if the
anneal is halted and the temperature lowered. The effect is
smaller in Li,S films, but it still appears. Annealing also leads

6x10°1 Li,0

afteranneal S

2 ax10°®
~

2x10°® A
240°C

yd s
,a"/-, il 190 °C
0f 145 °C

200 400 600 800
L/nm

Fig. 3 Thickness dependence of the normalized conductance oL after
annealing at 340 °C. Films were grown using an elemental Li sputter target.
Lines are linear fits.

This journal is © The Royal Society of Chemistry 2021


http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/d1cc00557j

Open Access Article. Published on 08 June 2021. Downloaded on 8/2/2025 6:35:43 AM.

Thisarticleislicensed under a Creative Commons Attribution 3.0 Unported Licence.

(cc)

ChemComm

to grain growth. As grown, the grain size in the Li,O films is
estimated to be 20-50 nm by SEM (Fig. S5, ESI{) and 20 nm by
XRD; after annealing at 340 °C, the grain size increases to
50-200 nm by SEM and 60 nm by XRD. Similar findings are
seen by SEM for the Li,S films. More details and representative
data are given in ref. 18.

The dominant transport mechanism in the films is unclear.
Measurements by XRD, Raman, and SEM show no evidence of
an impurity phase. In particular, XRD confirmed the absence of
LiOH in multiple films, both before and after impedance
measurements. Since the ionic conductivity of bulk LiOH is
comparable to that of bulk Li,O and Li,S, even if trace LiOH
were present, it would not be expected to increase the
conductivity.** The measured conductivities are also too high
to be explained by simple doping of bulk-like Li,O and Li,S.
The concentration of mobile vacancies does not scale linearly
with doping amount at these temperatures due to association
effects, so to achieve in bulk samples the conductivity exhibited
by the annealed films, dopant concentrations well in excess of
10 mol% (Li,O) and 1 mol% (Li,S) would be required.*° To
explain the conductivity of the as-grown films, the required
concentrations would be even higher. Such high doping levels
are implausible, and they were not detected in TOF-SIMS
measurements on a Li,O film, as described in the ESI.} Also,
disassociation of defect pairs in doped bulk Li,O and Li,S leads
to a reversible change in activation energy starting around
130-180 °C (e.g., the dotted curves in Fig. 2 start to bend). This
behavior is absent in the annealed films. It is also quite unlikely
that the enhanced conductivity is due to high lithium activity,
for a few reasons. One, a high lithium activity is not expected,
since the films were grown under excess oxygen or sulfur
conditions. Two, the ionic defect concentrations in Li,O and
Li,S are expected from fundamental defect chemistry to be
essentially constant over a wide range of lithium activity, due to
the predominant ionic disorder. See Fig. 4-8 in ref. 33 for more
detail. Three, a high lithium activity would decrease the mobile
Li" vacancy concentration and the associated conductivity. It
would also increase the concentration of interstitial Li* ions,
but they show a mobility at room temperature which is far too
low to account for the observed conduction.® In short, the film
conductivities are inconsistent with bulk-like transport in Li,O
and Li,S considering only point defects.

Experiments in other material systems offer clues about possi-
ble enhancement mechanisms. Consider fluorite CaF,, which
exhibits the same crystal structure as antifluorite Li,O and Li,S.
In a striking similarity to the present work, evaporated films of
CaF, show a F~ conductivity that is enhanced by several orders of
magnitude relative to lightly-doped bulk CaF,, and annealing the
films at 340 °C yields a decreased enhancement and an increased
activation energy.**** Another similarity is that for both CaF, and
Li,S films, increasing the growth temperature to 500-600 °C seems
to eliminate the enhancement.'®' These parallels are strong
circumstantial evidence for a similar mechanism. In CaF,, grain
boundaries®>” and dislocations® have been suggested to provide
percolating fast pathways for F~ transport. By analogy, one can
hypothesize that grain boundaries and/or dislocations provide fast
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paths for Li" transport in Li,O and Li,S, either along the defect
cores or in the adjacent space charge zones and strain fields.
Consistent with this hypothesis, the Li,O and Li,S films exhibit a
substantially reduced density of grain boundaries after a 340 °C
anneal. The change in activation energy upon annealing could, in
principle, be due to a transition from dislocation-driven to grain-
boundary-driven conduction and/or a space charge effect with a
changing segregation energy. Lil films were also suggested to
exhibit fast Li* transport along dislocations that anneal out,*®*°
and strong evidence of fast ion conduction along dislocations is
available for TiO,.*>*! Fast transport along grain boundaries has
been observed in several materials.*? Yet, this behavior is not
universal, e.g., nanocrystalline LiF films grown on Al,O; (using the
same sputter deposition system as in this work) show a depressed
conductivity and disordered structure near the LiF-AlL,O3
interface.?

Alternatively, we cannot entirely rule out the presence of
amorphous material. In CaF, films grown on Al,0;, a few nm-
thick amorphous layer was clearly observed at the CaF,-Al,O3
interface by high-resolution transmission electron microscopy
(HRTEM); yet, the layer was absent for growth on MgO, and its
absence did not appear to substantially affect the
conductivity.>** HRTEM measurements of Li,O and Li,S films
should be possible in future work using suitable transfer tools.
The fact that the conductivity initially increases during anneal-
ing (Fig. S4, ESIt) excludes a simple mechanism based on a
fast-conducting amorphous phase that crystallizes. However,
fast ion transport at amorphous—-crystalline interfaces is possi-
ble, and the density of those interfaces can initially increase
during crystallization, as suggested in the LiF-SiO,,*° Agl-
Ag,0-V,05,** and LiAlSiO,* systems. In all the mechanisms
discussed in the last two paragraphs, the higher-dimensional
defects percolate along the film, and the local conductivity
varies spatially, with regions in proximity to the relevant defects
showing a higher conductivity than the measured
macroscopic value.

Let us compare the conductivities in this work with those
reported for multiphase SEI layers and single-phase samples of
common SEI components. For multiphase SEI layers from liquid
carbonate electrolytes, Peled gave a typical resistance of 10-1000 Q
em?® at 25 °C, which corresponds to 107°-1077 S cm ! if a
thickness of 10 nm is assumed." Guo et al. measured 5 x 10~ "
S em™".'° For SEI layers from solid sulfide electrolytes, Wenzel
et al. observed 10-5000 Q cm?, or 2 x 10~ '°-10"7 S cm™ ' assuming
a 10 nm thickness. A similar range of values was observed by
Sakuma et al.*® Despite uncertainty about the precise SEI thick-
ness, these data suggest that typical SEI layers containing Li,O or
Li,S show an overall ionic conductivity on the order of 10~ '°-1077
S em™ ' at 25 °C. Fig. 4 compares this range to the ionic con-
ductivity values at 25 °C measured by impedance spectroscopy
from single-phase samples of common SEI constituents. Interest-
ingly, none of the data from the individual bulk materials are
consistent with the range of conductivities estimated for the
multiphase SEI layers. On the other hand, the films in this work
show macroscopic conductivities at 25 °C of 107'°-1077 S em™*
(LiO0) and 107'°-3 x 107* S em ™" (Li,S), depending on annealing,
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Fig. 4 lonic conductivity at 25 °C of typical materials in SEI passivation
layers, as measured from single-phase bulk or film samples by impedance
spectroscopy in this work (green) or in the literature (gray). In many works a
range of values has been measured, e.g., depending on doping. An asterisk
indicates the values were estimated by extrapolation from data acquired at
100-300 °C and higher. For LiOH an upper bound is shown. Multiphase
SEl layers containing Li>O or Li,S typically exhibit an ionic conductivity in
the range shown (purple). See Tables S1 and S2 (ESIY) for references. LEMC
is lithium ethylene monocarbonate. Adapted with permission from ref. 47.

which do agree with the SEI range. This crude comparison con-
siders only the macroscopic ionic conductivities, and it deserves
refinement in future work. Nevertheless, it suggests that higher-
dimensional defects and interfaces associated with Li,O and Li,S
may explain the Li" transport mechanism in various SEI layers.
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