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impact of disorder on Li-ion and
Na-ion transport in perovskite titanate solid
electrolytes for solid-state batteries†

Adam R. Symington, *a John Purton, b Joel Statham,a Marco Molinari, c

M. Saiful Islam a and Stephen C. Parker *a

Solid electrolytes for all-solid-state batteries are generating considerable research interest as a means to

improving their safety, stability and performance. Manipulation of structural disorder has a significant impact

on solid electrolyte structures, but is often not fully characterised. Here, we present a comprehensive

atomistic study that quantifies the effect of structural disorder on ionic transport using the perovskite Li3xLa(2/

3)�xTiO3 (0 < x < 0.16) (LLTO) and its sodium analogue Na3xLa(2/3)�xTiO3 (0 < x < 0.16) (NLTO) as model solid

electrolytes. We apply large-scale atomistic simulations to analyze the impact of sintering and synthesis

conditions on their cation disorder and ion transport behavior. Our results predict that high temperature

synthesis imparts high levels of A-site disorder in both electrolytes. The conductivities for disordered LLTO

samples are consistently higher than those of ordered systems, indicating the positive correlation between

disorder and Li-ion conductivity. This behavior can also be seen in NLTO, but this system suffers from very

low conductivity indicating that NLTO would not be a suitable electrolyte. We discuss the role of order–

disorder in the context of ionic conductivity and provide guidelines to tailor experimental synthesis conditions

that can lead to the optimization of high-performance solid electrolytes.
Introduction

Lithium-ion batteries are currently based on liquid electrolytes,
which suffer from safety and life cycling issues as well as poor
chemical stability. As a result, signicant efforts have beenmade to
replace liquid electrolytes with a solid electrolyte for all-solid-state
batteries.1–10 Many potential solid electrolyte materials based on
NASICON, LISICON and garnet structures have been investigated,
with each presenting its own strengths and weaknesses.11,12 One
promising candidate material is the A-site-decient perovskite,
lithium lanthanum titanate Li3xLa(2/3)�xTiO3 (0 < x < 0.16)
(LLTO).13–48 Early work found LLTO to have a high bulk lithium ion
conductivity of 1.0 � 10�3 S cm�1 at room temperature, with an
activation energy of 0.4 eV,13 although there are reports of signi-
cant grain boundary resistance.13,29,34,36,39,44

LLTO adopts the perovskite (ABO3) structure, comprised of
alternating layers of lanthanum (La-rich) and lithium (Li-rich)
(Fig. 1), with A-site vacancies residing preferentially in the Li-
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rich layer.25 Li-Ion conductivity depends on the A-site vacancy
concentration x13–15,17–22,24,26–28,45–47 and this dependence follows
a dome shape, with a peak at x ¼ 0.11 (1 � 10�3 S cm�1 at 298
K). The mechanism for Li-ion diffusion involves Li-ions
hopping via vacant A-sites.17,18,30,32

The degree of ordering of A-site cations (La3+/Li+) and A-site
vacancies strongly inuences the crystal structure as well as Li-
Fig. 1 Perovskite structure of A3xLa(2/3)�xTiO3 (0 < x < 0.16) (A ¼ Li+ or
Na+) showing corner-sharing TiO6 octahedra (blue), O ions (red), La
ions (orange) and Li (or Na) ions (purple).
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ion conductivity. Fully ordered systems consist of alternating
lanthanum (La-rich) and lithium (Li-rich) layers, whereas in
disordered systems the A-site cations and vacancies are
randomly distributed. Harada et al., showed that the ionic
conductivities of disordered LLTO samples were approximately
one order of magnitude higher than that of the fully ordered
sample.25 Furthermore, it has been shown that the ordering of
A-site vacancies has an impact on the dimensionality of Li-ion
conductivity. In ordered systems, the absence of vacancies
and Li-ions in the La-rich layers restrict Li-ion conductivity to
the Li-rich layers, and minimal Li-ion conductivity occurs
between these layers (via the La-rich layer).25 In contrast,
disordered systems demonstrate three-dimensional Li-ion
conductivity due to the random distribution of Li+, La3+ and
A-site vacancies which allow transport between layers.22,28,32,49

Controlling A-site cation disorder in Li-ion solid electrolytes
is a signicant challenge that must be overcome to reach the
ionic conductivity required for practical applications.25,50–55

However, A-site disorder and its inuence on Li-ion conductivity
in LLTO, is not fully characterised, especially at the atomic
scale. It is crucial to note that it is not possible to determine
whether disorder will be detrimental or benecial for conduc-
tion in a given material and predictive methodologies are
crucial to aiding this understanding.

In this work, we investigate the atomistic effects of A-site
cation disorder on the Li-ion conductivity of a representative
solid electrolyte, Li3xLa(2/3)�xTiO3 (0 < x < 0.16) (LLTO).
Furthermore, given the recent interest in sodium ion batteries
for grid storage,56,57 we have also studied, for the rst time, the
sodium analogue, Na3xLa(2/3)�xTiO3 (0 < x < 0.16) (NLTO). Using
Monte Carlo calculations, we show that high sintering
temperatures cause high levels of A-site disorder in both
materials and then, using molecular dynamics simulations we
show that this disorder has a signicant impact on the
conductivity. Our results provide valuable atomic-scale insights
into the role of disorder on the transport performance of solid
electrolytes and we provide a methodology that can be widely
applied to a range of materials.

Methodology

The calculations are based on well-established computational
techniques that are widely used to investigate the defect and ion
transport properties of ionic solids.

The perovskite structure used for both LLTO and NLTO has
a P4mm unit cell and lattice constants of a¼ b¼ 3.871�A and c¼
7.779�A.58 An 8 � 8 � 6 expansion of the unit cell was employed
for the Monte Carlo and molecular dynamics simulations and
simulations cells were �4000 atoms in size. Full details of the
simulation cells can be found in ESI2.†

Hybrid Monte Carlo (MC) simulations have been used to
explore the distribution of A-site cations and molecular
dynamics (MD) simulations have been used to calculate trans-
port properties. Previous studies have described MC methods
that exchange cation positions in order to sample multiple
congurations and calculate the thermodynamic and solubility
limits of ionic materials.59–63 However, the sampling of
19604 | J. Mater. Chem. A, 2020, 8, 19603–19611
congurations will oen be poor for systems such as LLTO/
NLTO due to the different size and charge of the Li+, Na+ and
La3+ cations. Hence it is normally necessary to undertake some
form of relaxation around the species which are interchanged.

The materials studied here are non-stoichiometric and
contain varying concentrations of Li+/Na+, La3+ along with
charge compensating A-site vacancies. In the current simula-
tions, positions were exchanged between the A-site cations, e.g.
Li+/Na+ 4 La3+, Li+/Na+ 4 A-site vacancies and La3+ 4 A-site
vacancies (ghost particles were employed to represent vacan-
cies). Aer each “exchange” the structure was relaxed using the
Fast-Inertial Relaxation Engine technique64 (FIRE) so that both
the residual forces on the ions were less than 0.001 eV�A�1 and
the energy had converged to less 1.0 � 10�5 eV. This is an
established technique that has been used to study the bulk and
surface structure of doped ceria.60,63 The internal energy and
structural data were monitored over a period of 80 000 cycles,
prior to which an equilibration period of 50 000 cycles was
undertaken. The Monte Carlo simulations were carried out
across a temperature range of 300–1600 K and thus provide
distributions of A-site cations and vacancies at various synthesis
and battery operating temperatures.

Molecular dynamics simulations were carried out on the
structures equilibrated with Monte Carlo. The DL_POLY code
was used for all molecular dynamics (MD) simulations.65 Long
MD runs of 5 ns were completed using a timestep of 1 fs with
supercells of �3000 atoms. Simulations were carried over
a temperature range of 300–1600 K, at intervals of 100 K, using
the NPT ensemble with a Nose–Hoover thermostat, for 1 ns to
equilibrate the conguration at that temperature. Congura-
tions were then simulated with the NVT ensemble, with a Nose–
Hoover thermostat for 5 ns for the collection of self-diffusion
data. Self-diffusion data for Li+ and Na+ were obtained from
a mean squared displacement (MSD) analysis according to

ri
2(t) ¼ 6DLi/Nat (1)

where ri
2(t) is the MSD, DLi/Na is the diffusion coefficient for Li+

or Na+ and t is time. The diffusion data was converted to
conductivity (s) using the Nernst–Einstein relationship.

s

DLi=Na

¼ HR

nq2

kT
(2)

where n is the number of charge carriers per unit volume, q is
the electron charge, k is the Boltzmann constant, T is the
temperature and HR is the Haven ration, which has a value of 1
in our calculations. The potential model of Pedone et al., was
used for all calculations,66 and full details are in the ESI.† Such
atomistic MD methods have been applied successfully to range
of complex solid electrolyte materials for solid state
batteries.67–70
Results and discussion
A-site disorder

In order to simulate the effect of temperature on the A-site
disorder, we have used large scale hybrid Monte Carlo
This journal is © The Royal Society of Chemistry 2020
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Fig. 2 Order parameter calculated from hybrid Monte Carlo calcula-
tions for the four LLTO (a) and NLTO (b) phases between 300 K and
1600 K. The typical range of battery operating conditions (300–800 K)
has been shaded in dark blue and the typical range of synthesis
conditions (800–1600 K) has been shaded in light blue.
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simulations, where A-site cations and vacancies were
exchanged. We have quantied the A-site disorder with an order
parameter term, calculated according to

Order parameter ¼ RðLa-richÞ � RðdisÞ
1� RðdisÞ (3)

where R(La-rich) and R(dis) are the occupancies of the A sites by
La3+ ions in the La-rich layers of the ordered form and in the
(001) plane of the disordered form, respectively.25 An order
parameter of 1 indicates that there is no mixing between the Li
and La-rich layers and an order parameter of 0 indicates that
there are no discernible Li or La-layers.

We have chosen to investigate four different Li3xLa(2/3)�xTiO3

and Na3xLa(2/3)�xTiO3 systems, with x values of 0.115, 0.128,
0.140 and 0.154. In ourMonte Carlo simulations, decreasing the
x value causes a small increase in volume (Fig. S1†). This agrees
with experimental observations which show that the volume
decreases with decreasing x due to the removal of large La3+

ions for smaller Li-ions.25 All phases have a positive expansion
in the a ¼ b lattice parameter with increasing temperature
whereas a negative expansion in the c parameter with increasing
temperature, i.e. the material becomes more cubic with
increasing disorder and temperature. This has been reported
experimentally in LLTO attributed to the elevated
temperature.25

Fig. 2 shows the change in order parameter with increasing
temperature for each phase. At lower temperatures (300–800 K),
the order parameter tends towards 1, which indicates that there
is minimal A-site disorder for all phases of both LLTO and
NLTO. In real terms, this means that La-ions are located
primarily in the La-rich layers, with minimal La-ions in the Li/
Na-rich layers in LLTO and NLTO. A-site vacancies are located
primarily in the Li/Na-rich layers in both materials. With
increasing temperature there is a decrease in order parameter
from 0.95 at 800 K to 0.5 at 1600 K in LLTO, and 0.95 at 800 K to
0.1 at 1600 K in NLTO. At the highest temperature (1600 K) the
cations and vacancies are more randomly distributed between
the La-rich and Li/Na-rich layers. In other words, the Li/Na-rich
and La-rich layers (as shown in Fig. 1) are poorly dened.

Under typical solid-state battery operating conditions, 300–
500 K, we predict a highly ordered system with clearly dened
La-rich and Li/Na-rich layers, and A-site vacancies localised in
the Li/Na-rich layers. In contrast, under sintering conditions
(>1000 K) the material will be disordered in both cation and
vacancy positions. Thus, our results indicate that freshly made
LLTO and NLTO devices will have high levels of A-site disorder.
Once in operation (300–600 K), the disorder will decrease over
time and tend towards clearly dened, alternating Li/Na-rich
and La-rich layers. Previous work has shown that high
temperature sintering (�1500 K) can signicantly increase the
A-site disorder in LLTO and that this disorder can be reversibly
altered with temperature.25 However the reversal is slow and
occurs over relatively long timescales, �100–200 hours.25

NLTO is far more susceptible to A-site disorder than LLTO, as
evidenced by its noticeably lower order parameter at high
temperature (Fig. 2b). An order parameter of 0 indicates that there
is complete mixing of La-ions, Na/Li-ions and A-site vacancies and
This journal is © The Royal Society of Chemistry 2020
that there is no difference between A-sites. There are underlying
differences in the behaviour of Li/Na-ions in LLTO and NLTO that
explain the difference in order parameter.

At 1600 K, where the order parameters signicantly differ,
the average Li–O, Na–O and La–O coordination numbers are
7.92 � 0.03, 11.86 � 0.02 and 11.87 � 0.03 respectively and the
average Li–O, Na–O and La–O bond lengths are 2.5 � 0.02 �A,
2.71 � 0.02 �A and 2.7 � 0.02 �A respectively. The difference in
behaviour of Li-ions and Na-ions in LLTO and NLTO can be
seen in the radial distribution function (Fig. 3). These results
show that Na-ions in NLTO behave in a similar manner to La-
ions in terms of bond lengths and coordination number and
we speculate that this is due to the similar size of sodium and
lanthanum ions. Swapping an La-ion with an Na-ion will have
less of an energetic impact on the local structural environment
J. Mater. Chem. A, 2020, 8, 19603–19611 | 19605
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Fig. 3 Radial distribution functions (RDFs) of Li–O (blue) and La–O
(orange) in LLTO and Na–O (green) and La–O (red) in NLTO at 1600 K.

Fig. 4 Li+ (a) and Na+ (b) temperature-dependent conductivities (sT)
and activation energies (Ea) for each bulk phase of LLTO and NLTO.
The experimental room temperature conductivity calculated from
electrochemical impedance spectroscopy for the x ¼ 0.113 phase of
LLTO (black diamonds) has been included for comparison.13

Journal of Materials Chemistry A Paper

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 1

1 
Se

pt
em

be
r 

20
20

. D
ow

nl
oa

de
d 

on
 4

/8
/2

02
6 

6:
58

:3
3 

PM
. 

 T
hi

s 
ar

tic
le

 is
 li

ce
ns

ed
 u

nd
er

 a
 C

re
at

iv
e 

C
om

m
on

s 
A

ttr
ib

ut
io

n 
3.

0 
U

np
or

te
d 

L
ic

en
ce

.
View Article Online
compared to an Li-ion. This observation is supported by powder
XRD measurements and transition electron microscopy studies
onmixed (NayLi1�y)3xLa(2/3)�xTiO3 systems which found that the
order parameter decreased with increasing concentration of
Na.42

Li and Na-ion conduction and dynamics

As noted, previous computational studies have not combined
Monte Carlo and molecular dynamics to understand disorder
and its impact on conductivity in these compounds. The results
of the Monte Carlo calculations were used to generate cong-
urations with fully equilibrated distributions of A-site cations
and vacancies. Thus, at each temperature studied with MD, the
distribution of A-site cations is fully equilibrated to that
temperature. It is important to note that the distributions of A-
site cations and A-site vacancies taken from the Monte Carlo
simulations did not change during the molecular dynamics
simulations, highlighting that the distributions generated from
the Monte Carlo simulations are representative of the equilib-
rium distribution.

The Li+ and Na+ diffusion coefficients were evaluated from
the mean squared displacement data (Fig. S4†) and then con-
verted to ionic conductivities using the Nernst–Einstein equa-
tion (eqn (2)). Fig. 4a shows the Arrhenius plot for calculated Li-
ion conductivity for the different LLTO and NLTO phases, as
well as some experimental data. The values for LLTO are in
agreement with experimental and theoretical reports in the
literature.13,21,71,72 The conductivity is highest for the x ¼ 0.115
phase and lowest for the x ¼ 0.154 phase. There is a two orders
of magnitude difference between the lowest conductivity (6 �
10�5 S cm�1 at x ¼ 0.154) and highest (1 � 10�3 S cm�1 at x ¼
0.115) at 300 K. This is in keeping with ac impedance experi-
ments, which show that Li-ion conductivity decreases with
increasing x value from a maximum value of x � 0.115.13,19

The calculated activation energies for Li-ion conductivity are
also given in Fig. 4a, with generally low values (�0.2 eV) for all
19606 | J. Mater. Chem. A, 2020, 8, 19603–19611
systems. These values are in agreement with electrochemical
impedance spectroscopy studies on single crystals,13 but lower
than polycrystalline measurements. This difference is due to the
strong grain boundary resistance that has been reported in
LLTO.13,29,39,73

Fig. 4b shows the Arrhenius plot for Na-ion conductivity in
the different NLTO phases. Under typical solid-state battery
operating conditions (300–500 K) minimal Na+ diffusion was
recorded (<1 � 10�6). Na+ diffusion occurs at temperatures
exceeding 900 K. The calculated conductivities at 900 K are very
low (5 � 10�6 S cm�1) and the activation energies are high
(0.35–0.47 eV in the temperature range 900–1800 K). Taken
together, this highlights the poor predicted performance of
NLTO as a solid electrolyte. NLTO has not been previously
This journal is © The Royal Society of Chemistry 2020
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Fig. 5 (a) Li-Ion in a 4 CN tetrahedral site within the A-site. (b) Na-Ion
in the 12 CN A-site. Titanium, oxygen, lanthanum, lithium and sodium
atoms are shown in blue, red, orange, purple and green respectively.
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studied in the context of solid electrolytes and so there is no
experimental study for direct comparison. Mixed Li/Na
lanthanum titanate systems have been studied previously and
while Na ion diffusion was not studied, it was found that the
introduction of sodium decreased the Li-ion conductivity and
increased the activation energy for Li-ion conduction relative to
the Li-ion system,74,75 in line with our results. Hence, our nd-
ings indicate that NLTO is not a suitable candidate for sodium-
based solid electrolytes.

There is no signicant difference between the volume of
LLTO and NLTO (Fig. S1†), despite the different sizes of A-site
cations due to the lanthanum titanate framework controlling
the cell dimensions. As the volume does not signicantly
change, the larger size of Na-ions is likely to be responsible for
the poor conductivity. Li-Ions in LLTO can be accommodated
into the structure without signicantly reducing the volume, as
evidenced by the similar volume of NLTO (despite the larger Na-
ions). The difference in conductivity between the two materials
is thus due to the different size of Li-ions and Na-ions which
have to diffuse within similarly sized diffusion channels. In the
previous section it was shown that Na-ions behave in a similar
way to La-ions in terms of coordination number and bond
lengths. It can be inferred from the coordination number and
bond lengths that Na-ions sit at the centre of the A-site and
remain highly coordinated, much like the La-ions. In contrast,
Li-ions in LLTO have much shorter bond lengths and smaller
coordination numbers, which indicates that they are much
more mobile within the A-site (Fig. 5).

The activation energy and conductivities (Fig. 4) have been
calculated using a fully equilibrated distribution of A-site
cations at each temperature. In reality the redistribution of
cations occurs over long timescales. For example, in LLTO, the
transition from fully disordered A-sites to fully ordered A-sites
occurs over 100–200 hours.25 This is in agreement with our
calculated La3+ diffusion coefficients, which are very small,
indicating that La3+ redistribution will take place slowly. Based
upon our Monte Carlo simulations we predict that LLTO will be
highly disordered following high temperature synthesis (1000–
1600 K) but ordered under battery operating conditions (300–
800 K). Electrolyte materials are synthesised at high tempera-
tures and then used at comparatively low temperatures in
devices. Taken together, we predict that LLTO samples, sintered
at high temperature, will be disordered when fabricated and
become ordered over time as they are cycled at low tempera-
tures. Thus, if the properties of the material (particularly ionic
conductivity) are inuenced by the A-site cation distributions,
they will change over the course of the device's lifetime.

In order to explore the full life cycle of LLTO devices (disor-
dered to ordered) it is necessary to consider congurations with
different levels of disorder at battery operating conditions. For
example, a conguration generated from Monte Carlo simula-
tions at 1600 K has an A-site cation distribution typical of
samples synthesised at 1600 K. If this sample was quench
cooled and fabricated into a battery, how would that device
perform over time? We have taken structural congurations
with different order parameters (Fig. 2), generated from Monte
Carlo simulations at 400, 800, 1200 and 1600 K and simulated
This journal is © The Royal Society of Chemistry 2020
their conductivities with MD between 300–1000 K. Thus, we
have calculated how disorder, introduced by synthesis condi-
tions, effects the conductivity and activation energy of the
material. Due to the poor conductivity displayed by NLTO, we
have not included the Na system in this part of the study.

Fig. 6a shows the effect of synthesis temperatures on the
room temperature conductivity. As the synthesis temperature
(and disorder) increases, the room temperature conductivity
increases signicantly (�5 � 10�3 S cm�1). This is in good
agreement with previous experimental work on disordered
LLTO which have shown that the level of disorder can alter the
conductivity by up to an order of magnitude,25,36,75,76 although
such a range of x values has not been explored. These results
show that LLTO, sintered at high temperatures will display
excellent conductivity at the start of its lifespan. However, the
conductivity will decrease with time as it is cycled at low battery
operating temperatures. Maintaining high levels of disorder is
necessary in order to maintain the high Li� ion conductivity.
High temperature applications are therefore a viable option for
the use of LLTO. Fig. 6b shows the calculated activation energy
for Li-ion conductivity for each phase, based upon A-site
disorder generated from Monte Carlo simulations. For all
phases, as the disorder (synthesis temperature) increases, the
activation energy decreases. The difference in activation energy
for each phase in Fig. 6b can be explained by looking at the
order parameter (Fig. 2a) for each conguration in Fig. 6b,
which follows a similar trend shown in Fig. S5.† This further
highlights that the electrolyte performance will decrease over
time if sintered at high temperature and operated at low
temperature. It is important to note that battery materials sin-
tered at high temperature can suffer from lithium loss, which is
J. Mater. Chem. A, 2020, 8, 19603–19611 | 19607
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Fig. 6 (a) Room temperature conductivities (s) calculated for each LLTO phase at different synthesis temperatures. For example, the room
temperature conductivity at a simulated synthesis temperature of 1600 K is the room temperature conductivity for a configuration with
a distribution of A-site cations generated with Monte Carlo at 1600 K. Error bars are obscured by the markers due to the negligible errors
associated with the calculated of conductivity. (b) Activation energies calculated frommolecular dynamics trajectories for each LLTO system for
Li+/La3+ distributions simulated at 400 (blue), 800 (orange), 1200 (green) and 1600 K (red). For example, the blue line shows the activation energy
for each phase with a distribution of A-site cations generated with Monte Carlo at 400 K.
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undesirable in terms of ionic conductivity.1 Strategies to mini-
mise the impact of Li loss during synthesis have been studied in
LLTO0 for example, Geng et al. found that a non-owing atmo-
sphere was more favourable that a owing atmosphere during
sintering when it comes to Li content evaporation.77
Li-Ion conduction pathways – order vs. disorder

The directional dependence of the Li-ion conductivity can be
found by analysing the Li-ion trajectories of the simulations to
Fig. 7 Two-dimensional density plots displaying the centre of mass of all
dynamics simulation at 500 K following synthesis conditions of 800 (orde
occupied by Li+ and La3+.

19608 | J. Mater. Chem. A, 2020, 8, 19603–19611
produce Li-ion density maps as shown in Fig. 7. The conduc-
tivity in the congurations annealed at 800 K is restricted
primarily to two dimensions in the ab plane, with very little
transport occurring between the Li-rich layers via the La-rich
layer. In contrast, the conductivity in the congurations
annealed at 1600 K is three dimensional and there is signicant
transport in the ab plane as well as the c direction.

Li-Ion conduction is dependent on the concentration of A-
site vacancies. When the system is ordered, there are clearly
dened Li-rich and La-rich layers, which limits transport to the
Li+ (purple) and La3+ (orange) at all simulation timesteps in a molecular
red) and 1600 K (disordered). Areas of purple and orange denote areas

This journal is © The Royal Society of Chemistry 2020
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Fig. 8 Difference between activation energy for Li-ion conductivity in
the c direction (Eca) (between La-rich and Li-rich layers) and the a ¼
b plane (Eaba ) (within layers).
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Li-rich layers, with vacancies residing primarily in the Li-rich
layers. Conductivity is limited to the Li-rich layers because
there is a small concentration of vacancies in the La-rich layers
to allow transport between layers. In contrast, in the congu-
rations annealed at high temperature A-site vacancies are
distributed relatively uniformly in both La-rich and Li- rich
layers along with Li-ions, resulting in signicant transport
between layers.

We can also quantify these effects by calculating the activa-
tion energy for Li-ion conductivity within the Li-rich layers and
between layers. Fig. 8 shows the difference in activation energy
for Li-ion conductivity in the c direction (Eca) (between La-rich
and Li-rich layers) and the activation energy for Li-ion conduc-
tivity in the ab plane (Eaba ) (within Li-rich layers). The values are
all positive indicating that activation energies are always higher
in the c direction compared to the ab plane. Following low
temperature synthesis, the structure is ordered and there are
minimal vacancies in the La-rich layer and the La-rich layers
effectively block Li-ion conductivity in the c direction. For
example, following synthesis at 400 K there is a difference
between (Eca) and (Eaba ) for all systems indicating anistropic Li-
ion conduction pathways. At high temperature there is signi-
cant disorder and the La-rich layer is occupied with Li-ions and
vacancies. Thus, at 1600 K the difference between (Eca) and
(Eaba ) now tends towards zero, indicating isotropic 3D conduc-
tion at high temperature.

Conclusions

The effect of A-site disorder is important to fully understand the
transport properties of the perovskite titanate solid electrolytes
for all-solid-state batteries at operating and synthesis condi-
tions. In this study, we have quantied the impact of A-site
disorder in the solid electrolyte material, Li3xLa(2/3)�xTiO3

(LLTO), and its sodium analogue Na3xLa(2/3)�xTiO3 (NLTO),
This journal is © The Royal Society of Chemistry 2020
using a combination of large-scale Monte Carlo and molecular
dynamics simulations. The results reveal the following key
features:

(a) There is a large difference in the degree of A-site disorder
in both LLTO and NLTO depending on the sintering and
synthesis conditions. Our results suggest that LLTO and NLTO
solid electrolytes will exhibit high levels of A-site disorder as
a result of the fabrication process and that this disorder will
decrease over time as the materials are used at battery operating
conditions.

(b) The ratio between Li-ions, La-ions and A-site vacancies
has a signicant impact on ion diffusion, with an optimal value
of x ¼ 0.115 in Li3xLa(2/3)�xTiO3. A-site cation ordering has
a large effect on the Li-ion conductivity and activation energy of
LLTO. Increasing the disorder of the material (altering the order
parameter from 1 to 0.5) by increasing the synthesis tempera-
ture, can increase the room temperature conductivity by an
order of magnitude. The disordered systems demonstrate
isotropic 3D Li-ion conductivity due to the random distribution
of Li-ions, La-ions and A-site vacancies, which allow transport
between layers.

(c) NLTO is not a suitable candidate for a sodium-based
solid-state electrolyte due to its very low Na-ion conductivity at
typical operating conditions.

These ndings will contribute towards developing strategies
for the optimization of the synthesis and operation of prom-
ising perovskite-type solid electrolytes for solid-state batteries.
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