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Increasing carbon fiber composite strength with a
nanostructured ‘‘brick-and-mortar’’ interphase†

Francois De Luca,a Adam J. Clancy, bc Noelia R. Carrero,bc David B. Anthony, a

Hugo G. De Luca,bc Milo S. P. Shaffer*bc and Alexander Bismarck *ad

Conventional fiber-reinforced composites suffer from the for-

mation of critical clusters of correlated fiber breaks, leading to

sudden composite failure under tension. To mitigate this problem,

an optimized ‘‘brick-and-mortar’’ nanostructured interphase was

developed, in order to absorb energy at fiber breaks and alleviate

local stress concentrations whilst maintaining effective load trans-

fer. The coating was designed to exploit crack bifurcation and

platelet interlocking mechanisms known in natural nacre. However,

the architecture was scaled down by an order of magnitude to

allow a highly ordered conformal coating to be deposited around

conventional structural carbon fibers, whilst retaining the charac-

teristic phase proportions and aspect ratios of the natural system.

Drawing on this bioinspiration, a Layer-by-Layer assembly method

was used to coat multiple fibers simultaneously, providing an

efficient and potentially scalable route for production. Single fiber

pull-out and fragmentation tests showed improved interfacial char-

acteristics for energy absorption and plasticity. Impregnated fiber

tow model composites demonstrated increases in absolute tensile

strength (+15%) and strain-to-failure (+30%), as compared to

composites containing conventionally sized fibers.

Introduction

Structural fiber-reinforced polymer (FRP) composites, espe-
cially carbon fiber-reinforced composites, are widely used as

load-bearing materials due to their high strength and stiffness at
low weight. During progressive loading of unidirectional FRPs
under tension, fiber breaks occur throughout the whole material,
at locations determined by the stochastic fiber strength distribu-
tion. When a fiber breaks, the load that it previously carried is
transferred to its neighboring fibers through the matrix, generat-
ing a local stress concentration. Depending on the geometry,
strength distribution and degree of fiber/matrix debonding, the
material may be able to redistribute the load successfully, leading
to an accumulation of fiber breaks within the composite.1 Even-
tually, a critical cluster of fiber breaks forms,2–4 which is associated
with a critical local stress concentration that can no longer be
carried by the adjacent fibers, leading to crack propagation and,
therefore, sudden and catastrophic failure of the composite.

Composite structures manifest a wide range of toughening
mechanisms including interfacial debonding,5 post-debonding
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Conceptual insights
Over the last few decades, the development of conventional fibre-
reinforced polymer composites has relied either on tuning the fibre
surface chemistry or the matrix composition to optimize fibre/matrix
adhesion. Unfortunately, increasing the interfacial strength improves
composite strength and stiffness but reduces toughness. We propose a
new strategy breaking this established trade off, to create composites with
both enhanced tensile properties and toughness by exploiting a well-
ordered, nanostructured interphase. The concept is inspired by the
properties of natural nacre which combines high strength and
toughness. We replicated mechanisms at play in nacre to develop a
new composite interphase. The scale and geometry of nacre was scaled
down to suit fibre composite systems. A nanostructured coating was
deposited by Layer-by-Layer deposition around many carbon fibres,
simultaneously, exploiting the self-limiting character of LbL. Large
quantities of material can be generated using a simple bath process
compatible with continuous fibre processing. The realisation of our
nanostructured composite interface results in an increased absolute
tensile strength and strain to failure compared to existing state-of-the-
art commercial carbon fibre composites. In addition, our concept
represents an interesting example of LbL deposition technology, usually
time-consuming and limited to small volume deposition.
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fiber/matrix friction,6 fiber pull-out7,8 and stress relief in the
interphase.9,10 In FRP systems, adhesion at the fiber/matrix
interface is often enhanced via liquid-phase oxidations,11 plasma
treatments,12,13 dry gaseous oxidation14 or electrochemical
oxidation,15 in order to improve the composite strength and
stiffness;16–18 however, toughness is typically reduced. Inter-
leaved architectures have also been investigated as a means to
rebalance composite stiffness19 and toughness.1 Generally, a
weak interface allows for multiple fiber/matrix delaminations
and a high degree of energy absorption, at the cost of a reduction
in the strength of the composite.17 A similar dilemma arises
when considering the formation of critical clusters of broken
fibers. In general, a strong fiber-matrix interface increases the
stress concentration in neighboring fibers, encouraging early
brittle failure. A weak interface leads to debonding, diffusing the
stress concentration, but reducing the integrity of the composite,
and increasing the proportion of ineffective fiber length.1 Fiber
coatings, such as polymer interlayers, have been intensively
investigated to improve composite toughness by means of inter-
face control.20,21 Improvements in composite toughness have
been reported but at the cost of other mechanical properties.
More recently, interlayers containing anisotropic nanoparticles,
such as graphene oxide nanosheets, have been explored as a
route to increase composite performance through stress
redistribution.22,23 When individualised nanosheets were dis-
persed in the interphase, increases in the interfacial shear
strength (36%) and interlaminar shear strength (13%) were
reported, and attributed to redistribution of stresses around
the surface crack via crack-tip bridging and crack deflection.
However, logically, further improvements could be achieved by
improving the degree of order of the nanosheets in the inter-
phase; indeed, recent modelling work has shown that a well-
defined, layered interphase is needed to improve composite
toughness via multiple crack deflection.24 In the context of
brittle ceramic matrix composites, where the focus is on tough-
ening, a layered coating of pyrocarbon or boron nitride has been
found to be especially effective for crack deflection and stress
relaxation, both experimentally25,26 and numerically.27 However,
for FRPs, simple crack deflection at a weak interface is not
sufficient; new approaches are needed to create composite
interfaces, which allow composite strength and toughness to
be improved simultaneously.28

Here, we introduce a nanostructured layered interphase that
can be deposited around the circumference of conventional
structural carbon fibers. The hypothesis is that an ordered
multilayer structure can absorb the energy released by fiber
breaks, via multiple crack deflections in the layered interphase
structure,29 spreading along the length of the fibers; progressive
fiber debonding/slippage, mediated by strain hardening of the
interphase layer in shear, can then allow local stress relaxation
without excessive debonding. Together, these effects may poten-
tially delay the correlation of fiber breaks in a composite and
hence increase its ultimate strength. This concept was inspired
by some of the characteristic toughening mechanisms identified
in the ‘‘brick-and-mortar’’ structure of natural nacre, such
as crack deflection at the platelet interfaces29 and platelet

interlocking30 in shear. The excellent mechanical performance
arising for the well-defined architecture of natural nacre, found
in the inner layer of mollusk shells, has recently motivated
extensive efforts to produce biomimetic composites with a
similar combination of high strength and high toughness.31

However, typical nacre platelets, both in natural and artificial
nacre mimics, are 5 to 10 mm long32 and cannot be used to
produce a coherent layered coating around typical reinforcing
fibers, which have diameters of 5 to 15 mm. On the other hand, it
is important to retain the critical aspect ratio of the platelets in
order to favor the required pull-out and sliding mechanisms.33,34

The working assumption, based on existing models, is that
nacre-like properties can be replicated independently of absolute
scale, as long as the aspect ratio of the reinforcing platelets is
maintained (at about 10) and the relative thickness of the
soft organic layers remains about 5 to 10% of the platelet
thickness.35,36 The thickness of a typical polymer layer, defined
by the dimensions of polymer molecules, is around 1–2 nm, and
thus platelets should ideally be approximately 10 to 20 nm thick
and about 100–200 nm wide. At this scale, the curvature of the
fiber is insignificant, and hence a conformal layered structure
can, in principle, be accommodated. The range of acceptable
platelet dimensions consistent with these requirements is
extremely narrow (Supplementary information S1, ESI†). Never-
theless, we were able to design a suitable ‘‘brick-and-mortar’’
nanostructure, consisting of hexagonal layered double hydroxide
(LDH) platelets and soft poly(sodium 4-styrene sulfonate) (PSS)
polyelectrolyte. We have previously demonstrated the efficacy of
this system on flat substrates as well as at the interphase of
single glass fiber composites, showing that the correct phase
proportions and geometry enabled the mechanical performance
and toughening mechanisms of nacre to be reproduced, but at a
much smaller length scale.37,38 Here, we report the deposition of
this nanoscaled nacre mimic around structural carbon fibers.
Due to its self-limiting nature, the Layer-by-Layer (LbL) method
provides a convenient route to generate a well-ordered coating
on multiple fibers simultaneously. The effect of a nano-
structured composite interphase was quantified on the single
fiber level and in model impregnated tow composites.

Results and discussion

The LbL process is based on electrostatic forces, and requires
the substrate to have a high surface charge density to allow for
successful deposition and adequate adhesion. Commercial
industrially oxidized, unsized carbon fibers have only a limited
charge density (Fig. 1A and Supporting information S3, ESI†),
which leads to weak interactions with the deposited coating
(Supplementary information S2, ESI†). Therefore, the carbon
fibers were further oxidized by O2 plasma treatment and sub-
sequent immersion in 0.1 M KMnO4; the resulting (additional)
acidic surface oxides dissociate, particularly at high pH, result-
ing in an increased negative surface charge density (Supporting
information S3, ESI†). While the exposure to O2 plasma did not
cause any measurable reduction in carbon fiber diameter,

Communication Materials Horizons

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 2

2 
M

ar
ch

 2
01

8.
 D

ow
nl

oa
de

d 
on

 3
/1

6/
20

26
 1

0:
15

:0
6 

A
M

. 
 T

hi
s 

ar
tic

le
 is

 li
ce

ns
ed

 u
nd

er
 a

 C
re

at
iv

e 
C

om
m

on
s 

A
ttr

ib
ut

io
n 

3.
0 

U
np

or
te

d 
L

ic
en

ce
.

View Article Online

http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/c7mh00917h


670 | Mater. Horiz., 2018, 5, 668--674 This journal is©The Royal Society of Chemistry 2018

etching of the surface crenulations was observed, leading to
higher surface roughness particularly at longer treatment times
(Supporting information S3, ESI†). A short 5 min plasma treat-
ment was used to increase surface charge whilst retaining a low
surface roughness needed to form well-ordered, nanostructured
LbL deposits. Disordered versions of these ‘‘brick-and-mortar’’
nanostructures on glass substrates are known not to allow for
platelet pull-out or effective crack deflection,37,38 likely limiting
improvements in composite tensile properties.

The measured z-potentials showed that all fibers were
negatively charged over the entire pH range. The initial plateau
value around �19 mV, characteristic for industrially oxidized
carbon fibers,39 increased in magnitude after O2 plasma treat-
ment to �45 mV, and again to �58 mV following KMnO4

treatment, as expected on introducing more dissociable acidic
functional groups (Supporting information S3, ESI†).39,40 In
order to improve the electrostatic interactions between the fiber
surface and the coating, all the solutions and suspensions used
for the LbL deposition were adjusted to pH 10, where the

z-potential was most negative, similar to the deposition of the
coating on glass slides.37

Bundles of commercial PAN-based unsized treated carbon
fibers (diameter 7 mm) were successfully coated (called ‘‘coated
fibers’’ in the following) via a sequential LbL dipping process
(Fig. 1B). A soft, cationic poly(diallyl dimethyl ammonium
chloride) (PDDA) precursor layer was found to promote the
adhesion of the coating to the fiber, avoiding direct contact
between the stiff, positively-charged platelets and rigid carbon
fiber surfaces. The negatively charged fiber surfaces were first
coated with a positive PDDA buffer layer, before repeatedly
applying (PSS/LDH) bilayers. As found for coatings37 success-
fully deposited on both flat substrates and curved surfaces of
glass fibers,38 using the same methodology and constituent
materials, the coating thickness increased linearly with the
number of deposited (PSS/LDH) bilayers by about 15 nm per
bilayer, indicating a stable, ordered LbL process (Supplementary
information S4, ESI†). Additional SEM micrographs of coatings
deposited on both carbon fibers and flat substrates reveal a

Fig. 1 Schematic diagram showing the modification of the as-received unsized carbon fibers, coating deposition and small composite manufacture: the
as-received carbon fiber surfaces were functionalized with low-pressure O2 plasma treatment and subsequently further oxidized in KMnO4 (A).
PDDA(PSS/LDH)n ‘‘brick-and-mortar’’ nanostructures were assembled, by LbL at pH 10, on all the individual carbon fibers within a bundle (B). The
composite containing coated carbon fibers was intended to fail via crack deflection (in red) and sliding within the volume of the anisotropic
nanostructured interphase (C). SEM micrograph of a composite cross-section made of coated carbon fibers (D).
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similar morphology (Supporting information S4, ESI†). SEM
showed that the PDDA/(PSS/LDH)n coatings were homogeneous
across all the fibers within the bundles. The self-limiting nature
of the LbL process means that each individual fiber within the
bundle can be coated simultaneously, accelerating production
and allowing small unidirectional model composites, consisting
of several hundred coated carbon fibers in epoxy to be manu-
factured (Fig. 1C and D).

In order to assess the effect of the nanostructured inter-
phase on the properties of the fiber/matrix interface in epoxy,
single fiber pull-out tests were carried out for both the coated
fibers and ‘‘control fibers’’ (plasma and KMnO4 oxidized,
unsized carbon fibers). Both the apparent interfacial shear
strength (IFSS) and ability of the fiber to progressively slide
during the debonding process were investigated (Fig. 2A and B).
Stable fiber slippage was quantified by defining the debonding
length ratio (DLR) as the ratio between the distance that the

fiber slides prior to full debonding (ld) over the fiber length
embedded in epoxy (le). The IFSS was determined from a plot of
maximum force against embedded area (Fig. 2A); the consis-
tency of the IFSS as a function of the fiber embedded length,
within error, indicated a valid ductile failure mode (Fig. 2B).41

Both IFSS and DLR were significantly improved by the presence
of the nanostructured coating, relative to the control fibers,
reaching maxima of 59.5 � 3.9 MPa (+84%) and 0.17 � 0.02
(+89%), respectively, for the fibers coated with a 0.4 mm thick
PDDA/(PSS/LDH)25 layer. Further increases in the interphase
thickness resulted in a relative drop of the IFSS and DLR, most
likely due to a reduction of the radial clamping force exerted on
the fiber by the epoxy matrix, as a result of the compliance of
the coating.

Single fiber fragmentation tests were conducted on both the
control fibers and the optimum PDDA/(PSS/LDH)25 coated
fibers, to assess the ability of the nanostructured interphase

Fig. 2 Maximum force (Fmax) applied to single fibers as a function of fiber embedded area in the epoxy matrix (A), apparent IFSS = f (le) of control fibers
and fibers coated with PDDA/(PSS/LDH)n of varying thickness (B) and histogram distribution of fiber fragment length for control and PDDA/(PSS/LDH)25

coated fibers obtained by single fiber fragmentation tests (C). Optical images of in situ fragmentation of control and PDDA/(PSS/LDH)25 coated (D) carbon
fibers using cross-polarized light in transmission at +1.2% and +2.4% strain (i, ii and iii, respectively); vertical arrows pinpoint fiber fragments and
horizontal arrows and the dashed line highlight progressive sliding of the fiber. Optical images of control and PDDA/(PSS/LDH)25 coated carbon fibers
using non-polarized light in transmission mode after the fragmentation test (E); horizontal arrows show fiber fragments. Debonding length ratio (DLR)
and IFSS of carbon fibers coated with different PDDA/(PSS/LDH)n coating thicknesses determined by single fiber tests in epoxy (F and G, respectively).
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to redistribute/dissipate stress under more realistic loading
conditions. The photoelastic birefringence, observed by polar-
ized transmission optical microscopy during testing, relates to
stress concentrations at the fiber/matrix interface in the vicinity
of fiber breaks.42 The control fibers exhibited an intense
and large stress field near each fiber break, which remained
relatively unchanged when strain increased (Fig. 2D(i–iii)); in
contrast, the PDDA/(PSS/LDH)25 coated fibers presented a less
intense stress field, spread along the length of the fiber (Fig. 2C
and D). Upon increasing the macroscopic strain, the stress field
was observed to propagate progressively along the fiber, accom-
panied by a noticeable further reduction in intensity of the
stress field. The weaker initial stress field can be attributed to
crack deflection within the nanostructured ‘‘brick-and-mortar’’
interphase, while the reduction in its intensity can be attributed
to progressive slippage of the fiber, through plastic deformation
of the interphase. The fragment length distributions, after satura-
tion, were shifted towards shorter lengths for the coated fibers
(Fig. 2C, mean lengths of 212 � 11 and 137 � 9 mm for control
and coated fibers, respectively). Critical fragment lengths (lc) of
283� 14 and 182� 12 mm were deduced from the mean fragment
length using the Kelly-Tyson model8 (refer to Method). Although
the strength of the fibers at the scale of the fiber fragments is
uncertain, IFSS values were estimated using a tensile strength of
4413 MPa (provided by the manufacturer, Hexcel). IFSS values of
55.2 � 2.8 and 84.8 � 6.6 MPa were determined for the control
and PDDA/(PSS/LDH)25 coated fibers, respectively, showing a

significant enhancement in broad agreement with the IFSS
increase measured from single fiber pull-out tests (Fig. 2G).

The tensile properties and fracture behavior of small uni-
directional model composites were compared against control
fibers, and the optimum PDDA/(PSS/LDH)25 coated fibers, as
well as additional samples prepared with as-received commercially-
sized PAN-based fibers (called ‘‘sized fibers’’ in the following). To
ensure good impregnation of a bundle of coated fibers and,
therefore, achieve a high fiber volume fraction in the composite,
the resin must wet the fibers. Flat micrometre-thick nanostruc-
tured coatings with LDH- and PSS-terminated monolayers were
used in order to identify which interface was best wetted by the
liquid, uncured epoxy resin. A similar, favourable contact angle
was observed in each case, about 221 and 231 for the LDH- and
PSS-terminated coatings, respectively (Supporting information, S6,
ESI†). For consistency with the single fiber tests, LDH-terminated
coatings were used for the composite bundle experiments. Homo-
geneous impregnation of the bundles with the ultra-low viscosity
epoxy resin led to composites with a fiber volume fraction around
50%, determined from micrographs of cross-sections (Supporting
information S6, ESI†). The tensile stress–strain responses of these
tow composites were recorded and correlated with acoustic events
(AEs), indicative of fiber breaks (Fig. 3A) occurring during the
tensile test. In order to minimize any effect of varying fiber volume
fractions and, therefore, allow for a fair comparison of the different
composite specimens, the load applied to the material was con-
verted into a stress normalized to the cross-sectional area of the

Fig. 3 Stress–strain curves and associated cumulative distributions of acoustic emission events occurring during tensile tests of impregnated fiber tow
composites containing control fibers, coated fibers (with ‘‘brick-and-mortar’’ PDDA/(PSS/LDH)25 nanostructured coating), and sized fibers (A). Low and
high magnification SEM micrographs, accompanied by high speed video stills, of fracture surfaces of impregnated fiber tow composites containing
coated fibers (B and C, respectively) – red and white arrows pinpoint locations where the coating is removed and still adhered to the surface of the fibers,
respectively. Tensile strength and strain-to-failure of the composites containing control, coated and sized fibers (D and E, respectively).
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total fiber content in the composite. This approach provides a
clearer indication of the fiber dominated tensile properties, which
determine the tensile properties of unidirectional tow composites.
The strain was recorded using a video extensometer across the full
gauge length of the specimens. The elastic modulus was deter-
mined to be similar for all types of fiber composites, roughly
230 GPa (Table 1); the similarity to the expected elastic modulus of
AS4 carbon fibers (231 GPa) confirms the robustness and con-
sistency of the composite preparation and testing. The tensile
strength of the tow composites containing the nanostructured
interphase increased from 3235 � 160 MPa to 4607 � 391 MPa,
as compared to composites containing the control fibers (Fig. 3D).
The increased tensile strength of the coated fibers was accompa-
nied by an increased strain-to-failure from 1.49 � 0.12% to
2.12% � 0.10% (Fig. 3E). More importantly, the strength and
strain to failure of the coated fiber composites also exceeded the
values for the sized fibers (4048 � 523 MPa and 1.63 � 0.15%,
respectively). Only a single AE event was detected for the compo-
sites based on control or sized fibers, which was associated with
the final composite failure. However, for the composites containing
coated fibers, additional AE events were detected, prior to failure.
This observation is consistent with a larger number of independent
fiber breaks occurring in the hierarchical composites, due to a
successful reduction in local stress concentrations in neighboring
fibers. The associated delay in the formation of a critical cluster of
fiber breaks can explain the improved ultimate tensile strength and
strain to failure of the composites.

The fracture surfaces of the failed composites were investigated
by SEM and showed distinctive differences. The sized fiber compo-
sites showed a brittle and localized failure, with no pull-out
(Supporting information S7, ESI†). The control fibers show debond-
ing (Supporting information S7, ESI†), with relatively clean fiber
surfaces, attributed to poorer fiber/matrix adhesion; the IFSS of the
sized fibers was measured to be about 48% higher than that of
the control fibers (48.1 � 1.4 MPa) by single fiber pull-out tests
(Supporting information S5, ESI†). In contrast, the coated fiber
composites also showed debonding but with a mixture of rough and
smooth surfaces, indicating that the coating remained partly
attached to the fiber until fracture (Fig. 3B and C). At lower
magnification, the fracture surfaces of the coated fiber composites
exhibited a more staggered final failure, than the control or sized
fiber systems, indicating multiple fracture sites (Supporting infor-
mation S7, ESI†).

Conclusions

An entirely new class of nanostructured fiber sizing was
designed and successfully implemented. Highly ordered

nanostructured multilayered nacre mimetics were scaled down
by more than an order of magnitude, in order to conformally
deposit them around the circumference of conventional struc-
tural carbon fibers. A 0.4 mm thick ‘‘brick-and-mortar’’ PDDA/
(PSS/LDH)25 nanostructured coating was found to offer the
greatest improvements in IFSS and DLR, as determined by
single fiber pull-out. In fragmentation tests, the local stresses
associated with fiber fragmentation appeared reduced and dif-
fused. The findings are consistent with the intended mechan-
isms of crack deflection and platelet interlocking in shear within
the composite interphase, whilst simultaneously improving load
transfer between matrix and fibers. When the optimum coating
was used as the interphase in unidirectional impregnated fiber
tow model composites, the new system provided higher ultimate
strength and strain-to-failure than composites containing either
bare unsized treated carbon fibers (‘‘control fibers’’) or the
as-received commercially-sized carbon fibers (‘‘sized fibers’’).
Acoustic emission recorded a higher number of fiber breaks
within the hierarchical composites prior to the final catastrophic
failure, indicative of the occurrence of multiple isolated fiber
breaks. The nanostructured ‘‘brick-and-mortar’’ interphase appears
to have isolated fiber breaks within the composite, delaying the
formation of a critical cluster, leading to improved tensile
properties compared to the composite containing commercial
fibers. Further development should allow for additional
improvements in strength and strain to failure, particularly
by improving the stability of the coating under tension and
increasing its adhesion to the fibers via covalent bonding. The
molecular weight of the polyelectrolyte could be optimized to
maintain an ideal bilayer thickness whilst allowing maximum
shear strain under load. Ultimately, a more ductile composite
response might be observed if a sufficiently high density of
isolated fiber breaks could be achieved. One can assume that a
thicker PDDA/(PSS/LDH)n nanostructured interphase (n 4 25)
may allow for more energy dissipation along the length of
the fibers, reducing interactions between broken fibers and,
therefore, allowing for higher tensile strength, if the radial
clamping force can be maintained. The deposition of the
coating around many individual fibers within a bundle of fibers
offers the possibility to manufacture tows of coated fibers in a
continuous manner, via a simple sequence of dipping baths,
similar to current sizing deposition methods. The scalability
of the deposition process on carbon fiber tows might result
in a practical use of Layer-by-Layer assembly, since the parallel
deposition process increases the volume production rate,
whilst a relatively thin coating on each fiber is sufficient to
alter the composite properties. This approach offers an appeal-
ing method to produce a wide range of complex fiber sizes
effectively.

Table 1 Tensile properties of the different unidirectional bundle composites

Composite specimen Elastic modulus/GPa Strength/GPa Strain-to-failure/% AE events/a.u

Coated 232.54 � 3.99 4.61 � 0.18 2.12 � 0.10 1–10
Control 218.32 � 18.50 3.24 � 0.16 1.49 � 0.12 Final rupture only
Sized 249.06 � 15.87 4.05 � 0.52 1.63 � 0.15 Final rupture only
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