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One-step additive manufacturing of Ni–Mn–Sn
alloys with a large elastocaloric effect†
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Zhaojun Mo, d Jian Liu,f Wei Lig and Guowei Li *ab

Ni–Mn–Sn metamagnetic shape memory alloys have garnered significant attention in solid-state refrigeration

due to their highly tunable magnetic properties and large elastocaloric effects. However, their intrinsic

brittleness hinders practical application. Laser powder bed fusion (L-PBF) additive manufacturing technology can

overcome the machining difficulties of brittle alloys, enabling freeform geometrical design. Meanwhile, the

rapidly cooled melt pool also facilitates the attainment of austenite functional phases. However, the

elastocaloric effect of L-PBF alloys, especially for directly printed bulk materials without heat treatment, has not

been systematically studied in Ni–Mn-based alloys. This work successfully obtained a rapidly solidified

microstructure with austenite phases in Ni45Mn44Sn11 alloys using a one-step L-PBF method without heat

treatment. The relative densities of the L-PBF samples reached a maximum of 98.20%, with the entropy change

values remaining stable in the range of 26 to 31 J kg�1 K�1. Compared to compression along the building

direction, impressive and larger elastocaloric temperature changes (6.7 K) were achieved when compressing

along the scanning direction due to the dominance of columnar grains and micron-sized defects. A maximum

entropy change of 4.8 J kg�1 K�1 is achieved under an external magnetic change of 5 T. This work offers a

simplified method for rapidly constructing solid-state refrigeration alloys with a large elastocaloric effect.

Introduction

Heusler-type Ni–Mn–X (X = Sn, Ga, In and Sb) metamagnetic
shape memory alloys have been extensively studied owing to
their multifunctional properties, e.g. magnetostrain, magne-
toresistance effect, considerable electrocatalytic activity and
caloric effects.1–3 Caloric effects can be exceptionally efficient
forms of energy conversion.4 The solid-state refrigeration based
on the magnetocaloric, elastocaloric, barocaloric or multicaloric
effect5–8 is regarded as a promising environmentally friendly

alternative to vapor compression refrigeration.9–12 Fundamen-
tally, the caloric effect originates from the martensitic transfor-
mation from a high-temperature phase to a low-temperature
phase with different structures in shape memory alloys.13–15

Therefore, the volume fraction of martensitic transformation
affects the values of isothermal entropy change (DS) or adiabatic
temperature change (DTad). For Ni–Mn–Sn alloys, the high-
temperature phase typically exists in the forms of the L21 phase
(bcc structure), g phase (fcc structure), D03 phase (X3Y proto-
type) and D19 phase (hexagonal structure).16–19 Only the L21

cubic phase could transform into the martensite phase, there-
fore the L21 phase serves as the functional phase for refrigera-
tion. Accordingly, reducing the fraction of those non-functional
phases is advantageous for enhancing the caloric effect. A
thermal treatment method is commonly employed to eliminate
non-functional phases in Ni–Mn-based alloys prepared by con-
ventional preparation methods such as arc melting, induction
melting, directional solidification, etc. Advantageously, the non-
functional phase can be effectively inhibited by rapid solidified
technology, for example, the austenite phase has been directly
obtained in melt-spun Ni–Mn-based ribbons at high rotational
speeds.20,21 Interestingly, laser powder bed fusion (L-PBF), as a
common technology in additive manufacturing (AM), also features
extremely fast heating and cooling ramps (B106 K s�1).22–24

It becomes an effective method to obtain rapid solidification
microstructures. Meanwhile, AM overcomes the machining
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difficulties in brittle alloy systems and provides an approach to
realize geometric freedom.25–29

For elastocaloric and magnetocaloric refrigeration proto-
types, the refrigerant requires high surface area structures such
as honeycomb, riverbed and fin structures.30,31 For the Ni–Mn-
based Heusler alloys with intrinsic brittleness and poor
machining properties, the fabrication of sophisticated geome-
tries via conventional methods remains challenging.32–34 The
AM is suitable for preparing Ni–Mn-based alloys with high
surface area structures and functional phases. Several works
have been reported on 3D-printed Ni–Mn–Sn(Ga)-based alloys.
Rittinghaus et al.35 manufactured Ni47.2Mn39.2Sn13.0 alloys by
electron beam powder bed fusion (E-PBF) and L-PBF. The alloys
of L-PBF and E-PBF indicated a magnetic entropy change of
3.95 J kg�1 K�1 under an external field change of 5.0 T. Sun
et al.36 developed manufacturing routes for Ni50Mn37Sn13 alloys
using the L-PBF technique by in situ alloying from elemental
constituents, and the maximum value of magnetic entropy
change is about 0.5 J kg�1 K�1 under a field change of 1.0 T.
The L-PBF Ni40Mn43Sn11Co6 alloys had a maximum magnetic
entropy change of about 14 J kg�1 K�1 under an external field
change of 5.0 T.37 The Ni49.5Mn19.1Cu6.6Ga24.8 alloy with 1.2 K
hysteresis was prepared by powder bed binder jet 3D printing
with subsequent sintering and the maximum magnetic entropy
change was about 12.0 J kg�1 K�1 at 2 T.38 These works focus on
the microstructure, magnetic properties and magnetocaloric
effect, and most properties are obtained through heat treat-
ment. Elastocaloric cooling has been identified as the highest
promising alternative to vapor-compression technology in room
temperature refrigeration applications,39,40 while the elastoca-
loric effect of 3D-printed materials has rarely been investigated.
Recently, we reported the elastocaloric effect of Ni45Mn44Sn11

alloys via L-PBF after annealing, and a large adiabatic tempera-
ture change (DTad) of 11 K has been achieved.41 Unfortunately,
L-PBF alloys inevitably exhibit cracks and void defects.36,37,41 It
is crucial to investigate the influence of defects on mechanical
properties and elastocaloric effects. In this work, the austenite
phase is directly obtained via a rapid scanning strategy of 1000–
3000 mm s�1 in L-PBF, meanwhile, the alloy exhibits a sig-
nificant elastocaloric effect without heat treatment. The for-
mation mechanism of defects in the alloy was explored. The
influence of microstructures and defects on the mechanical
properties and elastocaloric effects was investigated.

Methods

The powders with a nominal composition of Ni45Mn44Sn11 (element
atomic %) were prepared by gas atomization, and 4 wt% extra Mn
was added to the raw materials to compensate for Mn volatilization.
Powders in the size range of 15–53 mm for printing were sieved by
standard sieves. The powder size distribution for printing was
analyzed using a Microtrac S3500 tri-laser diffraction particle analy-
zer. The L-PBF samples were fabricated under an argon atmosphere
using a BLT-A300 system (BRIGHT LASER TECHNOLOGIES, China).
The different combinations of L-PBF parameters were selected as

shown in Table S1 (ESI†). The corresponding laser energy density (E)
is calculated using the equation42 E = P/(n � H � d), where P is the
laser power, v is the scanning speed, H is the hatching spacing and
d is the layer thickness. Two P/v ratios were chosen in order to
theoretically maintain an E of 25 J mm�3 or 30 J mm�3. The applied
energy density was selected based on our previous L-PBF works on
Ni–Mn–Sn alloys.41

The microstructure of the samples was examined using
scanning electron microscopy (SEM, FEI Quanta FEG 250) and
Zeiss Imager M2m optical microscopy. An energy dispersive
spectrometer (EDS) was utilized to analyze the distribution of
elements. The elemental contents of the samples were measured
using an inductively coupled plasma optical emission spectro-
meter (ICP-OES, SPECTRO ARCOS). Each sample was prepared in
duplicate for testing, and the element concentrations presented in
Table S2 (ESI†) are the average values. To evaluate the defects of
samples, 3D X-ray tomography scanning was performed using a
ZEISS Xradia Context micro-CT system (Micro-CT, METROTOM
160 kV) with a voxel size of 1.99 mm. Texture analyses were
performed via electron backscatter diffraction (EBSD, OXFORD
Nordlys Max2). All inverse pole figures (IPFs) were defined such
that the h001i direction is aligned with the scanning direction.
The phase identification was performed using an X-ray diffract-
ometer (XRD, Bruker D8) with Cu Ka radiation. The characteristic
temperatures of martensitic transformation (Ms, Mf, As, Af) and
latent heats (DH) were determined using differential scanning
calorimetry (DSC, NETZSCH DSC 214) with a heating/cooling rate
of 10 K min�1, where Ms/Mf and As/Af are the martensitic
transformation start/finish temperature and austenite transfor-
mation start/finish temperature, respectively. The DS in a ther-
mally induced martensitic transformation was determined as
DS = DH/T0, where T0 = (Ms + Af)/2 is the equilibrium temperature.
A differential thermal analysis (DTA) was employed to measure
the energy changes of the P150 sample in a higher temperature
range with a heating/cooling rate of 10 K min�1.

The mechanical test specimens were cut from the L-PBF alloys
into pieces with dimensions of 3.5 � 3.5 � 7 mm3. The compres-
sive experiment was conducted on a universal testing machine
(SUNs-UTM 5000). A low strain rate of 0.000071 s�1 was used to
ensure the isothermal conditions upon loading, while a high strain
rate of 0.048 s�1 was used to approach the adiabatic conditions
upon unloading. The control mode required the strain magnitude,
which was measured using an extensometer. The loading strain is
gradually increased at 0.5% strain step until the sample fracture.
The temperature change associated with the elastocaloric effect
was monitored using an infrared thermometer (FLIR, A325sc)
during unloading. Magnetization vs. temperature (M–T) and mag-
netization vs. field (M–H) curves were measured using a super-
conducting quantum interference device vibrating sample
magnetometer (SQUID-VSM).

Results and discussion

The Ni–Mn–Sn powders for AM were obtained through the argon
gas atomization process. The XRD pattern of the as-prepared

Paper Journal of Materials Chemistry C

Pu
bl

is
he

d 
on

 0
5 

Se
pt

em
be

r 
20

24
. D

ow
nl

oa
de

d 
on

 2
02

4-
10

-1
4 

4:
28

:1
1 

PM
. 

View Article Online

https://doi.org/10.1039/d4tc02734e


This journal is © The Royal Society of Chemistry 2024 J. Mater. Chem. C

powder and the corresponding Rietveld refinement indicate good
agreement between the experimental data and the calculated
structure based on the L21 structure of Ni2MnSn (Fig. 1a). The
EDS results indicate that the average chemical composition of the
powder is Ni43.56Mn45.03Sn11.42 (element atomic %) as shown in
Fig. S1 (ESI†). We further used ICP-OES to verify the compositions
of the samples. The ICP-OES results indicate that the average
chemical composition of the powder is Ni43.88Mn43.79Sn12.33 (at%)
as shown in Table S2 (ESI†), which is close to the EDS results. The
sieved powder exhibits a narrow Gaussian-type particle size
distribution (Fig. 1b), with over 90% (D90) of the particles
measuring below 48.1 mm in size. The well-defined spherical
shape and narrow size distribution of the powders are ideal for
constructing elastocaloric devices using the AM strategy.

By adjusting the laser energy density and scanning speed, a
series of L-PBF Ni–Mn–Sn alloys with dimensions of 15 � 15 �
20 mm3 were produced at different laser powers ranging from
50 to 180 W (Fig. 1c). To achieve rapidly solidified microstruc-
tures, high scanning rates (1000–3000 mm s�1) are employed.
The backscattered SEM images indicate high homogeneity in
the constructed samples without secondary phases (Fig. 1d and
Fig. S2, ESI†). The EDS also suggests a homogeneous distribu-
tion of the elemental composition (Fig. S3, ESI†). The average
chemical composition of P50 is Ni44.53Mn42.81Sn12.66 (at%) as
shown in Table S2 (ESI†). Compared to the composition of the
powder, the reduction in Mn content is due to the slight
evaporation of Mn elements after laser remelting. Micron-
sized cracks and pores are observed on the surface when the
laser power is below 180 W, with the cracks spreading along the
building direction (BD).

The XRD patterns of the constructed samples are shown in
Fig. 2a. All the main diffraction peaks can be indexed to the
single cubic L21 crystal structure austenite phase. Only a tiny
peak corresponding to the martensitic phase is observed, sug-
gesting the high phase purity of the samples. This is because the
rapid solidification of the melt pool during the L-PBF process
could effectively suppress the formation of D03 phases and g
phases, which are commonly observed during equilibrium soli-
dification. To further verify that there are no D03 phases and g
phases in the sample, the DTA was employed to measure energy
changes at higher temperatures as shown in Fig. S4 (ESI†).
Besides the exothermic/endothermic peaks associated with melt-
ing/solidification, no phase transition peaks of a second phase
were observed.

Now we start to investigate the elastocaloric effect of the
L-PBF samples by tracking the thermally driven martensitic
phase transformation processes. Differential scanning calorime-
try (DSC) curves of L-PBF Ni–Mn–Sn samples constructed at
different laser powers are displayed in Fig. 2b and Fig. S5 (ESI†).
The exothermic and endothermic peaks can be attributed to the
phase transformation between martensitic and austenitic phases,
which are in good agreement with previous studies in Ni–Mn–Sn
Heusler compounds.43 It is interesting to observe that the
endothermic/exothermic peaks are nearly identical for P60–P150

samples in Fig. 2b and Fig. S5 (ESI†), implying that the well-
defined martensitic transformation is not sensitive to changes in
laser power from 60–150 W. The robustness of the L-PBF strategy
is further confirmed by the almost unchanged average character-
istic temperatures of martensitic transformation (TM = (Ms + Mf +
As + Af)/4) in P60–P150 samples, which can be determined by
measuring the starting and finishing temperatures for austenite
and martensite (Fig. S6, ESI†). The relatively high TM for the
sample constructed under 180 W is due to the large laser power,
which leads to the evaporation of Mn elements during the
manufacturing process. As expected, the Mn content decreases
from 42.52 at% to 41.78 at%, when the laser power is increased
from 150 to 180 W (Table S2, ESI†). This decrease in Mn content
causes the transition temperatures to shift towards higher
values.16 The isothermal entropy changes (DS) are obtained from
the enthalpy changes (DH) and characteristic temperatures of
martensitic transformation (Fig. 2c and Fig. S6, ESI†). The values
of DS remain stable within the range of 26 B31 J kg�1 K�1, which
are significantly higher than Ni–Mn–Cu–Ga (Sn),19,51 Ni–Fe–Co–
Mn–Sn44 and Ni–Mn–Sn–Pd.52 This fully demonstrates the high
reliability of AM in the preparation of refrigeration materials. The
stress–strain curves were obtained through isothermal stress
loading and adiabatic stress unloading at a temperature of
300.5 K (Fig. 2d and Fig. S7, ESI†). The loading strain was
gradually increased in steps of 0.5% until the sample fractured.
The corresponding temperature change, DTad, represents the
average temperature change measured using an infrared thermal
imager (Fig. S8, ESI†). The stress–strain curve exhibits a notably
steep transformation plateau, likely due to inconsistent critical
stresses for martensitic phase transformation caused by complex
microstructures and residual internal stresses. The stress–strain
curves demonstrate complete reversibility when the applied

Fig. 1 (a) XRD pattern and the corresponding Rietveld refinement in
powders. The internal inset shows the bcc unit cell structure of the L21

austenite phase. (b) Powder diameter distribution curve (red) and cumu-
lative diameter distribution curve (blue). The internal image shows a SEM
morphology of the powder. (c) 3D printed samples with length, width, and
height of 15 � 15 � 20 mm3. The samples with different laser powers have
been labeled, and the scanning direction (SD) has been marked with
arrows. (d) Backscattered SEM microstructures are perpendicular to the
SD in the P150 sample.
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strain is less than 2% (Fig. 2d). However, residual strain appears
after unloading when the applied strain exceeds 3%. A residual
strain of about 0.3% was observed after loading to 3% strain, and
then unloading along the SD direction. Although the residual
strain increases with increasing compressive strain, the amount of
increase in residual strain is less than that of the compressive strain.
As a result, more martensite transforms to austenite during rapid
unloading, leading to an increase in elastocaloric temperature
changes with increasing unloading strain (eunloading) as shown in
Fig. 2e. Temperature changes ranging from 4.7 to 6.7 K were
observed after compression along the SD in samples P50–P180. We
further compared the mechanical properties and elastocaloric effects
during compression along the BD direction (Fig. S7 and S8, ESI†).
When loaded parallel to the BD direction, the strain reached only 2%
before the sample fractured. The DTad values ranged from 2.0 to
4.0 K due to the smaller unloading strain compared to compression
along the SD direction. We compare the elastocaloric effects of the
L-PBF Ni–Mn–Sn alloys with that of samples obtained through arc
melting and sintering.43–50 The elastocaloric performance surpasses
that of most heat-treated samples prepared by arc melting and
suction casting, such as Ni50Mn34In15.6Tb0.4,46 Ni50Mn34.8In15.2,47

Ni50Mn18.5Cu6.5Ga25,48 (Ni51.5Mn33In15.5)99.7B0.3,49 Ni42.5Fe1.0Co6.5-
Mn39.5Sn10.5,44 Ni49.9Mn41.3In8.8Fe6

50 and Ni45Mn44Sn11
43 (Fig. 2f).

Our approach requires only one step to achieve a large elastoca-
loric temperature change in bulk alloys without heat treatment in
Ni–Mn-based alloys. This method simplifies experimental proce-
dures and improves preparation efficiency, providing a new alter-
native for further investigations of shape memory alloys.

Now, we aim to understand the impressive elastocaloric
temperature changes achieved with this one-step L-PBF strat-
egy. The grain morphologies were investigated using the lattice
parameters of the powders. The austenite grain morphology
varies across different planes. Elongated grains are observed in
the building-transverse direction (BD-TD) and building-
scanning direction (BD-SD) planes (Fig. 3a and Fig. S9, ESI†).
Combining the alternately arranged equiaxed and columnar
crystals in the TD-SD plane (Fig. 3b), it can be inferred that the
predominant grains in the sample grow as platy and elongated
grains along the building direction. The inverse pole figure
shows a low intensity of texture, indicating a weak h001i texture
along the SD and BD (Fig. 3c). The presence of columnar grains
with preferred orientation can significantly enhance the defor-
mation consistency of the alloy during compression along the
BD and SD simultaneously. Therefore, it enables significant
DTad during compression along the BD and SD. Additionally,
compressing along the SD can effectively suppress grain bound-
ary cracking compared to compression along the BD due to
straight grain boundaries with poor intergranular cohesion.
This results in higher mechanical performance and a greater
elastocaloric effect when compressed along the SD (Fig. 3d).

The elastocaloric effect is closely related not only to phase
constitution, grain morphology- and preferred orientation, but
also to microstructures and defects. Therefore, the distribution
of cracks and pores in the L-PBF samples was analyzed using
micro-CT. Cracks are the main defects for all the L-PBF alloys
(Fig. 3e and Fig. S10, ESI†). The cracks are categorized into

Fig. 2 (a) XRD patterns of the L-PBF samples at room temperature. The diffraction peaks corresponding to austenite (A) and martensite (M). (b) DSC
curves of alloys, (c) enthalpy change (DH) and entropy change (DS) of samples prepared via different laser powers. (d) Stress–strain curves at room
temperature under compression along SD (CD//SD), and corresponding temperature-time curves upon unloading in the P150 sample. (e) The values of
adiabatic temperature change (DTad) with different unloading strains (eunlonding) when compressed along the SD. (f) Comparison of DTad for typical room-
temperature elastocaloric materials prepared by arc-molten and suction casting.43–50
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millimeter-sized cracks (highlighted in red) and micron-sized
cracks (purple/blue). Information on the volume and number of
cracks is summarized in Table S3 (ESI†). More than 99.9% of
the cracks are micron-sized, and importantly, they are discon-
tinuous within the L-PBF alloys. The morphology of the pores is
shown in Fig. 3f and Fig. S11 (ESI†), with most of them being
below 50 mm3 (Fig. S12, ESI†). The predominance of
micrometer-sized cracks and pore defects is crucial for achiev-
ing high relative densities and maintaining good mechanical
properties during the compression process. Plessis et al.53

studied the impact of pore defects on the mechanical proper-
ties in AM Ti6Al4V alloys. They found that fractures almost
always occur at the largest pores (millimeter-sized pores), and
the size of the pores is negatively correlated with yield strength
and ductility. In this work, most of the defects are micron-sized
cracks and voids, therefore high relative densities are achieved
for most of the L-PBF samples. As shown in Table S1 (ESI†), the
relative density of P60–P150 samples is over 95%. The density of
98.20% was achieved in the samples with a laser power of
150 W and a scanning speed of 3000 mm s�1. As expected, the
cyclic fracture stresses (scfs) positively correlate with the relative
densities, illustrating that samples with fewer defects can
withstand greater loading stress. Additionally, the scfs along
the SD are greater than those along the BD. This is because
most of the columnar grains grow along the BD using a linear
scanning strategy. It should be noted that the laser power

should be neither too low (below 50 W) nor too high (above
180 W). Otherwise, millimeter-sized cracks and pores will
dominate the defects, leading to low relative density and
detrimental effects on the mechanical properties and elastoca-
loric effect. A larger elastocaloric effect of 6.7/6.4 K was
achieved in P100/P150 samples compared with P50/P180 samples
(5.1/4.7 K) as shown in Fig. S8 (ESI†).

Finally, the underlying reasons for the appearance of cracks
and pores are explored to optimize the microstructures and
enhance elastocaloric performance in future work. Perpendicular
to the SD plane, a fish scale-shaped melt pool was observed, as
shown in Fig. S13 (ESI†). This wide melt pool morphology is
caused by low laser energy density.54 Meanwhile, cracks extend
along the building direction in the central region of the melt
pool, exhibiting a typical solidification crack morphology. A thin
liquid film forms during the final stages of solidification in the
central region of the weld pool. At this point, the liquid film is
unable to resist the shrinkage stress during solidification, leading
to rupture.55 The cracks were also observed in other areas of the
sample as shown in Fig. 4a. The distribution of crystalline
orientation on both sides of the crack is calculated using the
Euler angle diagram (Fig. 4b). The grain orientation difference
exceeds 501 on both sides of the crack along Line 1, indicating
that the crack follows the direction of the crystal boundary. In
contrast, the deviation angle is less than 11 between the two sides
of the crack along Line 2, indicating that the crack is an

Fig. 3 EBSD mapping of sample P180 in the (a) building-transverse direction (BD-TD) and (b) transverse-scanning direction (TD-SD) planes. (c) The
inverse pole figures show h001i texture along the SD and BD. All the inverse pole figures are plotted with the h001i directions parallel to the SD. (d)
Relative density and fracture stress after cycling loading (scfs) in L-PBF Ni–Mn–Sn alloys prepared with different laser powers. 3D reconstructed
morphology of cracks (e) and pores (f) via Mico-CT in P150 samples. The different colors represent the difference in the volume of cracks and pores.
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intragranular microcrack. Fig. 4c shows the kernel average mis-
orientation (KAM) map which correlates with the accumulation
of residual stress. The high KAM values are detected around
creaks, and thereby cold cracks primarily develop in an intragra-
nular fracture mode along the columnar grains, caused by the
accumulation of residual internal stress during solidification.56

The pore morphology was investigated by optical micro-
scopy and SEM. Millimeter-sized pores in the P50 sample
appear between two adjacent laser passes (Fig. 4d). Some un-
melted particles survived in the pores (the inset of Fig. 4d), as
the low laser energy causes insufficient overlap of the melt
pools. A large number of spherical gas pores are observed in all
samples (Fig. S14a, ESI†). The gas pore morphology is char-
acterized by small size, no un-melted particles and regular
shape. The pore defects with sharp boundaries were observed
in P180 samples. There are irregular particles in the pores (Fig.
S14b, ESI†) resulting from the spattering of metal solutions.
The large pores are caused by high laser power-producing spray
particles, and randomly distributed pore defects are formed
around the particles. These large un-melted pores are detri-
mental to mechanical performance. We thus proposed sup-
pressing the un-melted void defects, and gas pore defects
should also have a narrow size distribution in AM elastocaloric
components. In addition, further refinement of the preparation
process, such as the scanning strategy, laser energy density and
scan spacing, is necessary to achieve microstructures with
stronger textures in columnar grains, lower internal stresses
and fewer defects.

Ni–Mn-based alloys suffer from poor cyclic stability, which is
a common challenge for intermetallic compounds. Recently,
various strategies have been employed to improve the cyclic
stability of alloys, such as texturing polycrystals,57 precipitating

toughening secondary phases at grain boundaries,58 refining
grains to strengthen grain boundaries59 and precipitating nano-
scale phases.60 Laser powder bed fusion AM technology features
extremely fast heating and cooling ramps (B106 K s�1).23 Through
the preparation process and compositional control, it is possible
to simultaneously achieve microstructures with texture, fine
grains and nanocrystals, thereby enhancing the cyclic stability of
elastocaloric effects in 3D-printed components. Enhancing the
cyclic stability of alloys using AM technology has been reported in
the Ni–Ti alloy system. Hou et al.61 designed a NiTi/Ni3Ti nano-
composite structure using AM technology, enabling the printed
NiTi alloy to maintain an adiabatic temperature change of 4.1 K
after over 1 million cycles. Although the numerous crack defects
observed in this work may significantly affect the cyclic stability of
elastocaloric effects, it is anticipated that later adjustments in
composition and preparation processes to avoid cracks while
designing microstructures will be a feasible approach to enhance
the cyclic stability of AM Ni–Mn-based components.

L-PBF Ni–Mn–Sn alloys also exhibit magnetocaloric effects.
The magnetic entropy change (DSM) of the AM Ni–Mn–Sn
sample was calculated from the isothermal magnetization data

using the Maxwell relation62 DSM ¼ m0
ÐH
0

@M

@T

� �
H

dH, where M,

H, T and qM/qT are the magnetization, magnetic-field strength,
temperature and temperature derivative of magnetization,
respectively. Fig. S15a (ESI†) shows the temperature depen-
dence of magnetization. During cooling below TC (286 K), a
martensitic phase transformation occurs simultaneously with
changes in magnetic properties. A 5 T magnetic field drives the
phase transition temperature to shift 5 K to lower temperatures.
The maximum value of DSM is 4.8 J kg�1 K�1 in a field change of
5 T, as shown in Fig. S15c (ESI†). We compared the magneto-
caloric effects of rapidly solidified samples obtained through
direct 3D-printed and melt-spinning methods. The DSM of the
3D-printed samples without heat treatment is smaller than that
of the annealed melt-spun samples (7.2 J kg�1 K�1) in a field
change of 5 T for Ni45Mn44Sn11 alloys.63 The thermal hysteresis
is 14 K as shown in Fig. S15a (ESI†). The magnetic hysteresis
between field-up and field-down processes is also observed in
isothermal magnetization curves as shown in Fig. S15b (ESI†).
Gottschall et al.6 designed a multicaloric system by combining
stress fields and magnetic fields in series using the thermal
hysteresis characteristics of Heusler alloys. This system effec-
tively reduced the volume of the magnet and improved the
mass ratio of the magnetocaloric material to the permanent
magnet. The magnetocaloric, elastocaloric and thermal hyster-
esis characteristics of the L-PBF samples are advantageous for
multicaloric refrigeration system applications.

Conclusions

In summary, Ni–Mn–Sn alloys with a large elastocaloric effect
were directly obtained by rapid solidification in additive man-
ufacturing. By utilizing a rapid scanning strategy, the austenite
phase is directly obtained, and platy and elongated grains grow

Fig. 4 (a) EBSD Euler diagram. (b) The difference in grain orientation
between the two sides of the cracks through Line 1 and Line 2 in Fig. 4a.
(c) KAM image corresponding to the EBSD Euler diagram demonstrates the
distribution of residual stress. (d) The optical microscope image of melt
pools in the P50 sample. The inset image shows a SEM image of pores due
to un-melted powders.
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along the building direction. A density of 98.20% was achieved
in the samples with a laser power of 150 W and a scanning
speed of 3000 mm s�1. The values of entropy change remained
stable in the range of 26 to 31 J kg�1 K�1. When compressing
samples perpendicular to the length direction of grains, more
austenite is transformed into martensite compared to compres-
sing samples parallel to the length direction. This results in a
larger elastocaloric temperature change of 4.7 to 6.7 K upon
unloading. Additionally, the predominance of micrometer-
sized cracks and pore defects is crucial for achieving high
relative densities and maintaining good mechanical properties
during the compression process. A maximum entropy change
of 4.8 J kg�1 K�1 is achieved under the external field change of
5 T. This work confirms the feasibility of directly obtaining
functional phases by controlling the preparation parameters of
additive manufacturing.
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