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valuation of MnO2 polymorphs as
cathode material in lithium-ion batteries†

Wenyu Sun, *ab Christine A. Orme,ab Marcus A. Worsley ab

and Liwen F. Wan *ab

Polymorphic materials, e.g.manganese dioxide (MnO2) exhibit promise in energy storage applications, such

as serving as cathode material for Li-ion batteries (LIBs). The flexibility to arrange the polyhedral building

blocks within their lattice structures allows tunable properties for enhanced performance. In this work,

we carried out first-principles simulations to scrutinize the structural, thermodynamic and kinetic

properties of polymorphic MnO2 during Li-ion intercalation. We explored polymorph-specific metrics in

dictating its overall performance as cathode material in LIBs, such as thermal and mechanical stability

during reversible Li-ion intercalation, achievable energy density, volumetric storage capacity, and Li-ion

mobility. Our comprehensive analyses reveal that there are inherent trade-offs among the evaluated

properties for optimal performance. For instance, tunneled polymorphs such as a and b phases of MnO2

allow fast Li-ion diffusion, yet suffer from limited capacity and strain-induced structural vulnerabilities.

On the other hand, the spinel (l) phase of MnO2 offers a higher voltage window but shows significantly

more sluggish Li-ion transport behavior. Overall, the findings and insights presented in this study will

provide practical guidelines for materials selection and structural engineering of MnO2 polymorphs for

advanced battery applications.
1 Introduction

Manganese oxides (MnO2) with a variety of tunable polymorphic
phases have been broadly used in energy production and
storage applications, such as batteries, supercapacitors and
catalysis, thanks to their earth-abundant, environmentally
friendly nature and low manufacturing cost. Their initial
application in energy storage can be traced back to the
Leclanche' cell in the 1860s, and later advanced to the widely
used 1.5 V Zn/MnO2 alkaline primary cells.1,2 Over the past
decades, driven by high demands of sustainable energy storage
technologies to reduce carbon emission, extensive efforts have
been invested to employ MnO2 in large-scale electrical energy
storage devices such as supercapacitors and rechargeable
batteries.2,3 As shown in Fig. 1, The crystalline phases of MnO2,
although all comprised of interlinked MnO6 octahedra, present
diverse local structural features and can be roughly categorized
into three categories: (i) polymorphs with one-dimensional
tunnels, including a-MnO2 (hollandite), b-MnO2 (pyrolusite),
R-MnO2 (ramsdellite) and g-MnO2 (intergrowth) that features 2
� 2, 1 � 1, 2 � 1, and mixed 1 � 1 and 2 � 1 tunnels,
more National Laboratory, Livermore CA

llnl.gov

e Future, Lawrence Livermore National

tion (ESI) available. See DOI:

4, 8, 2718–2729
respectively; (ii) two-dimensional layered structure as seen in d-
MnO2 (birnessite); (iii) structure exhibiting three-dimensional
pores, such as l-MnO2 (spinel). The distinct crystallographic
features and local bonding characteristics of MnO2 polymorphs
effectively lead to variations in their structural, thermodynamic
and kinetic properties when deployed as cathode material in
lithium-ion batteries (LIBs).4,5 A comprehensive understanding
of the unique attributes of various phases, along with possible
trade-offs between them, is prerequisite for rational design and
engineering of MnO2 to achieve its optimal performance.

Among all the polymorphic phases of MnO2, a-MnO2 is
perhaps the most studied phase as a cation host. For example,
both Ling6 and Tompsett7 have predicted from rst-principles
simulations that the open channels in a-MnO2 would allow
reversible Li-ion intercalation with relatively fast kinetics.6–9

Larger cations, such as K+, and NH4
+ have also been successfully

introduced into the a-MnO2 lattice, which induces additional
stabilizing effects as discussed by Yuan et al.10 and Kempaiah
et al.11 In contrast, early studies raised concerns regarding the
viability of b-MnO2 as an efficient ion conductor, speculating
that its compact structure may limit the number of available
atomic sites for Li-ion insertion and its narrow 1 � 1 tunnels
would hinder Li-ion transport, thereby affecting both the
storage and rate capacities of LIBs when used as active cathode
material.12,13 However, subsequent studies revealed good
cycling performance of b-MnO2.14–16 This was later rationalized
by density functional theory (DFT) simulations performed by
This journal is © The Royal Society of Chemistry 2024
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Fig. 1 Crystal structures of MnO2 polymorphs investigated in this work.
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Wang et al.,17 which showed even lower activation energies of Li-
ion diffusion along the b-MnO2 tunnels as compared to a-
MnO2. Numerous studies have been conducted to investigate
the electrochemical properties of metastable g-,18,19 l-,20–22 and
d-MnO2 (ref. 23 and 24) that were prepared using different
synthetic approaches. Although promising electrochemical
performances have been demonstrated, a fundamental under-
standing of the correlations between local structure, chemistry,
and the electrochemical response of these different MnO2

polymorphs remains lacking. Compared to other polymorphic
phases, R-MnO2 is considerably less studied due to the
synthesis challenges of producing unavoidable inter-grown b-
MnO2, which eventually leads to the formation of g-MnO2.
Nevertheless, recently Gupta et al.25 were able to conduct
a thorough evaluation of the structural, electronic and electro-
chemical properties of R-MnO2 using a combination of experi-
mental and theoretical methods. A signicant voltage decay is
observed with increased lithiation, which is attributed to
specic local Li-ion coordination environments in the R-MnO2

lattice. In this regard, g-MnO2, which presents a complex
intergrowth of MnO6 octahedra, combining structural features
of both b- and R-phases, may offer unique design opportunities
by manipulating the arrangements of its local structural motifs
for optimal performance. Indeed, Gupta et al.26 have demon-
strated successful creation of g-MnO2 microstructures that
incorporate the benets of both b- and R-phases of MnO2

through synthetic control of their phase evolution kinetics.
Unlocking the full potential of highly tunable MnO2 poly-

morphs requires a comprehensive understanding of their
individual physicochemical properties as well as their associ-
ated advantages/disadvantages when used in practical applica-
tions. To this end, a number of previous attempts, either from
experiments27 or simulations,28–30 have been made to compare
some of the distinct properties offered by different MnO2

polymorphs. However, these investigations were oen limited
to specic material aspects such as crystal structure and ther-
modynamic stability. Here instead, we aim for a comprehensive
This journal is © The Royal Society of Chemistry 2024
assessment of the structural, thermodynamic and kinetic
properties of all seven distinct MnO2 polymorphic phases,
including a-, b-, R, g-, d-, 3-, and l-phases, to be used as cathode
material in LIBs. Our results offer valuable insights into mate-
rials selection and rational design of complex microstructures
for optimal performance, especially when considering various
trade-offs among their fundamental physicochemical proper-
ties, such as energy density, Li-ion mobility and large-scale
processability.

2 Methods

Spin-polarized DFT calculations were performed using the
Vienna Ab intio Simulation Package (VASP)31,32 with the
projector-augmented-wave (PAW) pseudopotentials33 that are
truncated at 600 eV. Two different exchange-correlation
approximations were considered and compared, i.e. the Per-
dew–Burke–Erzenhof (PBE) type generalized gradient approxi-
mation (GGA)34 with a Hubbard U correction of 3.9 eV applied to
Mn 3d electrons35,36 and the meta-GGA Strongly Constrained
and Appropriately Normed (SCAN) approximation.37 A bench-
mark study performed by Kitchaev et al.28 highlights the capa-
bility of SCAN functional to accurately predict the formation
energies, band gaps, magnetic and lattice structures of all MnO2

polymorphs. In this work, we also found that the SCAN func-
tional, in comparison to PBE + U, can better reproduce cell
parameters of all MnO2 polymorphic phases and predict their
thermodynamic and electronic properties. Here in the main
text, we present the results calculated by the SCAN functional
and discuss potential discrepancies that may arise when using
the PBE + U approach. Detailed results of the PBE + U calcula-
tions are provided in the ESI (ESI).† All structural optimizations
with no symmetry constraints were performed with a G-centered
k-point grid of sampling densities exceeding 30/a � 30/b � 30/c
in the rst Brillouin zone, and the energies and forces were
converged to 10�6 eV and 10 meV Å�1, respectively. For the
magnetic properties, a number of experimental38–41 and
Sustainable Energy Fuels, 2024, 8, 2718–2729 | 2719
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Fig. 2 Predicted cell volume change (in %) of MnO2 polymorphs
during lithiation. The numbers in the plot represent the volume at full
lithiation relative to the pristine MnO2.
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theoretical28 studies suggest that all polymorphs, except for b-
MnO2, exhibit antiferromagnetic (AFM) ordering in their
ground states. However, during lithiation, the ground-state
AFM ordering of LixMnO2 may be disrupted due to broken
symmetry or local variation in Mn oxidation states. The inter-
play between the magnetic ordering of MnO6 and partial occu-
pancy of Li-ions, especially for low symmetry MnO2

polymorphs, further complicates the calculation of voltage
prole and Li-ion diffusion barriers. To allow systematic
comparison across different polymorphs, in this work, we
constrain the magnetic ordering of all MnO2 phases to the FM
states. To evaluate the kinetic properties of MnO2, the Climbing
Image Nudged Elastic Band (CI-NEB)42 method was used to
determine the transition states during Li-ion migration and to
extract the energy barriers. Supercell structures with cell
parameters of around 1–1.5 nm in each dimension were used to
avoid spurious interactions between the migrating Li-ion and
its periodically repeated images. For all CI-NEB calculations,
single G point k-point was used to sample the rst Brillouin
zone and the energy and force convergence thresholds were set
to 10�5 eV and 5 � 10�2 eV Å�1, respectively.
3 Results and discussion
3.1 Atomic structures of LixMnO2

Table 1 summarizes the lattice parameters and cell volumes of
different MnO2 polymorphs predicted by SCAN and PBE + U (U
¼ 3.9 eV) functionals in comparison with available experimental
values. We note here that relatively large uncertainties may exist
in the experimentally determined cell parameters of d- and 3-
MnO2 due to contamination, such as insertion of undesired
guest species for the case of d-MnO2 (ref. 28) or disordering
caused by thermally activated rearrangements of MnO6 octa-
hedra as seen in 3-MnO2.43 The 3 phase of MnO2 generally
adopts a NiAs-type lattice structure with Mn4+ and vacancies
randomly occupying 50% of all available octahedral sites. For
simplicity, in this work we consider a relatively ordered struc-
ture of 3-MnO2 by removing 1/4 and 3/4 Mn atoms from two
adjacent MnO layers along the c-axis, as suggested by Jiang
et al.44 As shown in Table 1, the SCAN functional can accurately
reproduce the lattice parameters of all MnO2 polymorphic
phases compared to experiments, while PBE + U tends to over-
estimate. Among all MnO2 polymorphic phases considered
here, a-MnO2 exhibits the largest cell volume due to the
Table 1 Predicted lattice parameters and cell volumes of MnO2 polymo
comparison with experimental values (in parenthesis)

Lattice constant (Å)

a a ¼ b ¼ 9.71/9.91 (9.80), c ¼ 2.85/2.93 (2.85)
b a ¼ b ¼ 4.40/4.47 (4.39), c ¼ 2.85/2.95 (2.86)
R a ¼ 2.84/2.92 (2.86), b ¼ 4.62/4.59 (4.49), c ¼ 9.02/9.45 (9.29
g a ¼ 13.68/13.91 (13.7), b ¼ 2.85/2.93 (2.86), c ¼ 4.46/4.55 (4
d a ¼ b ¼ 2.85/2.93 (2.83), c ¼ 4.74/5.27 (uncertain)
3 a ¼ b ¼ 5.54/5.70, c ¼ 8.35/8.54
l a ¼ b ¼ c ¼ 5.68/5.82 (5.67)

2720 | Sustainable Energy Fuels, 2024, 8, 2718–2729
presence of 2 � 2 open tunnels whereas b-MnO2 is the most
compact structure with 1 � 1 narrow tunnels (see structure
representations provided in Fig. 1). Comparing the band
structures calculated using SCAN and PBE + U functional
(Fig. S1 and S2†), PBE + U (U ¼ 3.9 eV) predicts a metallic
structure of b-MnO2 whereas SCAN resolves the semiconducting
nature as has been observed in the experiment. This further
veries that improved predictability can be obtained using the
SCAN functional.

Upon lithiation, the MnO2 lattices tend to expand and the
degree of expansion correlates to their mechanical stability
during reversible Li-ion intercalation, especially for poly-
crystalline samples where considerable amount of stress can
build-up at the grain boundaries leading to delamination,
cracking or breakdown of the entire cathode particles. Here we
track the volume change of MnO2 polymorphs at different
stages of lithiation and plot the results in Fig. 2. As expected,
cell expansions are generally observed in all MnO2 polymorphs
during lithiation, among which b-MnO2 experiences the largest
volume change (over 30%) due to its compact crystal structure
in the pristine phase. The d and l phases of MnO2 exhibit
reasonable volume change (within 10%), signifying improved
stability and resistance to mechanical fatigue during extended
cycling. It is worth mentioning here that the volume of each
rphs using SCAN and PBE + U (U ¼ 3.9 eV) (in italic font) functionals in

Number of formula units Volume (Å3 f.u.�1)

8 33.54/35.88 (34.2)
4 27.68/29.45 (27.8)

) 4 29.69/31.72 (29.8)
.46) 6 8.95/30.68 (29.2)

4 32.99/37.49
8 27.78/30.03
4 32.41/34.89 (32.3)

This journal is © The Royal Society of Chemistry 2024
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Table 2 Predicted theoretical volumetric capacity (mAh cm�3) of all
MnO2 polymorphs when used as cathode materials in LIBs

a b R g d 3 l

1078.1 1205.6 1232.0 1208.2 1294.4 1291.7 1253.3
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MnO2 polymorphic phase does not necessarily increase linearly
with respect to Li-ion content, which is likely due to variations
in the preferred Li-ion intercalation sites at different Li-ion
concentrations as will be discussed below.

The distinct crystal structures of MnO2 polymorphs offer
a variety of Li-ion intercalation sites. Here we surveyed different
atomic sites to accommodate Li-ions (see Fig. S3†), and
compared their relative formation energies as shown in Table
S1.† Jahn–Teller distortion is generally observed, as indicated
by the formation of asymmetrical Li–O bonds at different Li-ion
intercalation sites (see Table S1†). Overall, a-MnO2 presents the
most diverse local environments to accommodate Li-ions owing
to its open 2 � 2 tunnel structure. For example, it has been
observed previously that a Li-ion can occupy any of the 8h, 8h0,
2a and 2b atomic sites within the 2 � 2 tunnel.6,7,9,10 In this
work, we explored additional Li-ion intercalation sites in the 1
� 1 tunnel at the center of four 2 � 2 tunnels (see Fig. S4†), and
found that Li insertion into the 1 � 1 tunnel is energetically
unfavored. Based on full cell relaxation, our results conrm that
the 8h atomic site within the 2 � 2 tunnel is the lowest energy
site to accommodate Li, as also shown in previous studies.6,7

In other polymorphs, two types of lithiation sites are iden-
tied, i.e. the tetrahedral (four oxygen-coordinated Li) and
octahedral (six oxygen-coordinated Li) sites, which either share
the corners or the edges of the MnO6 octahedra. In addition,
two energetically inequivalent octahedral sites (Oct-(a) and Oct-
(b) in b-MnO2, Oct-(d) and Oct-(e) in g-MnO2, see Fig. S3†), with
an energy difference of >100 meV, are also identied in the 1 �
1 tunnels of b- and g-MnO2 due to variations in local geometry
and the electrostatic interactions between the intercalated Li-
ions and surrounding ions. Among all these available atomic
sites for Li-ions intercalation (as summarized in Fig. S3 and
Table S1†), their preferred occupancy varies in different MnO2

polymorphs. For example, in the b-, 3-, and R-phases, the
octahedral sites are energetically more favorable for single Li-
ion intercalation whereas in the l-phase, the tetrahedral sites
are preferred. Interestingly, for the cases of g- and d-phases, the
tetrahedral sites become thermodynamically unstable, and Li-
ions are found to always reside at the octahedral sites, as
shown in Table S1.†

It is further observed that the energy landscape for Li-ions to
occupy these distinct atomic sites varied strongly with respect to
local strain and/or Li-ion concentration. In a-MnO2, the 8h
octahedra sites are always preferred for Li-ion occupancy. Below
the Li : Mn ratio of 0.5 (i.e. x < 0.5 of LixMnO2), up to two Li-ions
occupy the 8h octahedra sites that are far apart within the 2 � 2
tunnel structure. This atomic arrangement, as depicted in
Fig. S4,† effectively draws two corner-sharing MnO6 octahedra
closer in one dimension (either along the a or b-axis), which
induces a volume contraction that cannot be compensated by
expansions in other dimensions. However, at x > 0.5, more than
two Li-ions need to be accommodated in the 2 � 2 tunnel,
causing lattice expansion in both a and b directions and
therefore a signicant increase in cell volume is observed as
shown in Fig. 2. For other polymorphs, the octahedral sites are
generally favored in the fully lithiated state, and the tetrahedral
sites may become favorable at lower Li-ion concentrations, such
This journal is © The Royal Society of Chemistry 2024
as for the cases of 3- and l-MnO2. Due to the preferences of
these site occupancies, various degrees of lattice distortion and
cell volume change are observed. For example, in 3-LixMnO2, Li-
ions all reside at the tetrahedral sites in the 1/4 Mn + 3/4 vac.
layers at x < 0.5, which stretches the cell in the c direction,
leading to signicant volume expansion. At x > 0.5, Li-ions
predominantly occupy the higher symmetry octahedral sites
(see Oct-(a) and Oct-(b) sites for 3-MnO2 in Fig. S3 and S4†),
which stabilize the MnO2 lattice as evidenced by slower evolu-
tion of the cell volume (see Fig. 2) at these high Li-ion concen-
trations. For the case of l-LixMnO2, the tetrahedral sites are also
energetically preferred at x < 0.5, and with increased Li-ion
contents, the octahedral sites become increasingly favorable.
Unlike these relatively compact MnO2 phases, polymorphs
presenting three-dimensional pore structures can offer suffi-
cient space for Li-ion intercalation and thus experience less
lattice distortion and cell volume change. As shown in Fig. 1,
both R- and g-MnO2 feature the 2 � 1 tunnel structure. At low
Li-ion content, each Li-ion occupies a single atomic site within
the 2 � 1 tunnel. Beyond certain thresholds, i.e. 1/2 and 1/3 for
R- and g-phase, respectively, at least two Li-ions must be
accommodated within the same 2 � 1 tunnel. In particular, for
the g phase, Li-ions will begin to occupy the octahedral sites
within the 1 � 1 tunnel once all available sites in the 2 � 1
tunnels are fully occupied, which occurs at x¼ 2/3, and this will
lead to signicant volume expansion as shown in Fig. 2.

The cell volume change of MnO2 during lithiation effectively
denes its theoretical volumetric capacity. In Table 2, we
compare the calculated volumetric capacity of all MnO2 poly-
morphs. Except for a-LiMnO2, most polymorphs possess
a theoretical capacity of 1200–1300 mA h cm�3. The consider-
ably lower volumetric capacity of a polymorph is due to
incomplete occupancy of all available atomic sites in its
spacious 2 � 2 and 1 � 1 tunnels at the stoichiometry of
LiMnO2. If all octahedral sites within the 1 � 1 tunnel are fully
occupied (reaching a stoichiometry of Li1.25MnO2), its theoret-
ical capacity can increase to 1434.1 mA h cm�3, although
constraints apply from the electronic structure perspective.
3.2 Thermodynamic stability and cell voltage

Fig. 3 compares the ab initio energies per formula unit of all
MnO2 and LiMnO2 polymorphs predicted by the SCAN func-
tional. The comparison with the PBE + U calculations is
provided in Fig. S4.† It is found that SCAN and PBE + U in fact
predict different lowest-energy structures of MnO2 polymorphs
(b- and a-phase by SCAN and PBE + U, respectively). Comparing
to existing literature, in which Hatakeyama et al.27 reports the
lowest-energy structure to be b-MnO2, we believe the SCAN
functional is more reliable to predict the energetics of different
Sustainable Energy Fuels, 2024, 8, 2718–2729 | 2721
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Fig. 3 Ab initio energies of different MnO2 and LiMnO2 polymorphs
calculated using the SCAN functional. The dash lines mark the lowest
energies obtained for b-MnO2 and R-LiMnO2.
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MnO2 phases and therefore for the remainder discussion of
their thermodynamic and kinetic properties, we again focus on
the results obtained using the SCAN functional. As shown in
Fig. 3, lithiation changes the relative thermal stability among
polymorphs. For pristine MnO2, the b- and a-phases show high
stability while the l-phase is meta-stable. However, upon full
lithiation, the l-phase exhibits enhanced stability surpassing
that of the b- and a-phases. The R-phase shows high stability in
both charged and discharged states. As detailed in the method
section, we opted to constrain all studied LixMnO2 structures to
the FM electronic states to allow systematic comparison of the
different MnO2 polymorphic phases. To address the potential
implications of this assumption, we compare the electronic
properties obtained for MnO2 and LiMnO2 polymorphs under
the FM and AFM congurations. As shown in Fig. S6,† the AFM
ordering can lead to lower formation energy, up to 0.2 eV f.u.�1

compared to their FM counterparts. The relative stability
remains consistent amongMnO2 polymorphs with both FM and
AFM orderings. The R- and l-phases of LiMnO2 are found as the
most energetically stable among FM and AFM congurations,
respectively.

It is worth noting that Li–Mn intermixing (interchange) can
be common in Li-rich LMO cathode materials due to synthesis
environments and migration of cations during charge/
discharge cycles.45–47 To assess the likelihood of Li–Mn mix-
ing, we calculate and compare the defect formation energy of
Li–Mn exchange in all seven polymorphic phases of LiMnO2. An
exchanged Li–Mn pair within 3 Å distance is placed in the
supercells of LiMnO2 and the results are summarized in Fig. S7
in the ESI.† It is found that by introducing a Li–Mn exchange
defect, the lattice structure of d-LiMnO2 can be further stabi-
lized, which suggests the alternating layer of Li and Mn pre-
sented in d-LiMnO2 are prone to cation mixing, thus making it
more susceptible to irreversible phase transformation during
charge/discharge cycles. All other polymorphs are found to
remain stable in their pristine phases as compared to the
defected phases. It is worth noting that the 3-phase, which is
already disordered, shows the strongest resistance to further
2722 | Sustainable Energy Fuels, 2024, 8, 2718–2729
cation mixing. The cation mixing can also readily occur in the l-
LiMnO2 phase, but energetically less favored in the tunneled
phases (a-, b-, R-, and g-LiMnO2). Although we expect the
stability of such Li–Mn exchange defects and their population
can be modulated by local Li content, our current simulation
results imply that the intrinsically more disordered 3-LiMnO2

can be more tolerable for further structural degradation.
The open circuit voltage (OCV) prole of each polymorphic

phase is derived from the DFT energies obtained for the most
stable congurations of LixMnO2 (0 < x < 1) (see structures in
Fig. S1†). The lowest-energy end-point congurations of MnO2

and LiMnO2 are taken as references to compute the formation
energies (at 0 K) of all intermediate phases using the following
equation:

Ef(LixMnO2) ¼ E(LixMnO2) � xE(LiMnO2)

� (1 � x)E(MnO2) (1)

where E is the total energies computed by DFT. By plotting the
formation energies of LixMnO2 as a function of Li-ion content,
x, a convex hull can be constructed to understand the relative
stability of all intermediate phases. The OCVs can also be pre-
dicted from these thermodynamic data using the following
equation:48

V ¼ EðLix2MnO2Þ � EðLix1MnO2Þ � ðx2 � x1ÞEðLiÞ
x2 � x1

(2)

Fig. 4 renders the calculated formation energy convex hull
and voltage proles of different LixMnO2 polymorphic phases.
We note that because the simulations are performed using the
cells containing different numbers of formula units, as speci-
ed in Table 1, the sampled lithiation ratios (x) vary among
different polymorphs. For the four tunneled structures, i.e. a-, b-
, g- and R-MnO2, the predicted OCV commences at approxi-
mately 3 V, which gradually decreases with increasing Li-ion
content. Among them, a-LixMnO2 exhibits the largest OCV
sweep, over 1 V and R-LixMnO2 shows the most stable voltage
output (2.5–3 V) over the entire range of lithiation, which would
be benecial for achieving an overall higher energy density.
Although our current simulations do not encompass a compre-
hensive sampling of all possible atomic arrangements of Li,
especially at high Li-ion concentrations, the results adequately
capture the experimentally observed trend of voltage decay in a-,
b-, and R-phases of MnO2. More specically, both b and R-phase
show higher discharge capacities than the a-phase owing to
their atter OCV curves, as documented in.49,50 Noticeable drops
in the voltage prole of 3- and l-phases are observed at x ¼ 0.75
and 0.5, respectively, due to the switch of preferred lithiation
sites (from tetrahedral to octahedral as previously discussed),
which is accompanied by signicant energy penalties. Inter-
estingly, the voltage of l-phase is predicted to recover at x > 0.75
owing to the redistribution of Li occupancy in the lattice
structure. For instance, at x ¼ 0.75, one-third of Li-ions occupy
the octahedral sites while the other two-thirds reside at the
tetrahedral sites, leading to a lower symmetry structure with
stronger electrostatic repulsion. This effectively destabilizes the
This journal is © The Royal Society of Chemistry 2024
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Fig. 4 Calculated formation energy convex hull (left) and voltage
profile (right) of each LixMnO2 polymorphic phase.
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lattice structure and results in a noticeable drop in the voltage.
Upon further lithiation to LiMnO2, Li-ions start to migrate to all
octahedral sites, transforming the lattice to a high-symmetry
structure with reduced electrostatic repulsion, which gives rise
to the recovered voltage as shown in Fig. 4.
3.3 Li-ion mobility

In addition to the structural and thermodynamic properties, the
kinetic properties of MnO2 are also pivotal for its performance
as cathode material in LIBs. Here we evaluate Li-ion migration
barriers in different phases of LixMnO2, at both Li- and vacancy-
diluted limits, using the DFT CI-NEB method.42 Based on
specic crystallographic symmetries, distinct Li-ion diffusion
pathways are identied between local minima and the corre-
sponding energy proles are extracted from the NEB calcula-
tions. A continuous Li-ion diffusion network can thus be
obtained by connecting segments of these diffusion pathways.
This journal is © The Royal Society of Chemistry 2024
Various distinct Li-ion diffusion pathway segments are surveyed
and compared to identify the energetically most favorable ones.
A close visualization of all these distinct Li-ion diffusion path-
ways can be found in Fig. 5–11, along with the corresponding
energy barriers calculated at both Li- and vacancy-diluted limits
for different LixMnO2 polymorphs. The relatively open struc-
tures, featuring either the 2 � 2 or 2 � 1 tunnel, generally offer
a higher degree of freedom for Li-ion diffusion due to the
presence of multiple open channels along the tunnel or in the
planes nonparallel to the tunnel direction.

As illustrated in Fig. 5, Li-ion diffusion in a-MnO2 can occur
along the tunnel direction (path 1) or in the plane perpendicular
to it (path 2). At lithium-diluted limit (Li0.0625MnO2), the 8h0 site
is found energetically more stable than the 8h site by 79.5 meV,
at xed supercell dimension during the DFT relaxation. We note
here that the relative energies obtained here with xed cell
dimension are different from the results obtained upon full cell
relaxation where the 8h site is found more favorable. Although
both the 8h0 and 8h are off-centered sites within the 2 � 2
tunnel structure, they provide unique coordination environ-
ments for Li-ions (2-fold vs. 5-fold for the 8h0 and 8h site,
respectively) and due to the low symmetry elements presented
at these Li-ion intercalation sites, their relative stability is very
sensitive to local strain and consequently the simulation
protocols, e.g. supercell size and relaxation scheme. Here for all
CI-NEB calculations, we consider xed cell dimensions and
compare the activation energies for single Li-ion or vacancy
diffusion. We admit that the predicted energy barriers may be
slightly different if using a larger simulation cell or by explicitly
relaxing the local strain induced during Li/vacancy migration,
however, we expect such variation would be small. In this work,
we aim to obtain a comparative understanding of how the
morphological features of MnO2 would affect Li-ion mobility
and what design strategies can be used to selectively enhance Li-
ion diffusivity in the three dimensional structure. As shown in
Fig. 5, based on xed cell relaxation, the activation energy for Li-
ion hopping between the two neighboring 8h0 sites in a-MnO2 is
about 73 meV along the tunnel direction (calculated using the
SCAN functional), which agrees well with a previous study per-
formed using the GGA + U functional,7 and 12 meV along the in-
plane direction. On the other hand, Li-ion migration through
the 8h sites requires an activation energy of 65.7 meV
(Fig. 5(b2)). At vacancy-diluted limit (Li0.9375MnO2), a single Li-
ion is removed from LiMnO2 to create a vacancy, allowing the
lattice to relax into a more stable conguration with all
surrounding Li-ion displaced from the original 8h site to a new
tetrahedral site that is similar to the 8h0 site as identied at the
Li-diluted limit (see Fig. 5(c)), but with shorter Li–O bonds
formed within the tetrahedron. It is found that Li-ions migra-
tion through the two adjacent tetrahedral sites involves passing
through a lower-energy meta-stable 8h site. An energy barrier of
41.3 meV is required for a Li-ion to escape from this local
minimum, which is substantially lower than the value of 0.55 eV
for Li-ion diffusion along the c-axis among the 8h0 sites, as re-
ported by Tompsett et al.7 for a Li0.75MnO2 composition. The in-
plane diffusion of Li-ion between two neighboring 8h sites is
predicted to be extremely sluggish, due to the high activation
Sustainable Energy Fuels, 2024, 8, 2718–2729 | 2723
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Fig. 5 Li-ion diffusion pathways identified at lithium- and vacancy diluted limits (in a-MnO2 and LiMnO2, respectively), with the predicted energy
barriers, Ea, in meV.
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energy required (�516 meV). This implies that Li-ions will
predominantly diffuse within the 2 � 2 tunnel structure at the
vacancy-diluted limit. Overall, we expect sufficient 1-dimen-
sional Li-ion transport in a-MnO2 along the tunnel direction at
both Li- and vacancy-diluted limits. At lower Li-ion concentra-
tions, a spiral-type diffusion pattern, involving simultaneous
diffusion along the tunnel and in-plane directions, may occur
within the spacious 2 � 2 tunnels.

In contrast, Li-ion diffusion in b-MnO2 is mostly restricted
within the narrow 1 � 1 tunnel structure along the c-axis, as
shown in Fig. 6. At the Li-diluted limit (Li0.014MnO2), Li-ion
hopping from one stable octahedral site to the next involves
passing through a meta-stable octahedral site, as shown in
Fig. 6(a). The energy barrier to move a Li-ion from the most
Fig. 6 Li-ion diffusion pathways identified at lithium- and vacancy diluted
barriers, Ea, in meV.

2724 | Sustainable Energy Fuels, 2024, 8, 2718–2729
stable octahedral site to a meta-stable one is about 49.5 meV,
which is dened by the energy of Li-ion at the tetrahedrally
coordinated transition state. At the vacancy-diluted limit, no
meta-stable site is observed along the Li-ion diffusion pathway,
and the energy barrier is found substantially higher than that at
the Li-diluted limit. The formation of meta-stable Li-ion inter-
calation sites at lower lithium concentrations is likely due to the
higher degree of freedom for stretching or rotating that the
lattice can offer to accommodate Li-ion migration. Neverthe-
less, our results imply that although the narrow 1 � 1 tunnel in
b-MnO2 would allow rapid Li-ion diffusion at the highly charged
states, the increased energy barrier for Li-ion migration at the
discharged states will negatively impact its overall rate capacity
and cyclability.
limits (in b-MnO2 and LiMnO2, respectively), with the predicted energy

This journal is © The Royal Society of Chemistry 2024

http://creativecommons.org/licenses/by/3.0/
http://creativecommons.org/licenses/by/3.0/
https://doi.org/10.1039/d4se00279b


Fig. 7 Li-ion diffusion pathways identified at lithium- and vacancy diluted limits (in R-MnO2 and LiMnO2, respectively), with the predicted energy
barriers, Ea, in meV.
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Both R- and g-MnO2 feature a 2 � 1 tunnel structure, pre-
senting a variety of distinct Li-ion diffusion pathways that are
different from those identied in a- and b-MnO2, as shown in
Fig. 8 Li-ion diffusion pathways identified at lithium- and vacancy diluted
barriers, Ea, in meV.

This journal is © The Royal Society of Chemistry 2024
Fig. 7 and 8. At Li-diluted limits (Li0.0208MnO2), a Li-ion prefers
to occupy the octahedral site in R-MnO2 and tetrahedral site in
g-MnO2 within the 2 � 1 tunnel structure. When moving
limits (in g-MnO2 and LiMnO2, respectively), with the predicted energy

Sustainable Energy Fuels, 2024, 8, 2718–2729 | 2725
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Fig. 9 Li-ion diffusion pathways identified at lithium- and vacancy diluted limits (in d-MnO2 and LiMnO2, respectively), with the predicted energy
barriers, Ea, in meV.

Fig. 10 Li-ion diffusion pathways identified at lithium- and vacancy diluted limits (in 3-MnO2 and LiMnO2, respectively), with the predicted
energy barriers, Ea, in meV.
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between these most stable sites, g-MnO2 shows lower activation
energies (100.2 meV vs. 317.9 meV as found in R-MnO2). Upon
reaching the vacancy-diluted limit, Li-ion diffusion occurs
between the two octahedral sites within the 2 � 1 tunnels in
both phases, and the energy barriers are much higher than
those at the Li-diluted limit (505.2 meV and 464.9 meV in R- and
g-LiMnO2, respectively). The energy barriers calculated for Li-
ion diffusion along the 2 � 1 tunnel in R-phase, at both Li-
and vacancy-diluted limits, agree well with the values previously
reported by Gupta et al.25 Similar to the case of a-LiMnO2,
possible Li-ion diffusion pathways nonparallel to the tunnel
direction are also explored (see Fig. 7(b, d) and 8(b, d)). In
general, these pathways show higher activation energies for Li-
ion diffusion and thus are less favorable compared to pathways
along the 2 � 1 tunnel direction in both g- and R-phases. Since
g-phase also presents the 1 � 1 tunnels, Li-ion diffusion along
the 1 � 1 tunnel direction are also examined, which involves
hopping between two octahedral sites as shown in Fig. 8(c and
e). At the Li-diluted limit, sites within the 1 � 1 tunnel are
signicantly less favorable to occupy than those in the larger 2
� 1 tunnels, with an energy difference exceeding 1 eV. Although
these sites offer less energy penalty (162.4 meV) for Li-ions to
move between them, they are less likely to be the dominant Li-
ion diffusion channels. In contrast, at the vacancy-diluted limit,
a single vacancy is found energetically more favorable to reside
within the 1� 1 tunnel than the 2� 1 tunnel by 410 meV, and it
requires less energy to migrate (313.6 meV vs. 464.9 meV).

Overall, although both R and g-phases of LiMnO2 possess
the 2 � 1 tunnel structure, the g-phase offers better Li-ion
transport kinetics, especially at the vacancy-diluted limit,
2726 | Sustainable Energy Fuels, 2024, 8, 2718–2729
which is attributed to the additional diffusion pathway pre-
sented along the 1 � 1 tunnel direction in g-LiMnO2.

For the layered LiMnO2 structures, such as the d- and 3-
phases, Li-ion diffusion predominantly occurs at the inter-
layers. As shown in Fig. 9 and 10, Li-ion diffusion in d- and 3-
LiMnO2 involves moving from one octahedral site to another,
but with distinct local coordination environment experienced at
the transition sites, which ultimately dene the energy penalty
for migration. For instance, in d-MnO2, the transition state
shows a distorted square planar geometry along the single Li-
ion diffusion pathway (Fig. 9(a)) and a well-dened octahedral
geometry for single vacancy diffusion (Fig. 9(b)). The associated
energy barriers are 713.3 meV and 657.3 meV, respectively.

On the other hand, 3-MnO2 exhibits a higher degree of
disorders due to partial (1/2) occupancy of Mn4+ at the cation
sites of the NiAs prototype structure. Here we adopt a high-
symmetry structure as discussed previously and evaluate the
kinetics for Li-ion migration. At the Li-diluted limit, multiple
vacant octahedral sites are identied between the alternating
layers of 3-Li0.021MnO2. Inter/Cross-layer diffusion is found
challenging due to the presence of densely packed MnO6 octa-
hedra across the layers. An energetically feasible pathway for Li-
ion diffusion is to pass through two octahedral sites within the
1/4 Mn + 3/4 vac. layers, which offer more space, as shown in
Fig. 10(a). Along this pathway, a Li-ion moves through a dis-
torted octahedral transition state and a meta-stable tetrahedral
site, with an energy barrier of 550.3 meV. At the vacancy-diluted
limit, a single vacancy also diffuses between the 1/4 Mn + 3/4 Li
layers, with a reduced activation energy of 226.7 meV. Overall,
the d and 3-phases of MnO2 show slower Li-ion diffusion due to
the relatively high energy barriers observed. However, the Li-ion
This journal is © The Royal Society of Chemistry 2024
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Fig. 11 Li-ion diffusion pathways identified at lithium- and vacancy diluted limits (in l-MnO2 and LiMnO2, respectively), with the predicted energy
barriers, Ea, in meV.

Fig. 12 Radar plot comparing performance matrices for all MnO2 and
LiMnO2 polymorphic phases.
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transport kinetics are found less dependent on local Li-ion
concentration, as compared to other polymorphs, especially in
d-MnO2, which is likely due to its unique layered structure that
experiences less three-dimensional distortion during lithiation/
delithiation.

The spinel l-phase of MnO2 has long been considered as
a promising cathode material for LIBs, given its high voltage
and mechanical robustness. However, it suffers from sluggish
Li-ion transport kinetics. As shown in Fig. 11(a), at the Li-
diluted limit, Li-ions primarily diffuse through the tetrahedral
sites that are connected by the meta-stable octahedral sites
within the three-dimensional pore structure. The associated
energy barrier, approximately 500 meV, is signicantly higher
than those observed in the tunnel structures of other poly-
morphic phases discussed above. Moreover, this energy barrier
escalates to 743.1 meV at the vacancy-diluted limit due to the
closure of open channels presented in the original three-
dimensional pore structure (see structure representation in
Fig. 11(b)).

We acknowledge the limitations of our current NBE calcu-
lations, such as the lack of sampling all possible Li diffusion
pathways, especially at intermediate Li concentrations, and the
neglect of temperature effects. To resolve these limitations, we
are developing a machine-learning force eld to model Li-ion
transport in LixMnO2 phases and extract Li-ion diffusivity at
various temperatures. The results and insights obtained from
these calculations will be shared with the community in
a follow-up manuscript.

3.4 Performance metrics

To provide a comparative overview of various MnO2 polymorphs
for LIB cathode applications, we present a radar plot in Fig. 12
based on simulation results discussed in the previous sections.
All metrics are normalized to a scale of 0 to 1, with 0 indicating
the least desirable and 1 representing the optimal. For instance,
a smaller bandgap (normalized to 1) correlates to improved
electronic conductivity (results from detailed band structure
calculations can be found in Fig. S3 in ESI†), while a larger
volume expansion (normalized to 0) during lithiation signies
deteriorated mechanical robustness. The metrics for measuring
thermodynamic stability and Li-ion mobility are based on the
average values derived fromMnO2 and its fully lithiated version,
i.e. LiMnO2. Inherent correlations are found between the
structural features and materials properties:
This journal is © The Royal Society of Chemistry 2024
The a-phase, recognized by its open 2 � 2 tunnel structure,
allows rapid Li-ion transport but at reduced (volumetric)
capacity. In addition, lithiation to the low-symmetry sites
induce local distortion in the tunnel structure, compromising
its structural stability during reversible Li-ion intercalation.

The compact b-phase stands out for its good thermal
stability and electronic conductivity. Surprisingly, the narrow 1
� 1 tunnels are found sufficient for Li-ion transport, however,
large volume expansion is expected upon lithiation, which
makes it susceptible to mechanical failure during operation.

Both R-and g-phases are featured by the 2 � 1 tunnels in
their crystal structures and possess similar material properties.
For example, they both show relatively balanced attributes
across most metrics, with the R-phase being particularly stable
at both charged and discharged states.

The layered d-phase undergoes the least volume change
upon full lithiation, indicating its enhanced mechanical
stability. It also offers the highest Li-ion storage capacity.
However, it suffers greatly from low thermodynamic stability,
electronic conductivity and sluggish Li-ion transport kinetics.

The 3-phase provides high volumetric capacity, but falls
short on thermal stability. It is possible that our current simu-
lation based on a high-symmetry representation of its crystal
structure underestimates its formation energy. During opera-
tion, more disordered structures may emerge with improved
stability due to increased entropy contributions.
Sustainable Energy Fuels, 2024, 8, 2718–2729 | 2727
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The spinel l-phase, featured by the three-dimensional pore
structure, shows the most balanced properties across all
matrices investigated. It has an exceptionally high cell voltage
compared to other MnO2 polymorphs, however, its practical
application is limited by the sluggish Li-ion transport kinetics.

In summary, trade-offs observed among various metrics can
be largely attributed to the structural characteristics of different
polymorphs, specically, the distribution of Mn and Li within
their lattices, which give rise to local variations in Mn–O
hybridization and the resulting electronic response during Li-
ion insertion/extraction. The tunneled structures (a, b, R, and
g-phases) generally allow rapid Li-ion transport, although their
mechanical robustness and storage capacities vary. For
example, the a-phase is structurally more exible due to the
presence of open tunnels, yet suffers from limited volumetric
capacity to store Li-ions. In contrast, the compact beta-phase
can achieve higher storage capacity but is subject to signi-
cant lithiation-induced volume expansion. The l-phase,
distinguished by its three-dimensional pore structure, enables
a more uniform distribution of Li- and Mn- ions, with mini-
mized electrostatic repulsion upon lithiation and thus can
deliver balanced performance matrices, including voltage,
capacity, and mechanical stability. However, once the pores are
gradually lled, sluggish Li-ion transport kinetics can be ex-
pected due to the blocking effects.

4 Conclusions

In this work, we carried out a series of rst-principles calcula-
tion to compare the fundamental physicochemical properties of
various MnO2 polymorphic phases for LIB cathode applications.
While various trade-offs are apparent across the metrics of all
polymorphs, no single polymorph is found optimal to achieve
the desired performance. For example, the a polymorph
potentially offers great rate capacity given its open structure to
facilitate Li-ion transport, however, it under-performs in all
other metrics, such as stability and the energy density that it can
achieve. Conversely, the l-phase excels in several aspects
including cell voltage, mechanical stability, volumetric storage
capacity, and electronic properties. Yet, it faces challenges with
thermal stability and presents less-than-ideal Li-ion transport
kinetics for practical applications. Both g- and R-polymorphs,
with the presence of 2 � 1 tunnels, demonstrate relatively
balanced performance across the assessed metrics. Overall, if
one can combine features of l- and b-phases through structural
engineering, enhanced performance may be achieved.
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